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ABSTRACT

The thesis explores the hydrogen assisted cold cracking in high strength steel weld metal
during flux cored arc welding (FCAW) using a technique involving the deliberate
introduction of hydrogen into the CO; shielding gas. A specific objective was to investigate
weld metal cold cracking susceptibility by development of a research tool which permitted
control over both the weld metal diffusible hydrogen content and the stress applied during

mechanical testing of single bead on plate weld deposits.

The basis for this undertaking is twofold, and stems from the fact that crack mitigating
measures traditionally address cracking in the heat affected zone, although it has been shown
that weld metal hydrogen assisted cold cracking is more likely when strength matching weld
metals are used to join high strength low alloy steels. As a result existing weldability test

methods have a limited ability to simulate weld metal hydrogen assisted cold cracking.

The literature relevant to hydrogen assisted cold cracking (HACC) has been reviewed, and
the current understanding and assertions relating to HACC have been detailed. The primary
findings are that this form of cracking in high strength steel weld metal occurs by localised
plastic deformation, which eventually results in fracture through bands of intense shear. The
increase in alloying elements and the as-cast nature of the weld metal are also recognised as

two key reasons why cracking has migrated from the heat affected zone into the weld metal.

Current welding standards and recognised weldability test methods have also been reviewed
to establish the techniques and engineering guidance available. This review indicates that the
majority of test methods and all of the welding standards are heat affected zone specific A
further revelation is that weldability test methods typically function as a ranking tool and

offer limited scope to serve as a research tool.

The initial experimental investigation of multipass welds in thick plate revealed that the
majority of weld metal cold cracking occurred within 48 hours of weld completion. Crack

detection was also recorded several days after welding had ceased, indicating that the
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diffusion, trapping and stress-strain conditions of solute hydrogen contribute significantly to

crack initiation and propagation.

Self restraint multipass weld techniques were then considered as a means of generating weld
metal hydrogen assisted cold cracking test data. Subsequent research also evaluated tensile
and bend testing to develop cracking in single bead on plate weld deposits. The analysis of
the requirements to generate cracking in both single and multipass welds was then used to
produce a single bead, applied stress test which preferentially targeted the weld metal. The
test methods developed during the experimental phase subsequently allowed manipulation of
the diffusible hydrogen content and the magnitude of the applied stress, which in turn

facilitated weld metal cold cracking under controlled conditions.

The test specimens were produced by depositing high strength ferritic weld metal onto a
strength matched martensitic base material via an automated flux cored arc welding process.
In order to increase the susceptibility to cracking, 2% and 5%H; was deliberately added to the

CO; shielding gas.

Both tensile and 4-point bend testing of single pass weld deposits were evaluated, although 4-
point bending was ultimately selected as the most suitable test method providing preferential
targeting of the weld metal. Standard bead on plate and geometrically modified bead on plate
specimen geometries were employed during testing. These were assessed according to their

functionality, machinability and reproducibility of the results generated.

Rising load and stress controlled test configurations were applied to observe the behaviour of
the weld metal mechanical properties. Although the test configurations permitted close
control over the test variables (hydrogen, stress, microstructure and time), the results
indicated that variations in cold cracking delay times will occur under near identical test
conditions. The variations observed are explained in terms of differences in the transport and
trapping behaviour of hydrogen in the heterogeneous structure of the weld metal.

The inability to generate closely matching cold cracking delay times under matching
conditions suggests that a single time to fracture cannot be realised for the test conditions

employed. It is therefore proposed that a maximum delay time after which fracture will not



occur be used as a research outcome, instead of defining specific or closely matching delay

times.

Metallographic analysis of the test specimens was also conducted to determine the effect of
hydrogen on the evolution of the microstructure and to establish the fracture morphology.
Image analysis revealed that a reduction of non-metallic inclusions occurred during welding
with hydrogen-rich shielding gas. The introduction of hydrogen into the shielding gas also
resulted in a coarsening of the general microstructure, believed to be the product of reduced
acicular ferrite nucleation, allowing individual grains to coarsen without being impeded by

the growth of nearby nucleated grains.

The morphology of the fractures observed under microscopy and their reliance on the
introduction of hydrogen in the shielding gas indicated that the fractures were typical of those
produced under weld metal hydrogen assisted cold cracking conditions. Ductile tearing,
microvoid coalescence, quasi cleavage and cleavage fracture facets were observed along the
fracture path. The cracks were observed to have propagated along both the columnar
solidification structure and along the prior austenite grain boundaries. Microcracks were also
observed on the fracture faces, which are believed to have contributed to the final fracture by
means of crack-linkage. Higher concentrations of impurity elements were also observed on
the boundary along which the cracks had propagated. The typical region from which cracking
would originate was associated with second phase constituents and low grain boundary ferrite

content.

Whilst it was not possible to develop a quantitative test for hydrogen cracking susceptibility;
the reasons for the test variability have been explored and show that the interaction of
hydrogen with microstructural development may play a significant role in WM HACC
susceptibility.
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CHAPTER 1:
INTRODUCTION

Hydrogen assisted cold cracking (HACC) has historically been associated with the heat
affected zone (HAZ) of welds in ferritic steel, but improved steel making processes have
enabled high parent metal strength to be obtained with low alloy levels and reduced
susceptibility to HACC. In contrast, the as-cast nature of the weld metal does not provide the
same opportunity to control the transformation processes, and therefore the microstructure as
precisely as high strength low alloy (HSLA) steels. Therefore in situations where the weld
metal strength needs to match the strength of the parent material the hydrogen assisted cold
cracking problem is been transferred from the heat affected zone to the high strength steel weld

metal (Davidson, 1995; Adonyi, 2000).

This thesis aimed to contribute to the understanding and control of hydrogen assisted cold
cracking (HACC) of high strength ferritic steel weld metal and to develop a test method that
preferentially targets the weld metal, as opposed to the heat affected zone (HAZ). Ideally such
a test method should be capable of quantifying weld metal HACC suceptibility under various

conditions.

Current test methods are limited in their ability to exercise close control over the factors that
govern weld metal HACC, and in particular the inability to control and measure the level of
applied stress (Law et al, 2007). The proposed applied stress test technique was designed to
allow the evaluation of HACC under more precise conditions and lead to a greater
understanding of the mechanisms that cause this dangerous and costly weld metal cracking
phenomenon. Standardisation of the test method should furthermore provide an opportunity to
develop a recognised weld metal specific HACC standard and provide data for ‘safe’ procedure

development.

A specific challenge faced during the welding of ferritic steel is that hydrogen decomposes in
the welding arc, producing hydrogen ions that are easily absorbed into the molten weld pool.

During subsequent solidification, the monatomic diffusible hydrogen is retained in the weld
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metal where it can diffuse through both the weld metal and heat affected zone (HAZ). During
this migratory process, the hydrogen interacts with various microstructural features, such as
vacancies, dislocations, voids, grain boundaries and inclusions (Oriani, 1994). The outcomes of
these interactions are currently perceived to be the premature onset of dislocation motion,
whereby cracking propagates by slip and the formation of microvoids ahead of the crack front
(Lynch et al., 2002; Sofronis et al., 2001; Baskes et al., 1996; and Birnbaum and Sofronis,
1996).

The crack phenomenon that is attributed to the diffusional aspects of hydrogen is referred to as
hydrogen assisted cold cracking and it occurs after the weld metal has solidified and cooled to
ambient temperatures. The cracks may be present in either the HAZ or the deposited weld and

typically occur within 48 hours after welding.

Cracking has also been known to develop several months later (Davidson, 1995; Lancaster,
1999) and is attributed to the time dependant interactions that the diffusing hydrogen develops
with its surroundings. This incubation period before cracking is a typical characteristic of

HACC, which has resulted in the use of the term either cold or delayed cracking being used.

In order to manage the weld microstructure, specific micro-alloying elements are added to the
weld metal and, because of the increased carbon equivalent, the as-cast weld microstructure
and its structural heterogeneity, the susceptibility of the weld metal to HACC has increased
(Davidson et al, 1996). It is also argued that the difference in the austenite to ferrite
transformation temperature of the HAZ and WM has changed, such that the direction of
hydrogen diffusion from the weld metal to the heat affected zone is limited or constrained

(Olson et al, 1997 and Park et al, 2001)

Additionally, the increase in weld metal strength produces greater restraint and a higher
concentration of residual stresses in weld regions, factors that are known to increase the risk of

HACC (Pussegoda et al., 1997).



The susceptibility of a weldment to defects is evaluated through weldability tests, which have
been produced for both the heat affected zone and the weld metal (see Chapter 2, Table 2.3).
Reviews of these test methods have been produced, although they focus predominantly on the
heat affected zone (Yurioka and Suzuki, 1990; Davidson, 1995; Graville, 1995). In addition, a
survey of the literature indicates that the majority of the weldability tests and all current
international standards derived from these tests relate to cracking in the parent HAZ and not to

cracking in the weld metal.

This omission has further been highlighted by a report on the comparison of standardised
methods for the avoidance of cold cracking (ISO/TR 17844:2004) in which weld metal cold
cracking received minimal attention. A result of this disparity is that the weld metal is now
subject to the same procedures developed for the HAZ, and in many instances these procedures

may be over-zealous, thereby increasing the economic cost of welding high strength steels.

According to Law et al., (2007), current weld metal specific tests are constrained in their ability
to isolate and manipulate individual aspects that cause weld metal hydrogen assisted cold
cracking. As an example, the Gapped Bead on Plate (GBOP) test is typically used as a ranking
tool and relies on a groove or a notch to induce artificial stress concentrations in the weld. The
results from this test are analysed on a percentage cracking basis and the stresses required to
produce the cracking cannot readily be determined. The general requirement for a notch or a
groove in the weldability tests further complicates the calculation of stress and also forces

crack initiation and crack growth in predetermined regions.

This reliance on artificial stress concentrations (notches and grooves) may alter the natural path
of the diffusing hydrogen, forcing hydrogen to concentrate in specific regions of the test
material, instead of allowing the constraints of the microstructure being evaluated to dictate the
diffusion path. If close control is required in these tests, variations in placement and the

geometry of the groove will moreover increase the potential to derive non-standardised results.

The underlying theme of this thesis is therefore the development of an un-notched test

specimen that can subsequently be used to quantify cold cracking delay times under controlled
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conditions. The proposed test relies on a load being applied to a welded specimen, which
contains a known quantity of diffusible hydrogen in the weld metal. The hydrogen is
introduced via the shielding gas and the specimen stored in liquid nitrogen to arrest diffusion.
Prior to testing, the specimen is brought to room temperature and mechanical testing

commences with the application of an applied load.

Hydrogen assisted cold cracking should occur in the specimen after the required incubation
time has been met. The incubation time will be dependent on the microstructural features
within the weld metal, the applied load and the speed at which hydrogen diffuses to regions of
elevated stress. Data, such as load, stress, diffusible hydrogen and time, may be collected and
analysed to facilitate quantitative predictions. The conditions required for the onset of HACC

in the high strength ferritic weld metal may subsequently be evaluated.

Quantification of the stress at the crack tip was not sought, but the relationships between the
applied loading conditions and controllable quantities of diffusible hydrogen were investigated.
A single bead on plate welded specimen is produced to serve as a basis for the applied stress
testing. It was required that the test specimen should be notch-free and contain a controlled
level of diffusible hydrogen,. The original proposed test matrix is described and shown

diagramatically below.



Phase 1:

Nondestructive techniques were used to monitor hydrogen assisted cold cracking activity in a
multipass V-groove flux cored weld deposits. The crack activity was evaluated using magnetic
particle inspection, ultrasonic inspection, radiography and the monitoring of acoustic
emissions. The results and experiences gained from this phase provide a background for the

development of a smaller single pass applied stress test.

Phase 2:

This phase investigated the influence of diffusible hydrogen with time on high strength ferritic
weld metal. The research established the degree to which weld metal diffusible hydrogen levels
could be controlled when introduced via the shielding gas. The purpose was to approximate the

diffusible hydrogen (Hp) present in the weld during mechanical testing.

Phase 3:

This phase focused on defining the specimen geometries and the test procedures that may be
used during the applied stress testing. A specific objective was to produce notch-free
geometries that permit preferential targeting of the weld metal. The outcome of this work
provided welded samples that were used to study either the combined effects or individual

aspects that are held responsible for weld metal hydrogen assisted cold cracking.

Phase 4:

This phase included the applied stress testing. Variations in mechanical response and the
cracking delay times were produced by means of deliberately altering the test variables. The
aim was to establish the sensitivity of the proposed test methodology and to establish whether
reproducible and standardised test outcomes can be achieved by monitoring cold cracking

delay times.

Phase 5:
Investigated fracture surfaces, nonmetallic inclusions, austenite grain sizes, chemical

composition and the microstructure of the welds produced under different hydrogen conditions.
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Phase 6:

The final phase was to present a summary of the significant findings and discuss limitations of

the test procedures.

To summarise, the main objectives were to:

1.

1i.

iii.

1v.

Produce un-notched welded specimens that allow preferential targeting

of the weld metal during mechanical testing.

Generate weld metal hydrogen assisted cold cracking through controlled
injection of hydrogen during the welding process and the application of

a stress.

Determine the predictability of hydrogen assisted cold cracking delay

times in the test configurations utilised.

Provide results related to how the introduction of hydrogen into the
shielding gas alters the as deposited high strength ferritic steel weld

metal microstructure

Provide results related to typical and preferential hydrogen crack

initiation and propagation aspects of high strength steel weld metal



These steps are illustrated diagrammatically below:

Susceptible Microstructure|+ Hydrogen + Stress| +|Time| =|Cold Cracking

L J

Evaluate weld metal susceptibility
Initial trial on multipass weld
Hydrogen tuil d-up in multipass weld
High welding restraint
Mondestrtuctive testing

h

Introduce 2% and 5% Hain CO4 shielding gas
Establish accuracy of diffusible hydrogen control
Dretermine influence of atmosphere and storage

Determine HD along length of weld

Dievel op single pass mechanical test specimen

Murmeric modeling

Focus stress onweld metal

Standardize weld cooling rate
standardise welding process

standardise specimen geometty

Keep Ha in welded specimen

standardize weld procedure

Standardise weld cooling regime

store specimens in liguid nitrogen

Produce HACC delay times
selfrestraint

Ezxternal loading

Tensile and bend testing

Wary % Hy in shielding gas
Vary specimen geometry
Wary restraint and strain rate




CHAPTER 2
LITERATURE SURVEY

2.1.1 Hydrogen Entry Due to Welding

The introduction of hydrogen into steel weld metal is attributed to absorption of monatomic
(H) or diatomic (H,) hydrogen that has been liberated from hydrogenous compounds in the
vicinity of the welding arc. Under normal ambient conditions, the diatomic molecule of
hydrogen is too large to diffuse into the metal lattice (Carter and Cornish, 2001). The diatomic
hydrogen molecule must first dissociate into single atoms (H-H) before entry into the metal

lattice , a viewpoint supported by Oriani (1994).

Hydrogenous compounds in the vicinity of the welding arc are numerous and include paint,
corrosion, moisture and grease. Dissociation of these hydrocarbons will therefore occur during
welding, when the extremely high temperature of the arc (in excess of 3000°C) dissociates
molecular hydrogen (H,) into monatomic hydrogen (H). The monatomic hydrogen is then
introduced into the weld pool, where it is eventually retained as a monatomic solute on
solidification (see Figure 2.1). In addition, when hydrogen does enter and diffuse into metals, it
does so as a neutral atom, as the positive nuclear charge will have been neutralised (screened)

by free electrons in the metal (Sasse and Gadgill, 1996).

Due to the thermodynamic driving force required to attain equilibrium, hydrogen will be
attracted to, and driven towards energetically favourable areas within the microstructure.
During this process it will interact with other microstructural features, and it is this migratory
process of the monatomic hydrogen through the matrix (termed hydrogen diffusion), which is
believed to form the basis for HACC (Oriani, 1994). These microstructural features, such as
second phase particles and dislocations, have attractive and repulsive energies associated with
each and in turn produce compressive, shear and tensile stress fields. Oriani also writes that
dissolved hydrogen is believed to change the global and electronic structure of the host metal,
with the expectation that it therefore changes the cohesive forces between the metal atoms.

The consequence is that a decreased effort is then required to cause brittle cracking.



Oriani later argues that hydrogen embrittlement of steels results from the weakening of the Fe-
Fe bond, which causes a lowering of the force needed to propagate a crack (Oriani, 2007). This
weakening of the cohesive strength that exists between metal atoms was first proposed by
Troiano (1960). He expressed the idea that hydrogen dissolved in steel concentrates in regions
of high tri-axial stress, forming higher concentrated solutions of hydrogen in iron than would
normally occur without stress. This will result in a weakening of the cohesive force existing
between metal atoms, thereby facilitating the nucleation of a microcrack within the plastic

enclave.

Tensile forces tend to increase the area around microstructural obstacles, which will therefore
provide more space into which the diffusing hydrogen can migrate (see Figure 2.2).
Thermodynamic evaluations performed by Li et al., (1966) show that a (tensile) positive
hydrostatic component of stress decreases the chemical potential of an interstitial solute,
whereas a negative hydrostatic component of stress increases the chemical potential of the
solute (see Figure 2.2). This means that under equilibrium conditions, when there is uniform
chemical potential, dissolved hydrogen will tend to concentrate on the tensile side of an
obstacle and not on the compressive side. The reasoning is that an increase in stress will lower

the chemical potential in that vicinity, therefore creating attractive interactions.



N
: )] Figure 2.1:
I‘.‘*\J- At A, molecular hydrogen is drawn to the surface.
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1T ki At B, the molecular hydrogen dissociates into atomic
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Figure 2.2 Tensile forces around an obstacle will attract atomic hydrogen.

The “driving force” behind the net movement of dissolved hydrogen down its concentration
gradient is the difference in chemical potential between two areas. The chemical potential of a
system is a form of potential energy related to the structural arrangement of atoms. It describes
how the energy will change when a number of particles are added or removed from a specific
system. Tensile stress will normally decrease the chemical potential, as there already is a force

trying to remove the atomic hydrogen from the system.
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The process in which molecules move from a region of higher concentration to one of lower
concentration is called diffusion. Fick’s Law of diffusion (see Chapter 2.1.5) requires that
particles move from regions of higher chemical potential (higher concentration) to regions of
lower chemical potential. Therefore, in order to achieve equilibrium, atomic hydrogen will
diffuse to areas of high stress, as these areas have lower chemical energy states, i.e., areas of
tensile stress. This demonstrates the implications as far as stressed members are concerned, as
it shows that hydrogen will diffuse to regions associated with increased state of tensile stress or
regions of lower chemical potential. In other words, the diffusing hydrogen will want to

migrate from areas of high concentration to areas of lower concentration.

Lower Stress Higher Stress
Higher Chemical Potential Lower Chemical Potential
Higher Hydrogen Concentration Lower Hydrogen Concentration

Plastic strain fields around discontinuities (i.e. voids, nonmetallic inclusions and grain
boundaries) will also provide areas of reduced chemical potential, favourable to the migrating
hydrogen atom. Under certain circumstances, the hydrogen atom will become trapped around
these discontinuities, which can either ensure a more even distribution of hydrogen or, more
detrimentally, provide a source of hydrogen in regions of high stress. The region in which

hydrogen is trapped will have a lower potential energy than the atoms it traps.

2.1.2 Hydrogen Trapping

At long ranges relative to the atomic spacing, hydrogen atoms will interact with defects in the
crystal lattice through its elastic strain field. At short ranges these interactions become
chemical in nature due to the bonding of hydrogen atoms with other atoms that define the
defect in that locality (Maroef et al., 2002). The distinctions between the various chemical
interactions are complex and local interactions are therefore described in terms of how the
hydrogen atoms bind to the defect — termed its binding energy. The effect of trapping on
hydrogen diffusion will depend strongly on the trap binding energy and the trap density.

The distribution of hydrogen in a steel weld deposit is not homogeneous due to attractive and

repulsive energies exerted upon the mobile hydrogen atom. Hydrogen will not only occupy
11



interstitial lattice sites, but also reside at atomic and microstructural imperfections such as
vacancies, solute atoms, dislocations, grain boundaries, second-phase particles and voids. The
generic term for this phenomenon is hydrogen trapping. The diffusion of H through the lattice
is not believed to follow a constant concentration gradient, meaning that internal lattice
features may act as hydrogen traps, thereby influencing how much of the absorbed hydrogen

eventually effuses out from the metal.

Absorbed hydrogen in the weld metal is characterised by its mobility and classed as either
diffusible hydrogen or residual hydrogen (Maroef et al, 2002). Trapping sites are referred to as
reversible traps and can act as either hydrogen sinks, which capture the hydrogen atoms from
weaker traps, or as hydrogen sources, which deposit hydrogen atoms to stronger traps, if the
binding energy is small. On the other hand, large binding energies give rise to irreversible

(“strong”) traps, which normally will not release hydrogen easily (Eliezer et al, 2006).

The process of trapping and releasing monatomic hydrogen is strongly dependent on the binding
energy involved, and traps are therefore generally classified according to the reversibility of that
specific hydrogen trap site. See Table 2.1. A schematic diagram illustrates the energies relevant to

a hydrogen trap site in Figure 2.3.

Depending on the trap energy, hydrogen residing at traps may either increase or decrease the
solubility and thereby also the apparent diffusivity of hydrogen (Davidson et al, 1996). Traps
will be classified as “irreversible” if they only act as hydrogen sinks and “reversible”, if the
hydrogen can be released from the trap under certain conditions. The characterisation of
“reversible” and “irreversible” hydrogen traps indicates that specific binding/activation

energies and release temperatures are associated with the different types of hydrogen traps.

A trapped hydrogen atom must therefore acquire a substantially larger energy than the normal
lattice migration energy to escape the trap. The mean residence period for a migratory atom
will also be longer in a trap site than in a normal lattice site and the apparent diffusivity is
likely to be less than the lattice diffusivity. Two prominent effects of hydrogen trapping are
therefore to (i) increase the apparent hydrogen solubility and to (ii) decrease the apparent

diffusivity (Krom and Bakker, 2000).
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G, = Lattice Site Energy

Gt = Trap Site Energy

Es = Saddle Energy (energy that influences path of migrating H
atom, activation energy for diffusion)

Eg = Binding Energy (amount of energy that holds atom in trap)

Er = Trap Energy (energy to release H from trap site)

Figure 2.3 Energy levels for normal lattice sites (G) and trapping sites (Gr). The trap energy, Er is the sum
of the saddle energy (Eg) and the binding energy (Eg).

Hydrogen trap sites are typically categorised according to their binding energies, as provided in
Table 2.1. The foundations of hydrogen trap sites and their associated activation energies were
prepared by researchers such as Oriani (1970), Pressouyre and Bernstein, (1979) and Kumnick

and Johnson, (1980).

The role of alloying additions to either delay or advance HACC was presented by Pressouyre
and Bernstein (1979) who pointed out that a high density of fine (TiC) particles with activation
energies greater than 60 kJ/mol can delay hydrogen induced cracking. A low density of
heterogeneously distributed coarse particles conversely accelerated hydrogen-induced
cracking. This suggests that reversible and irreversible hydrogen trapping principles were in

operation in the samples they studied.

The reversible nature of a trap site is also associated with temperature, as an increase in
temperature will potentially transform an irreversible trap into a reversible trap (Pressouyre,
1979). Ultimately the hydrogen atoms are either diffusible hydrogen, hydrogen accumulated
around stress concentrations or trapped hydrogen. The density of hydrogen trapping sites will
further decide the maximum trapped-hydrogen content, and saturation of these traps will imply

that a steady state has been achieved (Asahi et al, 2003). A saturated trap is not therefore
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expected to accommodate more atomic hydrogen, which then allows a certain amount of
hydrogen to diffuse further through the microstructure. Hydrogen trap sites can in effect be
engineered to limit the local accumulation of hydrogen at crack initiation sites (Davidson,
1995; Widgery et al, 2002). These researchers maintain that the increase or decrease in

resistance to HACC will depend on the nature and distribution of these traps.

Through the use of both modern welding techniques and enhanced weld metal metallurgy,
current achievements in high strength steel have reduced the amount of absorbed hydrogen to a
low level. The key focus has been on preventing saturation of hydrogen traps (Olson, 1999).
The focus on correct design and use of hydrogen traps will therefore be capable of suppressing
the diffusion of hydrogen in weld metal, and also promote a more balanced distribution of
hydrogen. Earlier, Olson et al., (1997) argued that the use of efficient trap sites would lead to
the capture of a large portion of hydrogen in the weld metal, thereby immobilising diffusible
hydrogen and preventing it from reaching and accumulating at sites that are more susceptible to
hydrogen cracking.

Oriani (1970) was one of the pioneers to measure the amount and density of traps in metal. He
used this information to determine the extent to which traps inhibit the diffusion of hydrogen
through the matrix and demonstrated that an increase in the density of trap sites will decrease
the amount of hydrogen available for diffusion. The influence of trap types and volume density
of traps have also been examined by Choo et al., (1981), and Lee and Lee (1983). Their
findings agree with Oriani in that an increased volume of traps decreases the amount of

hydrogen available for diffusion.

Pressouyre (1980), however, suggests that an excessive number of trap sites can itself speed up
the process of hydrogen cracking. Research conducted into high strength Cr-Mo steel by
Katano et al., (2001) also provided evidence that hydrogen traps can act as a significant source
of diffusible hydrogen. Their work concluded that trap sites supplied most of the diffusible
hydrogen when the steel was heated to 100°C, although this is typically above the in-service
temperature of ferritic weldments. The diffusible hydrogen content of weld metal will therefore
be affected by the individual binding energies associated with each trap, and the argument has
been advanced that hydrogen traps with binding energies in excess of 60 kJ/mol can potentially
reduce the amount of diffusible hydrogen (Pitrun, 2004). Trap types have been grouped by a
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number of researchers, Pitrun, (2004), Olsen et al., (1997) and Davidson et al., (1996)

according to their binding energies and release temperatures. The traps were categorised into

2 <

“irreversible”, “reversible” and “very reversible” (Table 2.1).

Table 2.1 Hydrogen trap types: relevant binding energies and release temperatures.
Binding Energy Release
HYDROGEN TRAP Temperature
[ka/moll Coc]
Very reversible: .
(Interstitial lattice sites, elastic stress field, dislocations) '
Reversible:
(substitutional atoms, grain boundaries, dislocations, 1736 112 — 270
ferrite / carbide and ferrite / cementite interfaces,
tempered martensite)
Irreversible:
— o 35-112 305 — 750
(Microvoids, Fe,03, Fes04, MnS, Al,O3, or SiO,, TiC, Ce,03)

The research shows that hydrogen trapping plays an important role in HACC, although a
detailed understanding is complicated by the low hydrogen concentrations involved and by the
lack of knowledge concerning the exact distribution of the hydrogen in the weld metal (Gao et
al., 1994). Experimental data provided by Krom et al., (2000) suggest that plastic deformation
increases the trap density. They report, however, that it was difficult to quantify the number of
traps as a function of plastic strain. The assessment of accurate values of binding energies at
different trap sites is further complicated by limitations in experimental methods, especially

when different trap sites are contained within the sample.

The distribution of trap sites around stress concentrations is expected to contribute extensively to
HACC. Gangloff (2003) argued that the trapping of hydrogen combined with a high stress
concentration at a crack tip constitutes sufficient conditions to promote hydrogen embrittlement
through brittle crack propagation. It was also stressed that a high tensile strength and strong
hydrogen trapping frequently accompany each other, because features that strengthen an alloy

often provide effective sites for hydrogen segregation and accumulation.
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Indications of how trapping relates to strained regions have been provided by Sun et al., (1995).
Their work showed two peaks of hydrogen distribution ahead of a crack and they maintain that the
peak nearest to the crack corresponded to the region of maximum strain and the peak further away

corresponded to maximum hydrostatic stress (see Figure 2.4).

It was concluded that the distribution of dissolved hydrogen with two peaks around the crack tip
correspond to the distribution of stress and strain fields, i.e. a stress peak and a strain peak. These
peaks were argued to have been produced due to the interaction of hydrogen with hydrostatic
stress and dislocations respectively. Each of these regions would have presented unique trapping
potentials and may provide a reason why cracks typically propagate from one region of high
hydrogen concentration to another in the vicinity of the crack tip. The latter where voids are likely

situated (Liang et al., 2004).

Maximum Strain

Maximum
. . ——+ Hydrostatic
Stress
Figure 2.4 Research by Sun et al., (1995) showed hydrogen distribution occurs at two peaks in the

vicinity of a crack notch. One peak occurs in the region of maximum strain and one peak
occurs in the region of maximum hydrostatic stress.

The development of high strength steel weld metal inherently contains nonmetallic inclusions and
other features that will act as potential hydrogen trap sites. Recent developments and current
understanding of hydrogen weld metal behaviour are attempting to strike a balance between the
negative and beneficial effects of hydrogen trap sites. The design and use of hydrogen traps to
both suppress the diffusion of hydrogen in weld metal and also to promote a more uniform

distribution of hydrogen in the weld metal is a common goal.
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2.1.3 Hydrogen Transport

Some argue that hydrogen facilitates dislocation motion and crack growth through slip and the
formation of microvoids. This has been shown through microscopic analysis techniques
(Sofronis and Robertson, 2002), which was a continuation of the research performed by
Beachem (1972), Birnbaum and Sofronis (1994), and Lynch (1988). Their results and analyses
have contributed to what is seen as hydrogen enhanced localised plastic deformation. The
belief is that hydrogen induced localised ductile rupture results in the traditional macroscopic

observations of brittle behaviour.

The relationship between hydrogen and localised plastic deformation around the crack tip has
primarily been approached by considering the lattice diffusion of hydrogen and also the role of

dislocation transport of hydrogen (Johnson and Hirth, 1976; Toribio, 1992).

These two main types of hydrogen transport in metals have therefore been investigated and
seek to clarify whether hydrogen transport occurs by random walk lattice diffusion or by
dislocation movement. Two major modes of hydrogen transport are known, and whether they
act independently or in conjunction is still to be established. Literature is available that
supports both the lattice diffusion and the dislocation movement approach (Toribio, 1992; Tien
et al, 1976; Johnson and Hirth, 1976; Toribio and Kharin, 2006). Mechanical testing of welded
specimens should therefore consider how hydrogen influences plastic deformation and how the
subsequent deformation affects diffusion. It will be introduced, in Chapter 2.1.4, that hydrogen
facilitates the creation and the easing of dislocation mobility through the promotion of slip
band formation or strain localisation. The question then remains whether the transport of
hydrogen via dislocation movement can lead to sufficient accumulation of hydrogen to cause

hydrogen assisted cracking.

It is assumed that the speed at which dislocations carry hydrogen is related to the average speed
of the plastic strain rate (Toribio and Kharin, 2006). Tien et al., (1976) reported that dislocation
dragging of hydrogen (where hydrogen atmospheres inhibit dislocation motion) could result in
a significant build-up of hydrogen. The accumulation of hydrogen results from the stripping of
hydrogen from moving dislocations due to the presence of a stronger trap in the immediate

vicinity. Investigations performed by Johnson and Hirth (1976) also confirmed that hydrogen
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could be transported to deposition sites by dislocation dragging. They maintain that hydrogen
can be released from trap sites via normal diffusion or may be released when dislocations

annihilate each other.

Subsequent investigations by Lee and Lee (1983) attempted to answer the question of whether
the dislocation sweep-in of hydrogen (by moving dislocations) can result in the enrichment of
hydrogen at voids and boundaries. Their work involved research into unsaturated trap
interfaces, which simultaneously trap and release hydrogen atoms into the matrix by diffusion.
They concluded that significant enrichment can occur in both low and high hydrogen
diffusivity situations. They maintain that the enrichment is contributed by either dislocation

annihilation processes or by stripping hydrogen atoms from dislocations by internal traps.

2.1.4 Hydrogen - Dislocation Interactions

Under normal circumstances, the stress fields around solute atoms interact with the stress fields
around a dislocation, which leads to an increase in the stress required for the motion of a
dislocation. There are, however, suggestions that the opposite may occur in the presence of
solute hydrogen in the metal lattice, i.e., a decrease in the stress required to move dislocations
eventuates. The reasoning behind this approach takes into consideration material softening in
microscale, which is caused by enhanced dislocation mobility in the presence of hydrogen
(Sofronis et al., 2001). There is also a strong argument to contend that HACC occurs by
localised plastic deformation, which eventually results in fracture through bands of intense
shear (Sofronis et al., 2001; Toribio and Kharin, 2006). In general terms, solute hydrogen can
increase the velocity of dislocations, which may then possibly increase the rate of crack

propagation.

Traditional dislocation theory maintains that high dislocation densities normally encourage
brittle fracture to occur. As dislocations increase in a material due to stresses above the yield
point, it becomes increasingly difficult for dislocations to move because they pile into each
other. An increase in the dislocations at a pile-up will also increase the stress at the leading
dislocation. Materials that already have high dislocation densities will only be able to

accommodate a limited amount of deformation before fracture occurs. The ability of a material
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to deform plastically therefore relies on the freedom of the dislocations to move with little
energy. However, a decrease in the distance that dislocations can travel before pile-up (such as
during strain hardening) will counteract the plastic deformation, reducing deformation, and

encourage the hastening of the fracture process.

Evidence for strain hardening was presented by Dollar and Bernstein (1998) who reported slip
localisation accompanied by an increase in the flow stress. It is also probable that the attributed
increase in flow stress was due to the solid solution strengthening by hydrogen during plastic
deformation. Nibur et al., (2006) used nano-indentation to study the effect of dissolved
hydrogen on the deformation of small volumes of steel. They observed that hydrogen reduced
the energy required to nucleate dislocations, likely due to hydrogen reducing the shear

modulus.

Nibur et al., (2006) found that hydrogen increases slip planarity, which they attribute as the
cause of the increase in the measured hardness (or strain hardening) of the hydrogenated
samples. A conclusion reached was that hydrogen lowers the stress necessary for dislocations
to glide, which agrees with the hydrogen enhanced localised plasticity proposed by Beachem
(1972), Lynch (1979) and Birnbaum and Sofronis (1994).

Slip localisation along with a decrease in the flow stress has also been reported by Zeides
(1986). It is believed that the strain rate used may, however, indicate whether the samples will
either increase or decrease the flow stress, as proposed by Wu and Kim (2003) and Birnbaum
and Sofronis (1994). High strain rates are likely to show a higher macroscopic hardening effect
that arises from dislocation dragging, whereas a smaller extent of hydrogen induced hardening
exists at lower strain rates when the rate of hydrogen diffusion matches that of the moving
dislocations. In other words higher strain rates will not provide sufficient time for hydrogen to
be transported along with the moving dislocations, possibly also reducing the local
concentration of hydrogen in the crack vicinity. According to Birnbaum and Sofronis (1994),
the dislocation velocity is related to the stress by a power law relationship (see Equation 2.1),

and an increase in velocity will be accompanied by an increase in the flow stress.
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L of

T; Flow stress during slip localisation

T, Flow stress during homogeneous deformation

3 . . .
(—ﬁ) Fraction of gauge length where slip is localised

m material dependent term

Usui and Asano (1996) reported an increase in the Young’s modulus in Fe-Cr-Mn austenitic
steels due to the presence of solute hydrogen. They argued that the increase resulted from an
increase in the elastic forces between dislocations, i.e., the increase in flow stress was due to

the anchoring of the dislocations.

It is also possible that the increase in elastic forces between dislocations may have increased
the separation distances during pile-up, but this is in contrast to the work done by Birnbaum
and Sofronis (1996) and Sofronis and Robertson (2002), who showed a decrease in separation
distances between the dislocations at pile-up. These authors are strongly convinced that
hydrogen atmospheres around dislocations change the stress fields around the dislocations.
They believe that hydrogen induces a change in the interaction energy between a dislocation

and other elastic obstacles.

Work by Sirois and Birnbaum (1992) and Birnbaum and Sofronis (1994) proposed a hydrogen
shielding mechanism where hydrogen diminishes the local stress fields from dislocations and
solutes that act as barriers to the dislocation motion. This occurs when the hydrogen atoms
forming Cottrell atmospheres along a dislocation interact with the elastic fields of neighbouring
dislocations. As an example, the shielding will then lead to a reduced repulsion of two edge
dislocations with equal Burgers vectors due to the common Cottrell atmosphere of hydrogen.
Hydrogen shielding of the dislocation strain field therefore reduces the activation energy,

which decreases the stress required to move the dislocation.
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Consequently, hydrogen increases the mobility of dislocations, which will be localised to
regions of high hydrogen concentration and will result in microscale softening. This
microscopic hydrogen induced softening can lead to macroscopic shear localisation and the
fracture surfaces may exhibit a brittle appearance. Closer examination will, however, show
plastic deformation on hydrogen induced fracture surfaces. This was proposed by Beachem
(1972), who was the first to propose that failure occurred by a ductile process, and that

hydrogen enhanced — not retarded — the mobility of dislocations.

Related research has suggested that the presence of dissolved hydrogen decreases both the
Peierls stress and the stacking fault energy (Lu et al 2001). This decrease in Peierls stress is
conceivably due to weakening of the atomic bond strength, as proposed by Lynch (1979,
1988). Evidence suggests that hydrogen atoms diffuse and segregate around and into
dislocation cores, where they find atomic sites that can accommodate their radii. Hydrogen is
attracted to the dislocation cores (Oriani, 1993) where it becomes trapped and subsequently
lowers the core energy (Gao et al., 1994). A strong bond also exists between the dissolved

hydrogen and the dislocation cores.

Experimental observations (Wen et al., 2005; and Sofronis et al., 2005) show that hydrogen
atoms inhibit cross-slip due to this strong binding energy, which is believed to be the result of
the stabilising (hydrogen shielding) effect that hydrogen has on the edge component of mixed

dislocations, therefore inhibiting cross-slip.

The current literature therefore argues for HACC to occur by localised plastic deformation,
which eventually results in fracture through bands of intense shear (Sofronis et al., 2001;
Toribio and Kharin, 2006). In general terms, solute hydrogen can increase the velocity of
dislocations, thereby increasing both hydrogen diffusion to specific trap sites and the rate of

crack propagation.
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2.1.5 Hydrogen Diffusion

The movement of the matter through the material is termed diffusion and is represented by
Fick’s Law (Equation 2.2), which helps to establish the movement of matter from one point to

another in a given time.

z
2—9  COTLEEETLE oottt e aeenn Equation 2.2

Fick’s first law assumes a steady state and the concentration of hydrogen within the diffusion
volume can therefore not change with respect to time. It does not consider trapping effects
and the fact that the gradient and local concentration of the diffusing substance in a material
decreases with an increase in time.

The flux of diffusing hydrogen entering a section with a specific concentration gradient will
be different from the flux of diffusible hydrogen that exits that same section. This difference
must result in a change in the concentration of hydrogen within the section, assuming that no
further hydrogen is produced or consumed in the section. Fick’s Law addresses the change in
concentration gradient and states that the change in the concentration over time is equal to the

change in the flux, so the diffusion (flux) will vary with time.

Equation 2.2 (Fick’s second law) will provide an acceptable approximation only if small
concentrations of the diffusing element are considered, and it is also dependent on the method
by which the diffusing medium is supplied to the substrate (Plecas and Dimovic, 2005). The
as-cast structure of a steel weld is not homogeneous and the diffusion of hydrogen is strongly
influenced by this non-uniform structure. Hydrogen diffusion in welds is not only affected by
the differences of microstructures and dislocation densities, but also by stress and strain fields

within the weldment.

At moderate pressures, the concentration of hydrogen dissolved in solid metals is more
accurately described by Sievert’s Law, which states that the concentration of gas is
proportional to the square root of the partial pressure at any given temperature. In other
words, the amount of dissolved hydrogen in the matrix can be reduced by reducing the partial

pressure of hydrogen. The general assumption is that the approximate equilibrium
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concentration of hydrogen in metals will follow Sievert’s Law. It therefore shows why
hydrogen gas (H;) dissociates into monatomic hydrogen and then passes through the steel
where it recombines to become a diatomic atom again. For equilibrium conditions, Equation
2.3 (below) applies, were [H] is the concentration hydrogen dissolved in steel, C is the atomic
hydrogen concentration on the steel surface, Kq is Sievert’s equilibrium constant and Py, is

the hydrogen partial pressure. Both K4 and C are temperature dependent.

2 [H] = H, and Ecn ™ %
1] [E] L “'EH[TE & P&E and Im - clm."fiﬂ_ﬂ
Dissolved Hydrogen = Constant X o Pavtlal PrOaaure OF Hg oo Equation 2.3

There is the conjecture that a linear relationship exists between the solubility of hydrogen in
liquid iron and the square root of the partial pressure of hydrogen in contact with the liquid
metal. This implies that increasing the partial pressure of the diatomic gas above the melt can
raise the hydrogen in iron alloys. Although Sievert’s Law has been used extensively in
hydrogen permeation experiments, it may not be suited to the conditions created during arc
welding (Gedeon and Eagar, 1990; Mundra and Debroy, 1995; Du Toit, 2001; Al Raisi and
Gardner, 2007). Applying Sievert’s Law under normal welding conditions implies that the
addition of hydrogen to the shielding gas will increase the concentration of hydrogen in the
weld pool. However, at a given temperature only a certain amount of hydrogen can be

absorbed.

The immense energy released by the welding arc and the fact that a plasma is generated will
also influence the way in which hydrogen is introduced into the metal (Gedeon and Eagar,
1990; Mundra and Debroy, 1995; Du Toit, 2001). The conditions pertaining to a welding arc
are very different than those used in equilibrium studies, and uncertainty therefore exists with
regards to Sievert’s constant. Current research is re-evaluating the use of Sievert’s Law, but it
seems that dissolution kinetics may override thermodynamic considerations (Gedeon and

Eagar, 1990; Du Toit, 2001; Kokawa, 2004).
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The absorption of monatomic hydrogen at the liquid/metal interface appears to dominate the
overall transfer of hydrogen from the arc plasma to the liquid metal (McKeown, 1985). On the
other hand, the absorption of hydrogen into the weld pool is dependent on the dissociation of
hydrogen gas, as suggested by Gedeon and Eagar (1990). These researchers redeveloped a
model for the absorption of hydrogen in iron weld metal and proposed that Sievert’s Law
cannot be applied to approximate the concentration of hydrogen in metals during welding. This
is not surprising, as Sievert’s Law only tells us how much hydrogen will dissolve in the liquid
metal. The argument is therefore that during welding, standard equilibrium conditions do not

prevail.

In most welding processes, the weld metal is exposed to a plasma environment, which first
decomposes hydrogenous compounds into molecular hydrogen gas. The gas phase contains
neutral atoms and ions, excited molecules and atoms, and electrons.

Under these conditions, the concentrations of these species in the metal are significantly higher
than those calculated from Sievert’s Law (Gedeon and Eagar, 1990; Al Raisi and Gardner,
2007). The transformation of ordinary molecular species into excited neutral atoms and ions in
the gas phase therefore leads to enhanced solution of the species in the metal (Gedeon and

Eagar, 1990).

The solubility of monatomic hydrogen (H) in the liquid weld metal is different from that of
diatomic hydrogen (H;) due to the difference in atom sizes. Calculations by Gedeon and Eagar
(1990) have shown that the amount of absorbed monatomic hydrogen decreases with an
increase in weld pool temperature. These researchers argue that the absorption of hydrogen is

greater at the edges of the weld pool, than at the centre (see Figure 2.5).

This implies that the majority of monatomic hydrogen absorption takes place at the cooler
edges of the weld pool close to the fusion line. This is in direct contrast to the predictions of
Sievert’s Law, which requires that maximum absorption occur in the high temperature region

of the weld pool directly under the arc (Gedeon and Eagar, 1990).
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Figure 2.5 Theoretical hydrogen absorption of monatomic and diatomic hydrogen as a function across
the weld pool. Absorption of monatomic H is greater at the edges of the weld pool, assuming
dissociation at 2500°C (Gedeon and Eagar, 1990).

The literature reviewed therefore indicates that hydrogen absorption into the weld metal is
complex, and hydrogen diffusion will be a function of several factors. Variations in
temperature and hydrogen distribution across the welding arc are highly likely to influence the
distribution of hydrogen in the weld pool (Li and North, 1992). Stress gradients produced by
nonuniform aspects within the microstructure will also provide a greater driving force in the

form of stress assisted diffusion (Oriani, 1993).
A further important consideration will point towards the role that the specific microstructure

plays in diffusion. The next chapter will therefore review the microstructure of high strength

ferritic weld metal.
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2.2 HIGH STRENGTH STEEL WELD METAL
MICROSTRUCTURE

The aim of the following chapter is to discuss the evolution of typical ferritic weld metal
microstructure and to describe the competing processes involved in the formation of acicular
ferrite (AF), which is now regarded as the optimum microstructure for high strength ferritic
steel weld metal. The underlying competing nucleation paths involve competition between
bainite, which nucleates on the austenite grain surfaces, and acicular ferrite, which nucleates
intragranularly on nonmetallic inclusions. The nucleation of these two products is largely
dependent on the size of the austenite grains and the availability of nonmetallic inclusion
around which the acicular ferrite can nucleate. The relationship between crack
initiation/propagation and specific microstructure will be mentioned in this chapter, but further

analysis will be supplied in the next chapter.

2.2.1 Solid State Transformation

A typical molten steel weld deposit will undergo a number of transformations as it solidifies.
The weld pool will usually commence solidification by (1) the epitaxial growth of elongated
delta-ferrite (9) at the fusion boundary, followed by (2) the inward growth of austenite (y) on
the d-ferrite grain boundaries, and finally by (3) the inward growth of allotriomorphic/grain

boundary ferrite (o) on the y-y grain boundaries (see Figure 2.6).

[\ /Elongated Delta Ferrite

Austenite Grain
@’ ~

#.p-_ T,
Fusion Boundary

Allotriomorphic Ferrite

Figure 2.6 A typical steel weld deposit will undergo two solid state transformations, which start as
elongated 6- ferrite. The austenite would then normally grow along the §- ferrite grain
boundaries and then into the grain.
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Inducing the molten weld pool to solidify directly to austenite by faster cooling has been
proposed (Lord, 1999; Edvardson et al., 1976), but this is deemed undesirable for two reasons.
First, large inclusions tend to become trapped at the advancing solid/liquid interface and they
end up at the columnar grain boundaries, in the part of the weld metal microstructure that
corresponds to relatively brittle allotriomorphic ferrite (Bhadeshia and Svensson, 1993).
According to these authors, the nucleation of d-ferrite before the nucleation of austenite will,
however, reduce the amount of large inclusions at the columnar grain boundaries. The
reasoning is that since the austenite grains grow across the /0 grain boundaries, the large
inclusions will eventually reside within the austenite grains, where they are believed to be less
harmful and may even stimulate the nucleation of acicular ferrite. A second reason given by
Bhadeshia and Svensson (1993) to avoid the direct solidification into austenite relates to the
unwanted segregation of substitutional elements, such as manganese. These elements are
deliberately included in the weld pool to contribute to the strength and toughness of the weld
deposit. Apart from the formation of delta-ferrite and austenite, the three other main ferritic
constituents (Figures 2.7 and 2.8) that subsequently form in the solidified weld metal are
allotriomorphic ferrite, Widmanstitten ferrite and acicular ferrite. Of the three, acicular ferrite
(AF) is favoured in high strength steel weld metal, as it provides optimum weld metal
mechanical properties due to its small plate size, interlocking microstructure and high angle

grain boundaries (Grong and Matlock, 1986; Jin et al., 2003; Thewlis, 2004; Lee et al., 2000.

Figure 2.7 Typical high strength weld metal microstructure containing three variants of ferrite.
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Figure 2.8 Schematic diagram of microstructural evolution in steel welds.

Modified from Bhadeshia and Svensson (1993).

2.2.2 Austenite Grain Size

It is not disputed that both the shape and size of the austenite grains (which develop upon
cooling) are of significant importance in the evolution of the final microstructure. The
influencing factor attributed to the austenite grains is primarily due to the manner in which the

final weld metal microstructure grows from the underlying austenite grains.

The presence of acicular ferrite (AF) is known to correlate with improved toughness (Lee et al.,
2000). It will be covered in more detail further on, although mention has to be made of its
dependence on the presence of nonmetallic inclusions within the austenite grains, from which it
nucleates. Besides the requirement for nonmetallic inclusions, the prior austenite grain size is
argued to be the most critical factor responsible for obtaining a given level of AF content in the
weld microstructure (Basu and Raman, 2002). The understanding is that a minimum and
maximum prior austenite grain size is likely to exist, below and above which formation of
acicular ferrite is not favoured. Although the distribution of fine inclusion particles in the weld
metal refines both the austenite grain size and the final weld metal microstructure (Suito et al.,
20006), finer austenite grain sizes also favour the nucleation of bainite above acicular ferrite

(Bhadeshia and Svensson, 1993; Babu and Bhadeshia, 1991).
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It is therefore argued that smaller austenite grains will increase the number of nucleating sites
for bainite. This increase in nucleation sites stems from the increase in grain boundary surfaces
produced by the smaller austenite grains. An increase in grain boundary surfaces will therefore

increase the opportunities for bainite to nucleate (Figure 2.9).

During welding, coarsening of the austenite grains in the heat affected zone will occur, which
is dependent on the magnitude of the heat input. Increasing the heat input will also increase the
weld metal austenite grain size, which in turn will foster the development of acicular ferrite at
the expense of bainite. However, at very large heat inputs, the cooling rate decreases
sufficiently so that greater amounts of more equilibrium forms of ferrite are obtained with a
corresponding reduction in the amount of acicular ferrite. Higher heat input decreases the
cooling rate of the solidifying weld metal and the weld will therefore spend a longer time at
higher temperatures, leading to a larger austenite grain size. At too high a heat input, there will
also be greater opportunity for inclusions to be absorbed by the slag leading to a drop in the

volume fraction of inclusions.

The austenite grain size and the distribution of the inclusions are both closely associated with
the final acicular ferrite content. In order to nucleate bainite, the austenite grain boundary has
to dominate the transformation of austenite to ferrite, rapidly swamping the interiors of the y
grains with bainite laths. It is the view of Bhadeshia and Svensson (1993) that smaller austenite
grains will not only result in an increase in the number density of grain boundary nucleation
sites for bainite; but they will also amount to a decrease in hardenability, implying a reduction
in alloying content. Intragranular nucleation of ferrite around inclusions is more likely at
larger y grain sizes, which in turn provides favourable conditions for the formation of acicular

ferrite (Figure 2.9).
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Figure 2.9 An illustration of how the austenite grain size will determine whether the microstructure is
predominantly acicular ferrite or bainite. A smaller grain sized sample will have a larger number
density of grain boundary nucleation sites for bainite. A relatively large number density of
intragranular nucleation sites favours a microstructure consisting mainly of acicular ferrite
(Bhadeshia and Svensson, 1993).

2.2.3 Allotriomorphic Ferrite (Polygonal or Grain Boundary Ferrite)

Allotriomorphic ferrite (o) is the first phase to form on cooling below the Aes temperature,
where austenite becomes unstable. Although an excessive degree of allotriomorphic ferrite will
be detrimental to weld metal toughness (Bhadeshia, 1997), some allotriomorphic ferrite at the

prior austenite grain boundaries will assist in the formation of acicular ferrite (Lee et al., 2000).

The allotriomorphic ferrite will compete against the formation of bainite during austenite-
ferrite transformation in which the allotriomorphic ferrite renders the grain boundaries inert to
the formation of unwanted bainite sheaves, which are known to be inefficient crack arrestors
(Bhadeshia, 2001; Lee et al., 2000). The thin layers of allotriomorphic ferrite will therefore
have a beneficial role by removing the austenite grain surfaces as potential nucleation sites for
bainite and subsequently force the microstructural transition from bainite to acicular ferrite
(Babu and Bhadeshia, 1991). Competitive processes are therefore in operation during the

transformation of austenite into to ferrite.
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2.2.4 Widmanstitten Ferrite

There are two types of Widmanstitten ferrite, primary and secondary. Primary Widmanstitten
ferrite grows directly from the austenite grain surfaces and Secondary Widmanstitten ferrite
develops from any allotriomorphic ferrite that may be present in the microstructure (see
Figures 2.10 and 2.13). Although Widmanstitten ferrite can nucleate directly from the

austenite grains, it usually grows from allotriomorphic ferrite.

Primary Ferrite

Austenite Grain

Allotriomorphic Ferrite

Secondary Ferrite

Figure 2.10 Morphology of Primary and Secondary Widmanstétten Ferrite, the latter requiring
allotriomorphic ferrite, which nucleated from the austenite grain boundary.

The formation of Widmanstétten ferrite does not involve the diffusion of substitutional solutes.
It forms by a displacive transformation, usually preceded by a reconstructive transformation
(Jones and Bhadeshia, 1998). Reconstructive transformations are slow; they involve the
breaking of chemical bonds and recombining the atoms into a different crystal structure.
Displacive transformations are fast and involve small adjustments to the crystal structure where
the angles between the atoms may change slightly, thereby deforming the original crystal

structure.

During continuous cooling transformations, excessive pre-emptive formation of Widmanstétten
ferrite prevents the formation of acicular ferrite as illustrated in Fig. 3b. In particular, the
growth rate of Widmanstdtten ferrite increases drastically as the carbon concentration is
reduced (Fig. 2a). At low carbon concentrations, Widmanstitten ferrite plates can grow across

austenite grains in a fraction of a second, and stifle the subsequent formation of acicular ferrite.
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2.2.5 Acicular Ferrite

Acicular ferrite is now a common microstructure observed during the cooling of low alloy steel
weld deposits (Bhadeshia and Svensson, 1993). It is also the preferred microstructure because
it improves cleavage toughness due to the ferrite plates pointing in many different directions,
providing effective crack deflection capabilities (Bhadeshia, 1997). Further beneficial crack
arresting properties are gained due to small grain sizes (typically 1 — 3um) and high angle grain

boundaries (Grong and Matlock, 1986).

According to Bhadeshia (2004), acicular ferrite is intragranularly nucleated bainite and it
therefore forms at a lower temperature when compared with Widmanstétten ferrite. It is current
understanding that acicular ferrite nucleates at the interface of inclusions (Strangwood and
Bhadeshia, 1987, Lee et al., 2000 and Babu, 2004). This intragranular nucleation and growth of
acicular ferrite on or around inclusions (see Figures 2.11 and 2.12) will occur until they are
impinged by neighbouring grains. Due to the geometric randomness of the acicular ferrite
grains and the fact that other AF grains impinge their growth; the final grain size may
potentially be determined by the average spacing between the inclusions from which they

nucleated.

As mentioned previously, a decrease in nonmetallic inclusions density will generally decrease
the austenite grain size and, according to Bhadeshia and Svensson (1993), a reduction in
austenite grain size will often lead to a replacement of acicular ferrite with bainite. Smaller
austenite grains will provide an increase in austenite grain boundaries upon which the bainite
can nucleate. Although there are resemblances with bainite, the major difference between
acicular ferrite and bainite stems from the understanding that acicular ferrite nucleates on
inclusions inside the austenite grains in the form of isolated plates radiating from a point, rather

than the sheaf morphology of classical bainite, which nucleates at the austenite grain surface.
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A number of parameters therefore favour the formation of acicular ferrite over ordinary bainite.
These are: the presence of nonmetallic inclusions; large austenite grain size; and the decoration
of austenite grain boundaries with uniform layers of allotriomorphic ferrite (Lee et al., 2000;
Bhadeshia and Svensson, 1993). There are also two pathways available for the decomposing
austenite:

(1) Fine platelets of ferrite can nucleate along the austenite grain boundaries to form

bainite, or
(i)  The ferrite can grow on/around inclusions inside the austenite grain to form acicular

ferrite.

Figure 2.11 The arrows point towards acicular ferrite nucleated on nonmetallic inclusions.

Figure 2.12 A typical microstructure of acicular ferrite observed under TEM.

In figure 2.12 The acicular ferrite constituent consists of fine ferrite laths or plates and the individual lath contains
a relatively high density of dislocations (Lee et al., 2000).
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Allotriomorphic ferrite

Bainite

Allotriomorphic ferrite

Figure 2.13 The change from a bainite microstructure (A) to one that is predominantly acicular ferrite (B)
induced by the introduction of a thin layer of allotriomorphic ferrite at the austenite grain
boundaries (Bhadeshia and Svensson, 1993).
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2.2.6 Weld Metal Inclusions

The eventual transformation from austenite to acicular ferrite is largely controlled by the size of
the austenite grains and favourable nucleating sites for ferrite, especially acicular ferrite, which, as

mentioned previously, nucleates inside the austenite grains on nonmetallic inclusions.

During solidification, solute atoms are rejected into the liquid, which then changes the
composition of the liquid as it solidifies. This difference in composition (segregation) may under
certain circumstances also inhibit the nucleation of acicular ferrite, since segregation stabilizes the
austenite (Kang et al., 2007). The optimum conditions required for the nucleation of acicular
ferrite appear to point towards the inclusion type and size distribution, which is perceived to be
more potent AF nucleating agents than the total volume fraction of inclusions. This notion was
expressed by Greg and Bhadeshia (1997), as they observed that titanium oxides were particularly

effective in promoting the intragranular nucleation of acicular ferrite.

Attempts to control the content of acicular ferrite in the weld metal have led to the introduction
of welding consumables containing complex deoxidizing alloys (Si, Mn, Al, Ti) and balanced
additions of other alloying elements such as Nb, V, Cu, Ni, Cr, Mo and B. The formation of the
nonmetallic inclusions will typically require a certain amount of oxygen (Harrison and Farrar,
1981; Fleck et al., 1986), although an excess of oxygen will create conditions that will oxidise

the alloying elements into the slag of the weld metal (Bailey, 1994).

Lee et al., (2000) prepared low-carbon steel welds that contained a high density of oxide
inclusions in order to study the effect of inclusion size on the formation of acicular ferrite. A
total of 282 inclusions were observed under TEM and they classified these into two groups, i.e.
non-nucleant and the nucleant (Figure 2.14). Their experimental results showed that the group
of inclusions from which acicular ferrite nucleated was appreciably larger in size compared
with the non-nucleating inclusions, even though the chemical and structural natures appeared
to be the same. A further observation by these authors was that although approximately a third
of the total inclusions contributed to AF nucleation, the inclusions were capable of generating a

weld microstructure that predominantly consisted of acicular ferrite.
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Figure 2.14 Lee et al (2000) classified nonmetallic inclusions into two groups with

regards to acicular ferrite; those that nucleate AF and those that do not.

Earlier work by Ricks et al., (1982) proposed that the energy barrier to AF nucleation at
inclusions will decrease as the size of the inclusion increases to approximately 1pum. The
research by Barbaro et al., (1989) demonstrated that a minimum particle size of 0.4 — 0.6um
was required, while Lee et al., (2000) provided evidence to show that inclusion sizes in the
region of 1 — 1.4pm maximised the probability of acicular ferrite formation (Figure 2.15).
They showed that when the inclusion size is less than 0.2um, the probability for AF nucleation

is nearly zero.
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Lee et al., (2000) further proposed that even if nucleating inclusions were of the same size,
each inclusion will have a different chemistry and therefore a different surface energy. This
local variation in chemistry between the inclusions can subsequently result in varying
nucleation potential, which most likely explains why only 36% of the nucleating type

inclusions contributed to the nucleation of 80% acicular ferrite.

The inclusions studied by Lee et al., (2000) were mostly spherical and had a maximum size of
approximately 3um. Their examination with SEM-EDS has indicated that the inclusions were
rich in O, Si, Mn and Al with a small amount of Ti and S (Figure 2.16). They assumed that the
major metallic elements were combined with oxygen to give a single phase oxide within the
MnO-Si0,—Al,0;. Their analysis showed that all the inclusions, regardless of the size, were

chemically homogeneous and were absent from any chemical segregation.

E! ' T Figure 2.16
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The influence of weld metal inclusions however stem further than just providing nucleation
sites for acicular ferrite. Inclusions can also refine the weld metal microstructure by pinning the
austenite grains and preventing grain growth, known as Zener pinning (Koseki and Thewlis,
2005, Suito et al., 2006). It occurs when small particles hinder the motion of the moving
boundaries (or applying a dragging force) by exerting a pinning pressure. This pinning pressure
will subsequently counteract the driving force attempting to enlarge the austenite grain

boundary.
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The austenite grains form by the transformation of d-ferrite and Zener pinning hinders the path
along which the austenite grains are growing. Zener pinning will not necessarily control the
size of the austenite grains, but will to a certain extent control their morphology. Bhadeshia and
Svensson (1993) maintain that the shape of the pinned austenite grains will give an indication

of how effective the Zener pinning is.

The direct effect of alloying elements on the austenite grain size is also evident, as can be
demonstrated by Equation 2.4 which suggests that a decrease in certain alloying elements will

refine the prior austenite grain size (Bhadeshia and Svensson, 1993).

Ligam) m 64,5 = 445.8(wit%d) + 139(witifl) — 7.6 (wtkMn) 4 L6(Hi kf.mm™)

ceveeeeeeeene.. Equation 2.4
L = predicted columnar austenite grain size
Wt% C = weight percent carbon
Wt% Si = weight percent silicon
Wit% Mn = weight percent manganese
HI = heat input, in kilo Joules per millimetre

If the above equation holds true, then slight reductions in the alloy chemistry may alter the size
of the austenite grains, perhaps also influencing the manner in which the §—y transformation
occurs. Excessive alloying may, however, prevent the formation of allotriomorphic ferrite and
therefore expose the remainder of the austenite grain boundaries to impurity segregation, which
could then lead to intergranular fracture at the columnar austenite grain boundaries (Bhadeshia

and Svensson, 1993).

The intricate relationships between the variables that contribute to the nucleation of AF have
been researched for more than 25 years. Although generalised assertions can be made, subtle
changes (like a variation in shielding gas oxygen content) may significantly alter the AF

content. The nucleation of acicular ferrite is therefore dependent on its ability to compete and
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succeed in the contest to establish specific conditions for its nucleation. These conditions rely
on the availability of nonmetallic inclusions within relatively large austenite grains, which are

themselves decorated with a thin layer of grain boundary ferrite (see Figure 2.17).

Inclusion Effect Grain Size Effect | GB Ferrite Effect

No active inclusions Small Austenite No GB Ferrite
Grain Size
T

Widmanstatten Ferrite
or
Bainite

Large Austenite
Grain Size

Acicular Ferrite

Grain Boundary Ferrite

Figure 2.17 Generalised conditions required for the nucleation of acicular ferrite above the nucleation of
bainite. Modified form Bhadeshia and Svensson (1993).

2.2.7 Austenite Grain Size and Martensite Start Temperature

The austenite grain size and the martensite start temperature are two variables that have a
significant influence on the eventual weld metal microstructure and therefore also the hydrogen
cold cracking resistance. Martensite transformation begins at the martensite start temperature
(Ms), which can vary over a wide temperature range, from 500°C to well below room
temperature, depending on the concentration of austenite stabilizing alloying elements in the
steel (Payares et al., 2008). Rapid cooling is typically required to achieve martensitic
transformation and the cooling must be fast enough to suppress the higher temperature,
diffusion-controlled ferrite and pearlite reactions, as well as other intermediate reactions such

as the formation of bainite.

It is known that the Ms is an alloying dependent parameter and that an increase in alloying
content will shift both the continuous cooling transformation (CCT) and the time-temperature
transformation (TTT) curves to the right. This then corresponds to an increase in hardenability
and typically results in lowering of the martensite start temperature. The cooling rate required
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to form martensite under these conditions will be less severe and it will subsequently increases
the ease of martensite formation. This relationship has been expanded through the work of
Yang and Bhadeshia (2009), who showed that a reduction in Ms also translated into a reduction

in austenite grain size (Figure 2.18).
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Fig. 2.18 The dependence of the
martensite start 0 20 40 60 80 temperature on the austenite
grain size . . according to Yang
and  Bhadeshia Grain size / ym (2009).  The dashed line
represents a calculated curve obtained by fitting experimental data to an equation developed by

these authors

A relationship therefore exists between the weld metal alloying content (hardenability), the
austenite grain size and the martensite start temperature. One would consider that finer
austenite grain sizes have more numerous grain boundaries and may potentially provide
obstacles to the growth of martensite, subsequently lowering the Ms temperature. This,
however, has not been proven as the principle reason behind the relationship seen in Figure
2.18 and the reason(s) why the Ms temperature increases with increasing austenite grain size

remains unclear (Lee and Lee, 2005).

40



Hydrogen atoms have to migrate across austenite, ferrite and martensite during typical cooling
of ferritic weld metal. Austenite is a faced centered cubic structure (FCC) and has high
hydrogen solubility, but a low hydrogen diffusion rate. This is in contrast to ferrite and
martensite, which have orders of magnitude higher hydrogen diffusion coefficients and low
solubility than the austenite (Bollinghaus et al., 1996). Due to these differences in hydrogen
diffusivity, a non-uniform distribution of hydrogen can result across the weldment, depending
on the decomposition behaviour of austenite (Graville, 1990). It has also been believed that a
shift in alloy design of the base metal has reduced the carbon equivalent, which would then
alter the transformation temperatures of both the HAZ and the weld metal, thereby influencing

whether HACC occurs in the HAZ or the weld metal.

The location of cracks in either the HAZ or the weld metal will depend on factors such as the
direction of the principle weld joint restraint forces, hardenability and alloy content of the weld
and parent metals. The martensite start temperature is considered to be an alloying dependent
parameter. According to Park et al., (2001), the transport and trapping characteristics provided
by the weld metal alloy content can then (by means of the Ms) be used as an indicator for
effective transport of hydrogen away from the weld metal. Because the Ms is a measure of the
microstructural evolution of the weld metal, it will also indicate the suitability of the
microstructure for hydrogen transport either into, or away from the weld metal (Park et al,

2001).

This relationship between the global diffusion and distribution of hydrogen in low alloy steel
weld metal during phase transformation was described by Granjon (1971) and Olson et al.,
(1996). When the austenite-martensite transformation in the weld metal occurs at a higher
temperature than the heat affected zone, diffusible hydrogen will segregate in the heat affected
zone, just under the fusion line. This is seen as underbead cracking in high strength steel
weldments. Conversely, when the martensite transformation in the heat affected zone occurs at
a higher temperature than in the weld metal, excessive hydrogen may accumulate in the weld

metal, promoting weld metal cold cracking. This concept is given in Equation 2.5.
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AMs=MwM - MHAZ e Equation 2. 51:

where: AMs = change in martensite start temperature [ °C ]
Mwnm = martensite start temperature of weld metal [ °C ]

Muaz = martensite start temperature of parent metal HAZ [ °C ]

Case (a): if AMg > 0, hydrogen will accumulate in the parent metal HAZ

Case (b): if AMg < 0, hydrogen will accumulate in the weld metal

The lower the My temperature, the more time will be available for hydrogen to reside in the
weld metal. This also means that the available temperature range for effective hydrogen diffusion
and trapping in the martensitic/ferritic phase becomes narrower and the suppression of diffusible
hydrogen content becomes less effective.

As an example, overmatched weld metal (with respect to the base metal) will typically have a
higher alloying content, resulting in a lower martensite start temperature of the base metal. It is
then expected that the austenite phase will retain a higher level of hydrogen, implying that an
enhanced source of hydrogen will be available when the austenite transforms into

ferrite/martensite.

The relationship between austenite grain size, martensite start temperature and the transport
and trapping characteristics of the weld metal, which in turn are also related to the weld metal
alloying content, is therefore expected to be a critical function of the weld metal’s

susceptibility to hydrogen assisted cold cracking.

2.2.8 Acicular Ferrite and Hardenability

It has been proposed that AF is dependent on weld cooling rate, austenite grain size and
hardenability (Abson and Pargeter, 1986; Farrar and Harrison, 1987; Grong and Matlock, 1986
and Kanjilal et al., 2005). The influence of weld metal chemical composition on the formation
of AF has also been established (Farrar and Harrison, 1987 & Liu et al., 1994). Elements such

as C, Mn and Ni increase hardenability and moves austenite transformation start curves to

42



longer times, which increases AF formation. Alloying elements such as S and O move the

transformation curves to shorter times and thereby decreases the AF content.

The work of Kanjilal et al., (2005) set out to predict the acicular ferrite content from
submerged arc welding flux ingredients and plotted the percentage weld metal AF content in
terms of both the carbon equivalent and oxygen content (Figure 2.19). Their results suggest
that considerable scatter will be seen when the carbon equivalent and oxygen content is used to
gauge the % AF in weld metal. The reason for this scatter was attributed to the influence of
other factors, such as inclusion volume fraction, size, composition and intragranular inclusion

density in the weld metal.

= 3
£ 2
= &
3 2
L&) o
(o] (0]
™ ™
] ®
E E
o T
@ @
s =
T T T T T T T
0.15 0.20 0.25 300 400 500 600
Carbon Equivalent (%) Oxygen content (ppm)
Figure 2.19: The effect of carbon equivalent (left) and oxygen content (right) on weld metal acicular ferrite

content (Kanjilal et al., 2005).

An increase in C, Mn and Ni increases hardenability and moves the austenite transformation
start curves to the right, increasing the formation of acicular ferrite. On the other hand, an
increase in S and O moves the austenite transformation curves to the left, decreasing the AF

content (Kanjilal et al., 2005).

A reduction in weld metal inclusions (typically also a reduction in hardenability) without
altering other features, has been stated to result in a change in the microstructure from acicular
ferrite to bainite (Harrison and Farrar, 1981). Experimental results from the work of Kanjilal et

al., (2005) on submerged arc weld deposits however indicated that too high a weld metal
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inclusion content can also reduce the % AF. The inclusions within the y grains will provide
nucleation sites for AF and an adequate inclusion density is required to obtain the acicular
ferrite laths. The toughness of the weld metal will be dependent on overcoming the tendency to
form bainite, or other competing microstructural constituents. This detrimental impact can then
be minimised by alloy design and selecting alloying additions which preferentially promote the
formation of acicular ferrite. These alloying additions will typically be associated with an
increase in hardenability, although it can be argued that sufficient hardenability, rather than

high hardenability will be what is required to optimise the AF content.

2.3 HYDROGEN ASSISTED COLD CRACKING

The entry of hydrogen into metals, the subsequent redistribution of it through the metal lattice
and the importance of stressed regions within the microstructure have been discussed in
previous chapters. This chapter will focus on crack initiation and crack propagation aspects
related to hydrogen assisted cold cracking in high strength ferritic steel weld metal. When
compared with austenitic steels, ferritic steels are characterised by their increased susceptibility
to hydrogen cracking and their faster crack growth rates (Vigilante et al., 1996). This is
attributed to the closely packed body-centred cubic ferritic lattice structure, which allows
greater mobility (lower solubility) of hydrogen atoms when compared with austenitic steels

(higher solubility) of hydrogen.

The welding of modern high strength steels has been approached with great caution since
matching strength weld metal became widely available during the 1980s (Karlson et al., 2004).
One critical issue associated with the increase in weld metal strength is the phenomenon known
as hydrogen assisted cold cracking (HACC). It traditionally occurred in the heat affected zone,
but improved steel making processes and a subsequent reduction in steel hardenability have
resulted in a tendency for HACC to occur in the weld metal, rather than in the HAZ (Trevisan
and Fals, 1999; Davidson, 1995; Vuick, 1993). The increased risk of HACC occurring in the
weld metal component of structural sections is also believed to be a consequence of its as-cast
microstructure, increased alloy content and considerable structural heterogeneity, which arises
from the prominence of nonmetallic inclusions and segregation effects (Davidson, 1995;

Adonyi, 2000).
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Higher strength levels have also resulted in greater restraint and higher levels of residual
stresses being concentrated in weld regions. Weld metal hydrogen assisted cold cracks
commonly run transverse to the welding direction (see Figure 2.20). It is a specific case of
weldment cracking that occurs after the weld metal has solidified and cooled to ambient
temperatures. This is a characteristic feature of HACC as failure generally occurs some time
after completion of the weld. It is therefore also referred to as cold- or delayed cracking. One
very challenging aspect attributed to its delayed nature is that cracking may not be detected
during initial testing procedures, which could result in unsafe operating loads being applied

and/or the initiation of costly in-service repair procedures.

Figure 2.20 Photographs showing typical transverse cracking in high strength multipass flux
cored weld deposits.

2.3.1 Hardness

Even though experience tends to suggest that weld metal (WM) hydrogen cracking also increases
with increasing hardness, it is generally accepted that it is more complex than just using a
hardness indicator to avoid HACC in WM. Research by McParlan and Graville (1976), and
Davidson et al., (1996) has shown that the role of high hardenability is diminished with respect to
cracking in high strength steel weld metal. A general correlation between WM hardness and
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HACC can be useful in providing a rough estimate, though it should be recognised that this

correlation is of lesser significance when compared to HAZ HACC.

Davidson et al., (1996) conclude that hardness per se is not a reliable indicator of HACC
susceptibility, but rather the particular microstructure used to achieve a specific hardness or
strength. Their argument was derived from work performed on high strength steel, using the same
consumable to produce two weld beads with hardness values of 320Hv and 360Hv. The results

revealed that the cracking only occurred in the lower hardness weld deposit (see Figure 2.21).

It is likely that the much higher heat input used to produce the 320Hv weld also produced a less
susceptible tougher microstructure due to the lower cooling rate and possibly larger weld deposit.
The specific influence of hydrogen could not be established, as references to the hydrogen content
in the weld metal studied at various heat input values and preheat values were not disclosed by

these authors
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Figure 2.21 Investigation by Davidson et al., (1996) indicating that higher hardness does not necessarily

equate to cracking. Sample A (320Hv) cracked, while sample B (360Hv) did not crack.

Earlier work by McParlan and Graville (1976) also hinted that hardness can only be used as an

approximate indicator for crack susceptibility. They, however, noted that the correlation was less
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useful for weld deposits that have diffusible hydrogen content less than 10ml/100g of deposited
weld metal, common for current high strength steel weld deposits. Oriani (1994) is of the
viewpoint that on a microscale, a clearer relationship between hardness and crack initiation will
exist. He argues that a local concentration of hydrogen can produce large shear stresses, which
ultimately generate dislocations. Some of these dislocations form entangled arrays that locally
increase the hardness and decrease the diffusion of the hydrogen atoms by trapping. The increased
hardness and an increased concentration of hydrogen locally are then capable of increasing the

likelihood of initiating microcracks.

2.3.2 Incubation Time

Several years ago, Beachem (1961) demonstrated that cracking during Lehigh restraint tests
could be delayed if pre-cracked samples were stored at very low temperatures. This strongly
suggested that the diffusion of hydrogen contributes to the delayed nature of hydrogen
cracking, since the mobility of hydrogen is significantly reduced at low temperatures. The
diffusional behaviour of hydrogen in steel results in an incubation period before the initiation
of cracks. This is primarily due to HACC depending on the atomic transport of hydrogen to the
crack tip. Fracture initiation is therefore regarded as time dependent and a discontinuous

stepped process.

According to Pargeter (2003), the discontinuous process of HACC in part arises from the stress
dependent diffusion characteristics of hydrogen. As the crack propagates, it enters regions of
lower hydrogen concentration and an incubation time is then required for the hydrogen
concentration to increase locally. Lynch (1996) postulates that it occurs due to crack arrests and
propagation. Cracks would propagate when a critical concentration of hydrogen is reached at a
specific distance ahead of the crack tip, and would arrest when the crack runs into regions of

lower hydrogen concentration.

The research carried out by Pargeter (2003) demonstrated that HY-100 (690 MPa YS) steel
showed many instances of measurable delays in both the initiation and growth of WM HAC.

He investigated HACC delay times using conventional carbon manganese and low-alloyed
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high strength steels and observed that newer high strength steels displayed longer incubation
times before crack detection than traditional C-Mn steels. It was proposed that the newer steels
contain more alloying elements than traditional C-Mn steels, and therefore his findings support
the current notion that the increased alloy content present in the high strength WM can act as

hydrogen traps.

2.3.3 Hydrogen - Stress Relationship

Attempts to explain the development of a microcrack will have to consider that cracks on an

atomic scale need to coalesce to form a crack of critical length before it can cause a fracture.

This requirement is given by Irwin’s (1957) stress intensity factor, K, where I = gwma.

This relationship uses the product of the nominal stress (o), crack length (a) and a parameter
that depends on the specimen and the crack geometry (o) to describe the stress distribution

around a flaw.

Hydrogen assisted cracking (HAC) has traditionally been associated with brittle crack
behaviour, although evidence now suggests that it occurs due to localised ductile failure. This
localised crack propagation then leads to a reduction in elongation or the perceived observation
of macroscopic embrittlement (Sofronis et al., 2001; Davidson, 1995). Their mechanism or
reduced ductility on a microscale argues that hydrogen diffuses through the weld and
concentrates around microscopic inhomogeneities, such as voids and inclusions. During plastic
deformation, dislocations are formed that will eventually transport hydrogen to other areas of
relatively high stress via dislocation movement. The material will then be subject to numerous
plastically deformed zones that will result in non-uniformly distributed macroscopic stressed
regions. The microscopic stress will also be higher than the macroscopic yield and crack
propagation will occur via concentrated plastic flow. The overall impact is a decrease in the

macroscopic ductility due to extensive localised plastic deformation.

Sofronis et al., (2001) maintain that dissolved hydrogen induces material degradation, not by

altering the local material deformation mechanism, but rather by intensifying it. This builds on
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the work done several years ago by Beachem (1972), who argued that the essential action of
hydrogen is to diffuse into the lattice ahead of the crack tip and to aid whatever plastic
deformation process the system displays. His work has now become topical, as current
understanding points towards the coupling of crack propagation with hydrogen diffusion
(Toribio and Kharin, 2006) and localisation of macroscopic deformation into bands of intense

shear (Sofronis et al., 2001).

Sofronis et al., (2001) suggest that shear localisation can occur under high hydrogen
concentrations, which arguably leads to the material failing by yielding on a microscale. This
microscale yielding is postulated not to be an indication of the process that occurs
macroscopically. These arguments put forward are thereby linking the decrease in macroscopic

ductility with an increase in localised plastic deformation.

The fracture processes responsible for both HAZ and WM cracking are dependent on the
strength of the steel, the stress state near a crack tip (stress intensity factor) and the
concentration of hydrogen at the crack tip (Yurioka and Suzuki, 1990). Investigations into the
relationship between stress-strain fields and fracture surfaces produced in hydrogen
environments show that non-uniformity of microstructure and subsequent stress-strain
localisation may be important in determining the fracture mode (Gao and Cao, 1998). These
authors investigated the effects of stress-strain fields on fracture surfaces produced in hydrogen
environments. They concluded that the plastic deformation in the vicinity of the crack tip plays

an important role in hydrogen transportation.

Measurements of hydrogen concentrations taken at different locations towards the crack tip
displayed two hydrogen concentration peaks in the vicinity of the crack tip. One hydrogen
concentration peak was attributed to a hydrostatic stress-induced hydrogen accumulation peak
and the other peak was attributed to an accumulation of hydrogen at the crack tip, caused by
the trapping effect of dislocations. Gao and Cao (1998) postulated that these peaks therefore
show the redistribution of hydrogen under the influence of applied loads. Their work showed
that during constant loading tests, crack initiation sites always correspond to the point of

maximum hydrostatic stress, which is located some distance ahead of the notch tip. However,
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for slow strain rate tests, cracking originated at the notch tip, which corresponds to the point of
maximum equivalent plastic strain. The relationship between the critical stress intensity factor

was therefore shown to be different for the two test configurations.

Early research carried out by Beachem (1972) demonstrated that an increase in the stress
intensity factor (due to an applied load) can result in a change of the fracture mode from

intergranular, to quasi cleavage and finally to transgranular microvoid coalescence (MVC).

Beachem explains that the stress intensity is therefore critical in determining which mode of
fracture results and that a very high stress intensity factor can result in a ductile fracture mode.
Vasudevan et al., (1981), Yurioka (1990) and Gedeon and Eagar (1990) have since then

produced experimental evidence to support Beachem’s viewpoint.

Sterjovski (2003) further notes that both transgranular and intergranular fracture can occur by
microvoid coalescence. The voids are formed at regions of localised strain, such as at
inclusions or dislocation pile-ups (Liang et al., 2004) and provide regions for significant
enhancement of hydrogen concentration. The reason for this is believed to be due to the
elevation of both hydrostatic stress and plastic strain in the vicinity of the precipitate, induced

by the lattice misfit strain (Sofronis and Ritchie, 2003).

Modern high strength steel weld metal is characterised by increased strength and toughness,
derived in part from an increase in secondary particles, such as inclusions. These particles act
as hydrogen traps and will increase the stress intensity locally. Lynch et al., (2002) noted that
the main embrittling site is often in the vicinity (a few atomic distances) of the crack tip, during
which crack growth usually occurs predominantly by localised slip. Baskes et al., (1994)
observed hydrogen damage far ahead of the main crack, indicating that a rapid mode of
hydrogen transport was in operation, such as transport by moving dislocations and diffusion

along dislocation cores.

Baskes et al., (1996) mention that the effect of hydrogen degradation was not observable unless
both plastic deformation and hydrogen charging occurred simultaneously, further indicating that

the transport of hydrogen is a key influencing factor. The authors also contend that hydrogen
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enhances the void nucleation rate, which in turn increases the overall crack growth rate. Their
results show that hydrogen induced decohesion takes place at the internal interfaces and that
hydrogen accelerates the fracture process. A close relationship therefore exists between the local
stress field in a metal lattice and the hydrogen concentration at a crack tip. The hydrostatic stress
field at the tip of a crack has also been considered by some to be a major component, if not the
controlling parameter in the hydrogen embrittlement process (Sasse and Gadgill, 1996; Oriani and

Josephic, 1974).

2.3.4 Inclusion Assisted Fracture

WM inclusions are normally smaller than the inclusions in the parent plate, although the weld
metal generally has a larger concentration of inclusions. WM inclusions range from a diameter
of 0.1 pm to 3 um and they influence the microstructural transformation products by aiding
nucleation of acicular ferrite, reducing the grain size and suppressing formation of a brittle
microstructure (Koseki and Thewlis, 2005). However, inclusions can unfortunately also have a
detrimental effect on the toughness of weld metal by providing areas for void nucleation and

subsequent trap sites.

Tweed and Knott (1987) observed cracks, which initiated at inclusions, finding that some
inclusions were themselves cracked. They proposed a model for brittle fracture in weld metal
which argues that deformation is localised within the grain boundary and that dislocation pile-
up and the crack tip stress field then further induce cracking of the inclusions. This process
subsequently leads to crack growth. They also proposed that the size of the inclusion is more of
a problem than the chemistry of the inclusion. Davidson et al., (1996) agrees with this
viewpoint and maintain that the probability of cleavage fracture increases if the inclusions are
larger than 1pum. Cleavage fracture that initiates through the cracking of brittle second phase

particles (such as inclusions and carbides) is illustrated in Figure 2.22.

The above paragraph pertains to brittle fracture, although other fractographic examinations
indicate that crack propagation occurs to a large extent by the linkage of the main crack to

microcracks, which have formed by void coalescence in the plastic zone (Baskes et al., 1994).
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Studies have also shown that hydrogen assisted cracking initiates at second phase particles by
hydrogen induced decohesion, followed by shear localisation (Sofronis et al., 2006). It is now
common to find HACC fracture surfaces in high strength weld metal that display a significant
level of (MVC) microvoid coalescence (Sofronis et al., 2006). This observation is not unusual,
as modern weld metal has high strength and toughness values, directly increasing the stress

intensity factor required to initiate fracture.

The literature indicates that the fracture toughness of high strength steel weld metal is strongly
dependent on the distribution, size and density of inclusions and the fine-scale microstructure
(Maroef et al., 2002). If the inclusions are equi-axed and nucleate voids at low strains, the
volume fraction and spacing of the inclusion distributions will significantly influence
toughness (Garrison and Wojcieszynski, 1998). Other work by Blackburn et al., (1999) focused
on grain refinement and showed that a large volume fraction of inclusions is responsible for
limiting the extent of toughness that can be achieved in modern weld metal. They argue that an
increase in the number and size of the voids surrounding the inclusions will have the potential
to provide sources for crack formation. Furthermore, these voids have a beneficial effect due to

their ability to attract hydrogen, acting as hydrogen trap sites.

Nagumo and Matsuda (2002) agree that the constraint of plastic deformation at voids and
inclusions is likely to determine the susceptibility to hydrogen-related failure induced by strain
concentration, as much of the localisation of the strain is expected to occur around voids and
inclusions. It is understood that the hydrostatic stress around inhomogeneities (voids and
inclusions) lowers the chemical potential and attracts the hydrogen atoms. The hydrogen atoms
then take up residence in the vicinity of these features, increasing the onset of further localised

yielding and possible fracture.
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As pointed out previously, the presence of hydrogen in solid solution also decreases the
barriers to dislocation motion, therefore increasing the amount of deformation that occurs in a
localised region adjacent to the fracture surface. Ductile crack growth is then further promoted
by an increase in dislocations and by decreasing the volume fraction of inclusions, i.e.,
decreasing the distance between the inclusions. Both factors facilitating the linkage of voids.
Fine second-phase particles, such as inclusions, can therefore initiate voids ahead of the
advancing crack tip and the crack will then propagate by the linkage of these voids as

illustrated in Figure 2.22(a).

Void linkage Void Formation

Crack tip

()
Figure 2.22 Diagram showing an advancing fracture through the stress field generated by a crack tip (a)

void formation and void linkage at small particles, such as inclusions,(b) cleavage of particles
and (c) intergranular fracture (adapted from Sterjovski, 2003).
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2.4 HYDROGEN ASSISTED COLD CRACKING
MECHANISMS

No single, concrete, mechanistic explanation of hydrogen cracking is available, even though
several HACC mechanisms (and their variants) have been proposed (Sofronis and Robertson,
2002; Baskes et al., 1996). What follows is therefore a summary of the most widely used
theories, together with a brief synopsis on their suitability for high strength ferritic weld metal.

Concluding remarks in relation to WM HACC will be made in Chapter 2.4.8.

2.4.1 Planar Pressure Theory

The planar pressure theory (Zapfe and Sims, 1941) suggests that high pressure is created by
hydrogen gas in the voids, thereby causing fracture. This theory is based on the decrease in
solubility of hydrogen as the temperature is lowered and it is postulated that atomic hydrogen
re-associates into diatomic hydrogen in pores and microvoids. This then increases the pressure

to very high values and adds to the externally applied stress.

2.4.2 Adsorption Theory

This mechanism is attributed to Petch and Stables (1952) and argues that hydrogen acts like an
acid and lowers the free surface energy, which holds the atoms together. It proposes that
hydrogen adsorbed onto the internal surfaces of cracks or voids will decrease the surface
energy and allow a crack to grow under a lower applied stress. Adsorption of hydrogen atoms
at the crack tip leads to the weakening of interatomic bonds, which in turn facilitates
dislocation injection from the crack tip. The crack subsequently grows by slip and formation of

microvoids.
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2.4.3 Hydrogen Enhanced Decohesion

Bastein and Azou (1952) proposed that the movement of dislocations carries along hydrogen
atoms during plastic deformation, where dislocation pile-ups at structural defects produce an
over-saturation of hydrogen. Troiano (1962) added to this and argued that hydrogen interacts
with dislocation pile-ups in areas of tri-axial stress, thereby lowering the cohesive strength. The
interaction of hydrogen with the dislocations ahead of the stress concentration is postulated to
be sufficient to cause fracture if the concentration of hydrogen reaches a certain level.

Oriani (1972) added to Troiano’s initial theory and proposed that hydrogen damage occurs
when the tensile stress at the crack tip exceeds the maximum local atomic cohesion strength,
which has been lowered by the presence of hydrogen. In the hydrogen enhanced decohesion
(HEDE) scenario, hydrogen accumulates at trapping sites, such as voids, cracks and interfaces
where it subsequently reduces the bond strength. The regions where damage occurs are located
ahead of the crack tip surface where tensile stresses are maximized. This theory therefore
considers that there is a critical hydrogen concentration for the occurrence of brittle fracture

and that dissolved hydrogen decreases the cohesion forces that exist between atoms.

2.4.4 Hydride Induced Embrittlement

Brittle cleavage-like fracture associated with stress-induced hydride formation is one of the
established hydrogen embrittlement mechanisms. Hydrogen accumulation is believed to
promote a local concentration of hydrides, assisting the generation of stacking faults and also
an increase in stress. Subsequently under increased stress, crack propagation will occur by the

successive formation of crack fronts (Torres et al., 2002).

The nucleation and growth of a hydride field ahead of a crack has been dynamically observed
by several researchers (Varias and Feng, 2004; Teter et al., 2001). Their investigations revealed
that the hydrides first nucleated in the stress field associated with a crack. The crack then
propagated, not by the growth of individual hydrides, but by the nucleation and growth of new
hydrides in the stress field of others cracks, demonstrating that the small hydrides coalesced to
form larger hydrides. The metal hydrides are not only brittle and less dense than the metal

matrix, but precipitate at dislocations, grain boundaries and other defects (Louthan, 1987).
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2.4.5 Microplasticity Theory

Beachem (1972) reasoned that the absorption of hydrogen will enhance the ease of dislocation
motion and/or dislocation generation. The belief is that the distribution of hydrogen will be
non-uniform and may over-concentrate in certain regions. During an applied stress, the flow
stress in these regions (on a microscopic level) will be reduced, resulting in localised
deformation which leads to a highly localised ductile failure, therefore leading one to believe
that the fracture is brittle by nature.

Beachem proposed that microplasticity governs what happens at the crack tip, rather than an
embrittlement process. His mechanism allows for hydrogen ahead of the crack tip to assist
whatever microscopic deformation the microstructure will allow. He reasons that intergranular,
quasi cleavage and microvoid coalescence are all possible fracture modes, which can be
associated with HACC. The different fracture modes will further be a function of the

microstructure, crack tip stress intensity and the hydrogen concentration.

Other researchers have also experimentally validated the argument that several types of
fracture mode can be associated with HACC (Vasudevan et al., 1981; Yurioka and Suzuki,
1990). Beachem’s model therefore unifies several theories and the basic hydrogen-steel
interaction appears to point to an easing of dislocation motion or dislocation generation, or a
combination of both. This postulation is supported by observations that atomic hydrogen
decreases the friction between dislocation movement on slip planes and therefore causes
movement within the lattice. The crack formation mechanism in this case is thought to be

microvoid coalescence or simply a dislocation avalanche (Gedeon and Eagar, 1990).

2.4.6 Adsorption Induced Localised Slip Model

Lynch (1988) also proposes a localised plastic deformation mechanism but supports the
injection of dislocations from the crack tip, thereby promoting the coalescence of cracks with
voids ahead of an existing crack front. The overall result is also a process of plastic flow,
similar to what was proposed by Beachem (1972) and Birnbaum and Sofronis (1996), but one
governed by the injection of dislocations from the crack tip. The adsorption of hydrogen atoms
at the crack tip will result in weakening of the interatomic bonds, thereby facilitating

dislocation injection from a crack tip. The crack subsequently grows by slip and the formation
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of microvoids. Lynch (1988) states that segregation of impurities, such as phosphorus, to prior-
austenite grain boundaries will most likely increase the susceptibility to HACC by promoting
intergranular fracture. The impurities can weaken interatomic bonds at the crack tip, facilitating
decohesion or the creation/movement of dislocations. Lynch (1988), however, warns that the
explanations for the observed effects of microstructure on the susceptibility to HACC are
generally speculative, as he believes that microstructures and fracture paths are not
characterised in sufficient detail. He also states that it is often difficult to compare the results of

different researchers due to different measures used in assessing the susceptibility to HACC.

2.4.7 Hydrogen Enhanced Localised Plasticity (HELP Model)

This theory also assumes that hydrogen facilitates dislocation motion and crack growth by slip
and the formation of microvoids. Using modern high image microscope analysis techniques
(Sofronis 2001) and the work of Beachem (1972), Birnbaum and Sofronis (1994) and Lynch
(1988) have contributed to what many current researchers refer to as the Hydrogen Enhanced
Localised Plasticity (HELP) Model. It argues for a hydrogen induced localised ductile rupture
process, which results in the traditional macroscopic observations of brittle behaviour. As with
the decohesion model, the HELP model requires the accumulation of hydrogen in a stress field,

i.e., in the vicinity of the crack tip or in the vicinity of a dislocation.

During dislocation movement (induced by an external stress), the atomic hydrogen eases the
dislocation movement by shielding the stress fields of the dislocations against each other, as
well as against other imperfections. The shielding will lower the local yield stress, resulting in
the dislocation movement occurring at low levels of shear stress. This will lead to microcracks
that were caused by the formation of microvoids and the shearing action of dislocation
movement. The macroscopic ductility is therefore limited due to the onset of extensive

localised plastic deformation, a viewpoint that may be counter intuitive.
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2.4.8 Comment on HAC Mechanisms

Of the several suggestions for hydrogen cracking, Barnoush and Vehoff (2008) suggest that the

three mechanisms listed in Table 2.2 dominate the observed effect of hydrogen on steels.

Table 2.2 Dominating hydrogen embrittlement mechanisms

1 Hydride Induced Embrittlement (Second Phase Mechanism)

2 Hydrogen Enhanced Decohesion (Brittle Fracture)

3 Hydrogen Enhanced Localised Plasticity ( Ductile Fracture)

The definition of HACC operating as a “brittle fracture” is historically based on the observed
loss of macroscopic ductility (e.g., decrease of reduction in area and elongation). Beachem’s
theory on microplasticity (1972) was therefore one of the pioneers to argue for plastic
behaviour at the crack tip, prior to the observed loss of macroscopic ductility. This idea has
since then received more credence primarily due to research performed on hydrogen-

dislocation interactions.

Baskes et al., (1996) pointed out that hydrogen carried along by moving dislocations enhances
both the dislocation mobility and the tendency for further dislocations to form. They proposed
that the creation of new dislocations will then in itself create a path for additional rapid

hydrogen transport.

The research of Sofronis et al., (2001, 2002, 2003) provided evidence that solute hydrogen
certainly enhances the mobility of all dislocation types (edge, screw, mixed and partial
dislocations), which occurred in a wide range of metals and alloys with different crystal
structures. Their work using an in-situ transmission electron microscope to observe
deformation and fracture of samples in an environmental cell supported the HELP model as a
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failure mechanism for a large number of pure metals and alloys. The investigation they
performed on the effect of hydrogen on crack growth proved that adding hydrogen gas to the
environmental cell gave rise to the spawning and increase of dislocations velocities. Removal
of hydrogen from the cell resulted in the converse being observed as dislocation motion ceased
to occur. This research subsequently validated the arguments put forward by Baskes et al.,

(1996).

Lynch et al., (2002) provided a comprehensive overview of the different mechanisms attributed
to hydrogen assisted cracking in non-hydride forming materials. The overall conclusion
reached is that the HACC process is often a combination of the various mechanisms. In the
systems where synergistic interactions between mobile dislocations and trapped or transported
hydrogen occur, hydrogen directly modifies the dislocation character and behaviour,
introducing or excluding specific slip systems (slip plane and direction). This in turn promotes
shear localisation (Sofronis et al., 2001). The localised plastic deformation therefore enhances
localised fracture and also has the ability to mimic apparent brittle cleavage fracture.

Synergistic interactions of various processes therefore have to be assumed to explain the
observed effects of hydrogen. The generality of this effect is explained through the presence of
hydrogen atmospheres around dislocations and elastic obstacles, which decreases the
interaction energy between them. The effect manifests itself as a reduction in the applied stress
required to move dislocations in the presence of solute hydrogen, which subsequently causes

localised deformation. This in turn results in localised failure through plastic processes.
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2.5 WELD METAL HACC TEST METHODS

There are a wide variety of test techniques that have been used to characterize the susceptibility
of materials to hydrogen assisted cold cracking. The tests generally determine a critical heat
input, preheat or interpass temperature at which HACC will potentially be avoided. Several
reviews of these test techniques have been performed and they are mostly geared towards both
older steel types the heat affected zone (Viyanit and Boellinghaus, 2004; Yurioka and Suzuki,
1990; Davidson, 1995 and Graville, 1995). A few tests have been developed to include weld
metal cold cracking and a list of commonly applied HAZ and WM tests are presented in Table
2.3 below. The highlighted rows emphasize the tests which were specifically produced for the

WM and these are described in more detail further in the text.
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A traditional approach has been to evaluate the material’s susceptibility via either an externally
loaded or a self restraint test configuration (Figures 2.23 and 2.24). Self restraint tests rely on
the stresses developed during shrinkage, thermal contraction and transformational stresses in
the weldment to facilitate the crack process, while the application of an external load allows
enhancement of the crack process, thereby generating cold cracking sooner than what would
have been possible during self restraining conditions. The application of an external load is
often achieved by a rising load or by specifying a maximum load that the specimen can be
subjected to. The externally loaded test permits calculation of load independent of other test

variables.

Table 2.3 A listing of the various test methods which emphasises cracking in the parent metal HAZ or the
WM (from the work of Pitrun, 2004).

Weld | Weld

TEST HAZ Metal | Pass
Reeve restraint cracking X S
Non-restraint fillet X S
Tekken (Y groove) X S
Controlled thermal severity (CTS) X S
Implant X S
Tensile restraint cracking (TRC) X S
Longitudinal bead - tensile restraint X S
(LB-TRC)
Longitudinal restraint cracking X S
Lehigh (U groove) restraint cracking X X S
Lehigh (slot grove) restraint cracking X X S
Welding Institute of Canada (WIC) X S
Rigid restraint cracking (RRC) X SIM
H slit restraint cracking X SIM
Gapped bead on plate (G-BOP) X SM
Cruciform X M
Cranfield X M
V groove weld X M
Circular patch (BWRA) X X M
Notes:
S =single pass
M = multiple pass
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2.5.1 Longitudinal Bead Tensile Restraint Cracking Test (LB-TRC)

This test method was developed by Matsuda (1979) to evaluate the extent of cracking that
occurres after a load is applied along the longitudinal direction of a weld bead. The test
requires that a single weld bead be deposited into a “U groove,” after which a predetermined
constant longitudinal load is externally applied (Figure 2.23). It is designed to evaluate the
relationship between time to fracture, fracture stress and the level of diffusible hydrogen in the
welding consumable. Welds are then ranked according to the critical stress at which cracking

occurs.

The information derived from this test is valuable, although challenges lie in the machining of
the test samples and the requirement to have access to a horizontal uniaxial tensile testing
apparatus. The longitudinal restraint WM crack test, which is also included in Table 2.3, is
similar to the LB-TRC in geometry. The key difference is that it could also be used as a self
restraint test. Both these restraint crack test can be used as multipass tests, where “strong
backs” are used to stiffen the weld preparation. The test pieces are then either sectioned or

radiographed a certain time after the weld has been completed.

Tensile
Load

Restraining
Welds

Figure 2.23 The Longitudinal Bead Tensile Restraint Cracking Test requires the deposition of a single
weld bead into a groove, after which a tensile load is induced.
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2.5.2 Gapped Bead on Plate Test

According to Graville and McParlan (1974), the G-BOP test method (Figure 2.24) was
primarily used to assess the welding consumable’s susceptibility to cold cracking. It differs
from the LB-TRC and the longitudinal restraint WM crack test because a single weld bead is
deposited on top of S0mm thick base material, and not in a groove. The deposited weld bead
traverses a gap of specified width and the subsequent stress is created by contraction of the
weld. No external load is applied. After 48 hours, the weld is heat tinted and forcibly fractured.
The fractured surfaces prior to heat tinting will be then be discoloured, provided that a surface
breaking crack was present. The fractured welds are then investigated and ranked according to

the incidences, size and density of cracking.
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Figure 2.24 A typical G-BOP configuration used to test for weld metal hydrogen assisted cold cracking.
In this image, a weld is deposited over a 0.75mm gap which acts as a large stress
concentration, assisting initiation of transverse weld metal (Pitrun, 2004).

The GBOP test is a self restraint test and is reliant on a gap at the root to increase the stress
intensity. Disadvantages of self restraint tests are that they do not have the capacity to readily
determine the stress at which cracking occurs, and that incubation periods ranging from 12-48
hours is typically required before sectioning or investigation via nondestructive means is
performed. The GBOP tests is also known to be unconservative if low hydrogen levels are

present in the deposited weld metal (Olson, 1999). This factor may limit their effectiveness if

63



used on modern high strength weld metals, which commonly have low diffusible hydrogen
designations. The GBOP nevertheless remains a popular test method to rank welding

consumables.

2.5.3 Bend Testing

Bend testing has primarily been reserved for single pass specimens due to the requirement for
large capacity test frames if multipass welded specimens are to be tested. The results from bend
testing are also not typically used to provide welding specifications that will preclude WM cold
cracking. Pussegoda et al., (2004), Graville (1995) and Satoh et al., (1977) have however used
bend testing as a platform from which they investigated weld metal’s susceptibility to cold
cracking. Their methods incorporated a notch in a pre-selected area of the deposited weld metal
(similar to fracture toughness testing) and then imposed either 3 or 4-point bending strains on
the specimens. The applied load introduced localised straining at the sharp pre-notches, thereby

initiating hydrogen induced cracking at the pre-notch.

An advantage of a 4-point bend above the 3-point bend test is that the 4-point bend test will
evaluate a larger region of weld metal. The typical 4-point bend test arrangement results in two
rollers on the load span pushing against two rollers on the support span (see Figure 2.25). The
support span (S) will be positioned on the deposited weld bead and the load span (L) will be
positioned behind the weld on the base material. This orientation induces a tensile stress in the
weld bead and a compressive stress on the base material. The shorter load span will be
subjected to a uniform bending moment and would produce uniform surface stresses across the
weld metal (excluding variations related to weld surface profile). This test arrangement focuses

the test on the weld metal and not on the base material, making it suitable for WM HACC

investigations.
Figure 2.25
Illustration of loading conditions in a 4-point bend test.
¢ L 3 The load span (L) pushes down on the support span (S)
Load span to induce uniform surface stresses across the load span.
\

CVWeId bead on support span

S

64




2.5.4 Comment on Weld metal Cold Cracking Test Methods

The current measures employed to combat WM HACC include costly applications of preheat,
interpass temperatures and postweld heat treatment, which have been inherited from an era
when cracking in the HAZ was a greater concern than cracking in the WM. Hydrogen cracking
in the heat affected zone has therefore received preferential attention due to it previously
having the most susceptible microstructure (Graville, 1975; Yurioka et al, 1983; Bailey et al,

1995 and ISO/TR 17844:2004).

The test methods given in Table 2.3 to assess weld metal hydrogen cold cracking have seen
both industrial and academic use and according to Graville (1995), the existing procedures
available to avoid HACC are prescriptive towards the welding conditions, such as specifying
elevated preheat or interpass temperatures and specifying specific edge preparations. This
generalised approach is most likely given due to our incomplete understanding of weld metal
cold cracking. According to Wongpanya et al., (2008), the guidelines might be successful for
low and medium strength steels, but they are limited when applied to the welding of newer

high strength steels with yield strengths above 690 MPa.

The challenge with more recent higher strength steels and the associated weld metal is that
such materials have different weld microstructures, producing different metallurgical and
mechanical behaviour when compared to traditional lower strength steels. Significant benefits
can consequently be gained by producing test methods aimed preferentially at higher strength
weld metal and which also provide close control over the influencing factors that lead to the

occurrence of cold cracking in the higher alloyed weld metal.

Ideally, such a test must be capable of determining the dominant variables that affect weld
metal cold cracking of the target materials. More specifically, Davidson (1995) maintained that
a test which focuses on the weld metal should serve one or more of the following three

functions:
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1. Enable the development of welding procedures to guarantee freedom from HACC
2. Provide ranking of consumables with regards to resistance to HACC
3. Provide a research tool that permits independent control of the key variables held

responsible for HACC.

These three functions given by Davidson thereby illustrate that the outcomes from crack tests
can be used for a variety of purposes, which in general is to either prevent or study cold
cracking. The determination of the required process variables to prevent HACC is often
derived from test configurations which mimic the production weld in terms of restraint, i.e. a
self restraining test. The option to function as a research tool will then see combinations of
stress, hydrogen concentration and microstructure as necessary variables. Such a test

configuration will typically lean towards being externally loaded.

In order to develop practical recommendations, a test which does not force cracking to
originate or propagate in a specific region is desirable. It should furthermore permit the crack
initiation site to be determined by influences similar to those conditions experienced in
practice. Graville (1975) delivered a fundamental challenge when he wrote that a crack test
does not necessarily show whether a particular welding procedure will be successful in
avoiding cold cracking. He argues that the weldability tests are used to provide comparative
information, which requires correlation with practice, either by previous experience or by
performing joint simulation tests that exactly simulate the real joint in all essential details. This
is a daunting task, which has been addressed by producing small scale test configurations
which maximise restraint and provide stress concentrations to which the hydrogen will diffuse

or concentrate around.

The requirement for a notch in a test configuration provides a challenge in terms of calculating
the stress needed to produce cracking. It may alter the natural path of the diffusing hydrogen,
forcing it to concentrate in specific regions of the test material, instead of allowing the
constraints of the microstructure being evaluated to dictate the diffusion. If close control is
required in these tests, variations in placement and the geometry of the groove or notch will

moreover increase the potential to derive non-standardised results. This has been referred to by
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Yurioka (1999), who is of the viewpoint that a notched or a grooved test specimen may not
necessarily produce transverse cracking, as the cracking will typically originate from the

induced geometric stress concentration.

The requirement for artificial stress concentrations in multipass welds can further be
questioned if one considers the work of Kuebler et al. (2000) and Takahashi et al. (1979).
These authors showed that weld longitudinal residual tensile stresses, hydrogen concentration
and crack density maximizes towards the upper layers of a multipass weldments (Figure 2.26),

which implies that WM HACC is a feature of the upper region of the deposited weld, not the

root.
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Figure 2.26 Generalised plot of crack density in the weld metal through a 50 mm thick plate (X-Y plane)

at preheat and inter-pass temperature of 140 °C (from Kuebler et al. 2000).

Although hydrogen assisted cold cracking is generally influenced by the local microstructure,
the mechanical loads and hydrogen concentration, the crack susceptibility can potentially be
evaluated from a mechanical aspect. Wongpanya et al., (2008) believe that this approach
requires determination of the critical strains at which a specific microstructure will produce
crack behaviour at a given hydrogen concentration. Of the potential crack test methods

discussed previously, the bend test is deemed a suitable mechanism for this to occur.
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The bend test will provide a means of altering and measuring the load, independent of the other
variables. The strain rate (via deflection) can be adjusted to influence the rate at which
hydrogen diffuses through the microstructure to vicinity of naturally developed crack tip. The
additional introduction of hydrogen into the shielding gas (if needed) will then provide the
hydrogen concentration required for cracking, in conjunction with the critical strains imposed
during bending. A successful test outcome will determine whether, and to what extent, the test

variables (bending stress and diffusible hydrogen) produce cracking.
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CHAPTER 3

HYDROGEN CRACKING IN MULTIPASS HIGH STRENGTH
WELD METAL - INVESTIGATION

The literature survey indicated that there are several factors which influence the weld metal’s
susceptibility to HACC. It has been noted that key to this is the diffusion and trapping of
hydrogen, the other primary variables are elevated stress, susceptible microstructure and an
adequate incubation time. These variables are interrelated and a comprehensive understanding

of their interrelationship is not fully understood.

This following work will present a series of coordinated experiments that were conducted to
achieve a common goal. This goal was to further the understanding of HACC in high strength
steel weld metal by providing a test platform from which individual aspects that contribute to
HACC could be isolated and researched. The motivation to proceed via a series of
experimental tests was to establish the likelihood of initiating HACC in the test materials and
to determine the level of control that could be xercised over the associated test variables

(diffusible hydrogen, stress, microstructure, time) in a laboratory setting.

The test materials chosen for this body of work were quenched and tempered BIS80 and a high
strength (E110) very low (H4) hydrogen flux cored arc welding wire. In an attempt to
reproduce HACC, the prescribed CO, shielding gas was supplemented by adding a known
percentage of laboratory grade hydrogen. The details of each coordinated experiment are
presented at the beginning of each test phase discussed later on. Experiments were conducted
on both single and multipass welds, although the ultimate aim was to explore un-notched single
bead on plate configurations that could be subjected to applied stress testing. The presentation
of the results and the analysis has been separated into Phases 1-6 to illustrate the research

performed. For clarity, the following work is based on the following:
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1. Initiating and detecting HACC

Controlling the weld metal diffusible hydrogen content
Generating test specimen geometry

Conducting applied stress testing

Conducting microstructural, chemical and fractographic analysis

A i

Summary of significant findings

Phase 1: Chapter 3

This phase will generate cold cracking in a 40mm thick multipass weld deposit. The
motivation is to determine whether HACC can readily be initiated in the target materials and to
establish which nondestrtuctive testing methods will constitute the most reliable for its
detection. Experimental data to aid the study of delay times in high strength ferritic weld metal

will also be produced.

Phase 2: Chapter 4

This phase will establish the accuracy to which levels of weld metal diffusible hydrogen can be
controlled when introduced into CO,shielding gas. The purpose is to approximate the quantity
of diffusible hydrogen present in the weld in relation to the percentage hydrogen in the
shielding gas.

Phase 3: Chapter 5

This phase will define specimen geometries and test procedures that will be used during
applied stress testing. A specific objective is to produce notch-free geometries that allow
preferential targeting of the weld metal. The outcome of this chapter will provide welded
samples that can be used to study either the combined effects, or individual aspects held

responsible for weld metal hydrogen assisted cold cracking.

Phase 4: Chapter 6

This phase will document the results obtained from 4-point bend testing. Variations in
mechanical response and the delayed times will be produced by means of purposefully altering
the test variables. The sensitivity of the proposed test methodology will be established and cold

cracking delay times under varying conditions will be produced.
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Phase 5: Chapter 7

This phase will produce microstructural and fractographic analysis of the specimens that will
be tested under conditions related to the introduction of hydrogen into the CO, shielding gas.
The focus will be to interpret the preferred fracture path produced during the applied bend
testing and to establish what general effects the deliberate introduction of hydrogen will have

on the microstructure.

Phase 6: Chapter 8
The final phase will discuss the significant findings and offer limitations of the research
conducted in this thesis. Suggestions regarding further research into weld metal hydrogen

assisted cold cracking will also be provided.

3.1.0 Introduction

This phase of the research being presented relates to the deliberate generation of cold cracking
in a 40mm thick multipass high strength steel weld deposit. The motivation is to determine
whether HACC could be readily initiated in the target materials and to establish which
nondestructive testing methods would constitute the most reliable for its detection. A further
aim was to produce experimental data to aid the study of delay times in high strength ferritic

weld metal.

High strength steel weld metal cold cracking activity was monitored in two 1600mm x 500mm
x 40mm Bis80 plates, welded together by an E110 manual flux cored arc welding (FCAW)
process. The intentional generation of WM HACC was therefore required and this was

produced by:
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e Increasing diffusible hydrogen levels in the weld by the introduction of 2% hydrogen
into CO2 shielding gas

e Minimizing the interpass temperatures (below 70°C) and minimizing interpass times

e Increasing the cracking susceptibility of the microstructure by increasing the cooling
rate

e Increasing residual stress through the use of plate stiffeners

3.1.1 Method: Welding High Restraint Test Plate

High restraint in the test plate was achieved by welding 36mm mild steel stiffeners onto the
40mm thick, 700 grade Q&T base plate (Figure 3.1). The stiffeners were intermittently welded
(3 run fillet weld) to the base material with 4mm AWS AS5.5 electrodes using a minimum

preheat temperature of 100°C.

Figure 3.1 Reverse side of the high restraint test plate indicating (A) the heating pads which were used for
the preheat treatment for the welding of the stiffeners, (B) the location of the root bead and (C)
the transverse and longitudinal stiffeners. The intermittent 3 pass fillet welds can also be seen
adjacent to the stiffeners.
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After the stiffeners were attached, the flux cored arc welding process (FCAW) was used to
deposit 1000mm long welds into a V-groove using a heat input of 1.2 kJ/mm. The filler wire
measured 1.6mm in diameter and conformed to AWS 5.29. A total of 28 runs were required to
fill the 55°, 40mm deep V-groove (Figure 3.2). Ceramic backing strips were also used to

ensure acceptable root fusion in the 1.5mm root gap.

This project was undertaken in partnership with the Australian Submarine Corporation and the
choice of these welding details and base material selection simulated typical submarine

pressure hull welding conditions.

o 55° e ~2mm |
2 / %

40 mm

backing strip

‘-

Figure 3.2 Schematic representation of weld preparation and location of weld runs.

An automated welding carriage was used to deposit the high strength weld metal onto the
quenched and tempered steel plates (see Table 3.1 for weld settings). There was no minimum

preheat temperature requirement and the interpass temperature was maintained below 70°C.
Both parent metal (PM) and weld metal (WM) were of similar strength and Atomic emission
spectroscopy results are presented in Table 7.1. For referencing purposes, typical chemical

compositions are given in Table 3.2.

The shielding gas consisted of (98% CO,) + (2%H,) and the flow rate was 18 L/min.

Table 3.1 Welding variables for the high restraint quenched and tempered test plate.
Current Voltage Polarity Travel CTWD Gas Flow Feed
(Amps) {Volts) Speed {1 ) Rate Angle
(m1m/min) (L/min)

305 27 D - 400 250 18 0%




Table 3.2 Typical WM and 700 GRADE PM chemical compositions (wt %).

C Iin 51 S P
LTS A5 28 005 142 075 no1z 0014
(W)
700 Grade QT 0155 1.10 0.1% 0.003 0010
Steel (PID

3.1.2 Method: Diffusible Hydrogen Levels

The average diffusible hydrogen levels were taken from three samples, plotted as a function of
%H, in CO,. The samples were prepared and tested, as specified in AS/NZS 3752:1996,
“Welding — Methods for determination of the diffusible hydrogen content of ferritic weld metal
produced by arc welding”. The diffusible hydrogen tests were carried out on single bead on
plate samples and gave an indication of the level of diffusible hydrogen (ml/100g) for a single
run. This test does not represent the diffusible hydrogen for the total weld, but represents the

level of diffusible hydrogen for each individual weld deposit.

3.1.3 Method: Nondestructive Testing (NDT)

Magnetic particle testing (MT) was performed in accordance with AS1171-1998: “Non-
destructive testing — Magnetic particle testing of ferromagnetic products, components and
structures”. The testing was carried out on both sides of the weld (root and cap) to determine

the extent of longitudinal and transverse surface defects.

Radiography (RT) of the weldment was performed in accordance with AS2177.1-1004:
“Radiography of welded butt joints in metal”. The test weld was radiographed in 250mm weld
length intervals. Ultrasonic testing (UT) was carried out in accordance with AS2207-1994:
“Nondestructive testing — Ultrasonic testing of fusion welded joints in ferritic steel”. Scanning
for HACC defects occurred every 24 hours for one week and then every 72 hours for three
weeks. It was predominantly carried out with a 70° probe, to ensure that the ultrasonic waves

detected planar defects during transverse scanning of the weld.
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Acoustic emission monitoring (AE) was utilized to establish the effectiveness of this technique
in determining crack locations (see Figures 3.3, 3.8 and 3.11 to 3.14). The highly restrained
welded test plate was monitored for 14 days after the completion of welding. Data such as
waveform, time, amplitude, rise time, duration, average frequency, peak frequency, energy,
counts and XY location were logged. The XY coordinates of the acoustic events were
determined by triangulation between four 300 kHz resonant piezo-electric sensors using the
known velocity of sound in the material and non-linear regression to refine the results. The
velocity of sound was determined experimentally by pulsing/listening sensors from known

locations, and this was confirmed by test signals on the weld centre line prior to monitoring.

AE
Transducer > »
Pre- A i Event
-— - e mplifier <
e Amplifier Filter : Detector
lf—

S O
Crack "~ Computer
km Data Storage
Figure 3.3 Representation of the acoustic emission process used. When the AE transducer senses a signal

over the threshold, an AE event is captured. Four sensors were positioned on the test plate, and
all four had to record a signal before an event was logged.

3.2.1 Results: Cooling Times and Interpass Temperature

This high restraint welded plate was designed to produce high levels of residual stress and
cooling rates typically associated with larger structures. The elevated stresses and the addition
of 2% hydrogen into the shielding gas were sufficient to induce cracking in the weld metal (see
Figures 3.9 and 3.10).

Relatively fast cooling rates of tg;s and reduced interpass temperatures (at or below 70°C) were
used to limit effusion of hydrogen from the weld metal, as the interpass time and interpass
temperature affect the distribution of hydrogen in the weld (Pussegoda et al., 2004). The tgs
cooling time was approximately five seconds (see Figure 3.5) which produced a relatively fast
cooling rate. It is believed that this cooling rate also increased the hardness of the

microstructure, making it more susceptible to HACC.
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Plots of interpass temperatures vs. interpass times are presented in Figures 3.6a and 3.6b. The

test welds were also deposited without preheat, as preheat is known to assist the effusion of

hydrogen from the weld. A typical temperature-time profile measured from a weld deposited

near the top surface is shown in Figure 3.4. The fluctuations seen here during the cooling cycle

are due to the commencement of preparation for the next weld run, which includes slag

removal, grinding and air cleaning.

Figure 3.4

Figure 3.5
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lustration of a typical cooling rate experienced by the molten weld pool with an interpass

temperature of ~60°C. The cooling rate was establish by placing a thermocouple into the
solidifying weld metal.
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Figure 3.6(a)

Figure. 3.6(b)
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The interpass temperatures were kept below 70°C to avoid the rapid effusion of
hydrogen from the weld. The total welding time was completed in approximately 550
minutes (~9 hours).

77



3.2.2 Results: Diffusible Hydrogen Levels

Figure 3.7 is a plot of measured levels of diffusible hydrogen for a single bead on plate
deposited with a heat input of 1.2 kJ/mm. The identical weld metal consumable was used for
this analysis. The readings for the level of diffusible hydrogen using the 2%H, /CO, mix were
in the region of 7 ml/100g, while in comparison, the diffusible hydrogen level for the
100%CO; shielding gas was ~2mL/100g.

An increase in diffusible hydrogen by approximately 350% is achieved when 2%H, is added to
the CO, shielding gas. The addition of laboratory grade 2%H, to the prescribed CO, shielding
gas thereby increased the probability of HACC occurring in the weldment.
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Figure. 3.7 Measured diffusible hydrogen level for AWS A5.29 wire welded with CO2/2%H, and 100%

CO,. Sample size for each HI was 3 and the error bars represent the standard deviation.

3.2.3 Results: Nondestructive Testing (NDT)

The results obtained during AE indicated that this type of monitoring can be highly sensitive,
as a variety of acoustic and mechanical vibrations can be detected. Careful electronic filtering
was therefore required to filter the received AE data and to identify and remove sources of
extraneous noise prior to testing. Four sensors were positioned on the test plate, and all four
had to record a signal before an event was stipulated. The results for AE and UT detection of

crack activity are depicted below in Figures 3.8 and 3.11 to 3.13.
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Figure 3.8
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Schematic representation of the HACC locations detected by conventional UT and acoustic
emission monitoring. The arrow represents the direction of weld and the position of the AE
boundary is represented by the dashed line. The majority of events were recorded along the
weld. Surface breaking cracks (blue lines) were in the vicinity of the stiffeners.

Two of the five significant UT cracks were surface-breaking and were detected visually and by

magnetic particle inspection (Figure 3.9). The same two surface-breaking cracks were also

detected by radiography. All significant HACC incidents and also the majority of transverse

HACC (UT data points in Figure 3.8 were located to the left and right of the weld centre. They

were also distributed relatively evenly along the length of the weld. Figure 3.9 shows

photographs of two surface-breaking hydrogen cracks and Figure 3.10(a) is a radiograph of one

surface-breaking crack, which indicates that the crack, although transverse, branches into

multiple paths. Radiography detected only two deep surface-breaking cold cracks, lack of

sidewall fusion and group porosity (Figure 3.10(b)), but not the numerous fine cracks that were

detected by conventional UT and AE.
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Figure 3.9 Photograph of HACC detected by MPI (a) 300mm from the datum, and (b) 1280mm from
datum. These cracks were located close to the stiffener plates.

Figure 3.10 Photograph of (a) HACC detected by radiography 1280mm from the datum, and (b) group
porosity 675mm from the datum, which was not detected by UT.

Figures 3.11 to 3.14 provide insight into the time-dependent nature of HACC as they indicate
that some cracks propagated over a period of a month, while others remained dormant. Figure
3.13 shows that the majority of acoustic emission activity (attributed to HACC) in the vicinity
of the weld occurred during the first 48 hours. There appears to be no acoustic emissions
detected after ~3 days, which is misleading, as crack propagation was detected beyond this

time by conventional UT (Figure 3.12).
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Figure 3.11

Fig. 3.12
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Figure 3.14 below is a plot of the acoustic emissions in the range of 0.20-1.20 MHz associated

with HACC and shows that there were two typical emissions types. The first was a relatively

low frequency emission at ~250 HZ and is attributed to crack propagation. The second type of

emission detected was a combination of low frequency (~250Hz) and high frequency (~500Hz)

emission, most likely a combination of crack propagation and plastic flow ahead of a crack tip.

Figure 3.14(a)

Figure 3.14(b)
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A typical HACC acoustic emission from weld at a frequency of ~250 Hz indicating

A typical HACC acoustic emission of approximately 250 Hz, which contains a high

frequency component in the region of S00Hz. Most likely due to plastic deformation at

a crack tip (Graham and Alers, 1975).
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CHAPTER 4

EVALUATING DIFFUSIBLE HYDROGEN TESTING

4.1.0 Introduction

This phase established the accuracy to which weld metal diffusible hydrogen levels could be
controlled when introduced via the shielding gas. The purpose was to approximate the quantity
of diffusible hydrogen (Hp) present in the weld metal before the application of the proposed
mechanical testing. This tied in with the general aim to quantify the levels of diffusible

hydrogen that will result in specific hydrogen assisted cold cracking delay times.

4.1.1 Materials

All further welding was produced by depositing a high strength ferritic weld bead onto 12mm
thick quenched and tempered (martensitic) base material (Bis80), via an automated flux cored
arc welding (FCAW) process. The automation of the test welds maintained consistency of
welding parameters, such as CTWD, travel speed and torch angle. The nominal properties and
compositions of both parent and weld metal are presented in Tables 4.1 and 4.3. Weld

parameters are presented in Table 4.2.

Table 4.1 Base material properties used during this research.
PROPERTIES SPECIFICATION TYPICAL
0.2% Proof Stress 690 MPa (Min) 750 MPa
Tensile Strength 790-930 MPa (Min) 830 MPa
Elongation 18% (Min) 26%
Charpy Impact at -20-C 40 J (Min) 160J
Hardness 255 HB 250 HB
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4.1.2 Welding Power Source

A conventional constant current welding power source (FABSTAR4030) was used to produce
all further test specimens. Connecting a remotely controlled wire feed unit (FABSTAR WAF4)
to the power source ensured uninterrupted electrode feed. The power source and wire feed unit
are shown in Figure 4.1 below. A dedicated data acquisition unit was used to record the

welding amperage, voltage and wire feed speed.

Figure 4.1 A constant voltage MIG power source (Fabstar 4030) together with an associated wire feed unit
was used to produce the welds required for the tensile and bend test specimens.

Table 4.2 Flux cored arc welding process details
Variable Description
Consumable Brand Name Tensicor 110TXP
Welding Voltage 28-30 volts
Welding Amperage 280-310 amps
Welding Speed 210mm/min
Contact Tip to Work Distance 15mm
Heat Input ~ 1.5 kJ/mm
Wire Diameter 1.6mm
Work Angle 90°
Welding Polarity Electrode Positive
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4.1.3 Welding Consumables

The welding consumable used during this current work was Tensicor 110TXP and is classified
in Australia to AS/NZS 2203:1 and as E110T5-K4 for AWS A5.29. It is a fully basic,
commercially available High Strength, low alloy steel flux cored wire, which was formulated
to be used with CO; shielding gas. It has a low hydrogen (H5) hydrogen status, which typifies
it as having less than 5ml diffusible hydrogen per 100g of deposited weld metal. It is primarily
used to weld Bisalloy and similar Quenched and Tempered steels. Unused reels of welding

wire were replaced in their original packaging and stored in a dry environment.

Table 4.3 Supplier specified weld metal properties

Typical All Weld Metal Mechanical Using Welding Grade CO, Shielding Gas
Properties Using CO»
Yield Strength 720 MPa
Tensile Strength 800 MPa
Elongation 22%
CVN Impact Values 50J @ -50°C

4.2.1 Method: Hydrogen Test Assembly

In the current work, the hydrogen test pieces were prepared, welded and analysed for levels of
diffusible hydrogen content in accordance with International Standard ISO 3690(E)-2000:
“Welding and allied processes — Determination of hydrogen content in ferritic steel arc weld

metal”.

Prior to welding, the hydrogen sample was machined to size, individually marked and weighed,
cleaned in alcohol, dried with compressed nitrogen and then heat treated for an hour in a
vacuum chamber at 650°C. An inert gas (argon) was used to ensure that no surface
contamination occurred. Once the samples had cooled in the vacuum chamber, they were

removed and stored in a desiccator.
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The standard diffusible hydrogen test sample consists of three pieces, namely a run-on tab; a

hydrogen sample and a run-off tab. This is shown in Figure 4.2. All three pieces (referred to as

the test assembly) were made from BIS80 quenched and tempered, grade 700 steel. The

dimensions of the test assembly for heat inputs below 2kJ/mm are typically S0mm x 15mm x

10mm. The FCAW process and the associated 1.6mm welding wire, however, produced a weld

deposit that encroached on the edge of the hydrogen test assembly. This required that the

hydrogen sample be rotated transverse to the welding direction, as shown in Figure 4.3.

Figure 4.2

Figure 4.3

HYDROGEN
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A typical illustration of the test assembly required for diffusible hydrogen analysis. The
assembly is quenched in iced water and then placed into liquid nitrogen. The liquid nitrogen
prohibits effusion of hydrogen and also facilitates the removal of the run on/off tabs.

30mm 50mm
Hydrogen Sample
15mm 57.5mm

30mm

/

Hydrogen Sample

Rotation of the test assembly was required (bottom image) to accommodate the broader weld
deposit produced by the 1.6mm FCAW consumable. The hydrogen sample was analysed for a
15mm long weld deposit, as opposed to a 30mm weld deposit typically used for narrower welds.
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4.2.2 Method: Welding of Hydrogen Test Samples

Immediately before welding, the samples were removed from the desiccator, degreased with
acetone and dried with compressed nitrogen. They were then aligned inside a copper welding

fixture in preparation for welding (Figure 4.4).

Figure 4.4 The copper welding fixture in which the diffusible hydrogen test assemblies were welded.

Prior to arc ignition, the CTWD, voltage, travel speed, torch alignment, wire feed speed and
welding current was checked to ensure consistency with the required settings. The arc was then
ignited after movement of the travel arm had commenced and was extinguished once the
desired weld length had been deposited. The welding torch was secured on an automated
travelling device, which allowed a predetermined welding travel speed, torch angle and CTWD
to be used. This automated procedure therefore ensured strict control of the heat input by
maintaining the prescribed CTWD and travel speed. A dedicated data acquisition unit was also
employed to assist with capturing the welding amperage, voltage and wire feed speed.

Reproducibility of welding conditions could accordingly be achieved.
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4.2.3 Method: Quenching of Welded Samples

Hydrogen is extremely mobile and will rapidly effuse out of the welded specimen. Quenching
of the hydrogen test specimen immediately after welding was therefore required to retain the
diffusible hydrogen for analysis. The welded samples were first quenched in a bucket of iced
water within 10 seconds after extinction of the arc. This initial quenching lasted five seconds,
thereafter the specimens were placed in a dewar of liquid nitrogen. The welded test assembly
could be stored and retrieved from the dewar by securing a length of welding wire to a hole

drilled into the run off piece prior to welding (see Figure 4.5).

The samples were removed from the liquid nitrogen five minutes after being submerged and
the welding slag was removed with the help of a chipping hammer and a wire brush. The
exposure to room temperature was limited to two minutes. Once the welding slag was removed
and the samples had been re-immersed in the liquid nitrogen, they were clamped in a vice and
the run on and run off tabs were removed by tapping them with a hammer. The individual
hydrogen samples were then stored inside a flask containing liquid nitrogen and analysed for

their diffusible hydrogen content the next day.
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Figure 4.5 Positioning of the hole in a trial MMAW hydrogen test assembly through which a piece of wire
was attached. This facilitated storage and removal of the sample in liquid nitrogen
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4.2.4 Method: Diffusible Hydrogen Analysis

The hydrogen samples were transported from Wollongong University to BlueScope Steel (in
liquid nitrogen) for vacuum hot extraction (HE) analysis. This method has the ability to
quantify the diffusible hydrogen in the weld metal within minutes, as opposed to several hours
or days (Pitrun, 2004). The analysis required that a single welded hydrogen sample be removed

from the liquid nitrogen, thawed in a beaker of warm acetone and dried with a hair dryer.

This process lasted approximately 40 seconds, after which the dry and thawed sample was
placed in a vacuum furnace connected to an ELTRA ONH-2000 hydrogen analyser (Figure
4.6). The vacuum furnace was heated to 400°C and a stream of argon gas was used as a carrier
gas. The argon transported the hydrogen to the analyser, which converted the carrier and
hydrogen gas mixture into a measurable volume of hydrogen. Calibration was achieved by
injecting a known volume of hydrogen into the carrier gas and comparing that with the

readings obtained from the analyser.

Figure 4.6 Photograph showing the equipment required for vacuum hot extraction of the diffusible
hydrogen content. The individual components are (A) furnace, (B) Eltra ONH-2000 analyser
unit and (C) data collection computer.
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4.3.1 Results: Diffusible Hydrogen Analysis — Test Configurations

One research aim was to be in a position to estimate, with relative accuracy, what the quantity
of diffusible hydrogen will be during the initiation of mechanical testing. The control and
understanding of diffusible hydrogen behaviour in the materials studied was therefore one of
three dominant considerations. (The other two were the weld metal microstructure and the
levels of applied stress). Several test configurations were engineered to reflect typical
variations in the weld metal (WM) diffusible hydrogen (HD) content during mechanical

testing.

The variations that were considered were:
e The addition of 2% and 5% H; to the CO, shielding gas.
e The role of atmospheric conditions on diffusible hydrogen analysis.
e The effusion of hydrogen from the test specimen at given time intervals or at given
locations along the test weld.
e Possible differences in the value obtained from a standardised hydrogen test assembly

vs. values obtained from the actual test specimen, which was three times longer.

4.3.2 Results: The Addition of H, to the CO, Shielding Gas

The results from this configuration were used to approximate low (CO; + 0%H;), medium
(CO; + 2%H5;) and high (CO, + 5%H,) levels of diffusible hydrogen, which were present in the
weld metal during initiation of mechanical testing. The handling and welding of all the samples
evaluated remained constant, with the only variation being the addition of hydrogen to the CO,
shielding gas. The % hydrogen was added to the shielding gas by the commercial distributor
and was certified as being of a scientific grade. Due to the flammable nature of hydrogen,
specific pressure regulators were required for the pressurised gas cylinders. Each cylinder also
required periodic turning to ensure that the lighter hydrogen gas did not separate from the
heavier CO,. Typical results of the HD testing for each shielding gas arrangement are
presented in Figure 4.7. The results are given as millilitres of hydrogen gas in 100 grams of

deposited weld metal.

90



150
B
2 1s Shielding HD Result Mean Value
= Gas
E
T ol 190
b 100 co; 210
£ co; 240 243 mi100g
4 ZB mre
I
3 2% Hj 750
% S5, 2% H, 620
£ 2% H, 690 687 miing
8  sg _—
§ 5% H 15680
3 2% H, 5% H, 14.20
3 5% Hay 14.60 14.87 miA100g
: _—
00
Shielding Gas
Figure 4.7 Diffusible hydrogen variations between the original CO, shielding gas and additions of 2%H,

and 5%H, to the CO, shielding gas. The deliberate addition of a known %H, to the shielding
gas provided a controllable test variable.

4.3.3 Results: Relative Humidity

The relationship between relative humidity and weld metal diffusible hydrogen content was
evaluated at atmospheric conditions over a period of 10 months. The purpose of this exercise
was twofold. First, the results were used to establish whether an increase in the hydrogen
content of the seamless welding wire will result if the spool was exposed to ambient conditions
for a period of time. This would gauge whether special storage requirements for the welding

wire will be required to exclude hydrogen pick-up.

The second motivation was to determine what effect relative humidity would have on the day
of welding, i.e., whether ambient conditions will affect the HD results. The first consideration
therefore determined prolonged exposure of the welding wire to atmospheric conditions and
the second consideration determined whether relative humidity on the day of welding will

affect the HD results.

The handling and welding of all samples remained constant, with the only variation being the
change in relative humidity (and temperature) experienced throughout the 10-month period.
The recorded percentages in the welding laboratory during this period ranged from 30% to
85% relative humidity. The prescribed CO, shielding gas was used without the intentional
addition of hydrogen. The results for the exposure of a spool of welding wire to atmospheric

conditions are given in Figure 4.8, marked A. The effect of relative humidity on the diffusible
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hydrogen content of the sealed and dry-stored welding consumable is also presented in Figure

4.8, marked B.

Influence of Relative Humidity

25

20 +p - 1 H

Diffusible Hydrogen (mL100G)

30 3 34 36 36 70 74 g2 33 g9

Relative Humidity (% )

Figure 4.8 Diffusible hydrogen variations when using a spool of welding wire exposed to atmospheric
conditions (marked A) and a spool that has been stored in dry conditions (marked B) for 10
months.

4.3.4 Results: Hydrogen Weld Test Assembly

The standard hydrogen weld test assembly measures approximately 115mm long, while the
weld deposited on the test specimen used during mechanical testing was three times longer
than this. It was probable that the results obtained from the standard hydrogen weld test
assembly may not be indicative of the diffusible hydrogen content for the longer weld used
during applied stress testing. The distribution of diffusible hydrogen across the length of the
mechanical test weld was consequently approximated by extending the test assembly to contain
two further hydrogen samples, evenly distributed along the length of the weld deposit (Figures
4.9A and 4.9B). The sample was extended to a total length of 330mm.

This extension of the test assembly would reveal whether thermal effects of a longer weld
deposit influenced the WM diffusible hydrogen result and what part of the test weld may have
lost diffusible hydrogen due to delay times before quenching. The results of the tests are
presented below in Figure 4.9 (B). Each hydrogen sample in the extended test assembly would
consequently indicate what the WM diffusible hydrogen content was for quench delay times of

five, 45 and 90 seconds.
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Figure 4.9 The standard hydrogen test assembly (A) was extended to approximate the distribution of
diffusible hydrogen in a longer weld deposit (B). This extended test assembly replicated the
length of the sample used during applied stress testing. The black rectangles represent the
hydrogen boats used for diffusible hydrogen analysis.
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CHAPTER 5

DEVELOPMENT OF MECHANICAL TEST SPECIMENS

5.1.0 Introduction

This chapter focused on defining mechanical test specimen geometries that were used during
mechanical testing of weld metal containing a controlled level of diffusible hydrogen. The

techniques to determine the applied stress were also established.

The welded samples could then be used to study either the combined effects or individual
aspects that are held responsible for weld metal hydrogen assisted cold cracking. A specific
objective was to produce specimens that permitted the preferential evaluation of the weld
metal, as opposed to evaluating the heat affected zone or the base material. Other general

requirements were that it:

1. Must contain a high strength weld deposit.
Must not contain artificial stress raisers (notch or groove).
Must allow natural stress assisted and dislocation assisted diffusion.

Must be relatively easy to machine.

A

Must be relatively easy to manage.

Tensile testing, 4-point bend testing (4-pb) and numeric modelling were used to facilitate the

above requirements.
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5.1.1 Method: Tensile Specimen

Figures 5.1 to 5.3 illustrate the large reduced section tensile specimens (660mm) that were
initially considered for mechanical testing. Their large size was selected as the gauge length
corresponded to the length of the welding fixture used during the diffusible hydrogen analysis
(in Chapter 4).

—\<‘ i :)7
WELD ] §
A B

>

660 ram 1

Figure 5.1 Schematic of large reduced tensile specimen used during initial investigations into the effects
varying levels of diffusible hydrogen have on the mechanical properties of high strength steel
weld metal.

Figure 5.2 The gauge length (410mm) of the reduced tensile specimen was similar to the length of the
welding fixture used during diffusible hydrogen analysis.

A 460mm long high strength ferritic weld bead was deposited on the specimen via automated
FCAW and using weld parameters identical to those used during diffusible hydrogen analysis
(Chapter 4, Table 4.2). After 30 seconds, the specimen was removed from the welding fixture,
quenched in a drum of iced water for 10 seconds and then immersed in liquid nitrogen. The 30-
second duration facilitated both the transformation of the microstructure before quenching and

it was also a logistical specimen handling requirement.
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Prior to tensile testing, the specimen was brought to room temperature by thawing it in a large
container of water. The time it took to remove the specimen from the liquid nitrogen to

initiation of tensile testing was approximately three and a half minutes.

Figure 5.3 A 460mm long weld bead was deposited on a 660mm reduced tensile specimen. Here the
specimen is being prepared for x-ray analysis.

5.1.2 Method: 4-Point Bend Specimen

Two specimen types were developed in this work. The first (narrow specimen) was developed
to reduce the test frame loading requirements and to eliminate any possible influences that the
weld toes and the HAZ may have on the behaviour of the specimen under elevated hydrogen
conditions (H; in the shielding gas). The specimen is shown in Figure 5.4 and was produced by
machining three rectangular bars measuring 10mm x 14mm x 300mm. The three bars were then
clamped together in the welding fixture shown in Figure 5.2, thereby providing a 42mm wide
surface upon which to weld. The same welding parameters were used as described in Chapter 4,
Table 4.2.

A single pass of weld metal measuring 150mm long was deposited on the centre bar of the 42mm
wide surface. This resulted in all three bars being fused together by the weld bead, which was kept
in the fixture for 30 seconds to allow microstructural transformations to occur. Once 30 seconds
had elapsed, each specimen (three bars welded together) was quenched in iced water for 10
seconds and then immediately placed in liquid nitrogen. Once the welded bars were cooled to
approximately -196°C, they were removed from the liquid nitrogen and the outside bars were
broken off. Any protruding weld fibres were removed with the aid of a metal file and light

grinding, while still under cryogenic conditions.
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The use of liquid nitrogen was required for machining and storage due to the high mobility of

hydrogen in weld metal at ambient temperatures.

The second specimen (wide specimen) was a standard bead on plate arrangement and contained
the same length of weld as the narrow specimen. The only difference was that the width of the
wide specimen base plate was specified to be 30mm. Identical quenching and storage
conditions to those for narrow specimens were also maintained. The wide specimen is

illustrated in Figure 5.4, below the narrow specimen.

Figure 5.4 Single bead on plate arrangement for all bend specimens. The narrow specimen is at the top of
the image and the dotted line (top right) represents the cross section of the narrow bend
specimen.

A few minutes before testing, the samples were removed from the liquid nitrogen and thawed
in a bath of room temperature water. The surface temperatures of the thawed samples were
then approximately 15°C. After removing the samples from the water, they were dried with a
cloth, marked to indicate positioning in the test fixture and then placed in the 4-pb test
apparatus. The marking ensured that the orientation of the sample and positioning of the rollers

remained constant.

The actual 4-point bending of the samples commenced three and a half minutes after the
samples had been removed from the liquid nitrogen and the testing progressed until advanced
plasticity or fracture had taken place. The mechanical test data were captured via the load

frame’s built-in data acquisition software and then imported into an Excel worksheet.
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The above established two methods (tensile and 4-pb) that can be applied during the testing of
high strength steel weldments. A method was now required to standardise the weld metal

geometry to facilitate later calculations.

5.1.3 Method: Statistical Analysis of Weld Bead Geometry

One aim during the proposed mechanical applied test is to subject the welded samples to a
predetermined level of stress. This requires information relating to the cross sectional area.
Even though the welding process was automated, the nature of the FCAW welding process, the
CO, shielding gas and the nature of the basic wire electrode would introduce a certain level of

variability into the weld bead geometry.

Statistical analysis of several cross sectional areas was therefore used to standardise the
geometric variables. After producing several test welds, a confidence interval of 95% was
selected to determine the geometric variables required to calculate the stresses and strains
during mechanical testing. The principle variables needed (see Equations 5.2 and 5.3) were

weld width and weld height. These were then standardised via Equation 5.1.

JI e Equation (5.1)

Where:

X = sample mean

Z @ 95% confidence = 1.96 (determined from normal distribution tables)
S.D = standard deviation

n = sample population
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5.1.4 Method: Stress Determination — Narrow Specimen

A typical 4-point bend test arrangement consists of two rollers on the load span pushing against
two rollers on the support span (Figure 5.5). The longer load span will be in tension and is
subject to a uniform bending moment and uniform surface stresses. Plastic deformation will
occur once the elastic limit has been surpassed. The stress will however vary throughout the
depth of the welded specimen, which will be compression at the base, neutral in the centre and

tensile at the top of the weld bead.

The insert (top right in Figure 5.4) shows that the boundary of the narrow specimen approached
that of a rectangle. This permitted use of the following linear equations to approximate the
maximum stress and maximum strain in the outer fibres respectively (Roark and Young, 1989).

Here maximum linear stress 1S 6max and maximum linear strain iS €may.

— 3 =X P Equation (5.2)
max 2 % W X h2
wxhxo
Cmax =302 412
3 = AL Equation (5.3)

Where S is the specimen span, L is the load span, P is the total load on the two load rollers

(support span), W is the specimen width, H is the specimen height, and o represents the

midpoint deflection. P
L
—>
[ \ |H
e !
Weld bead on support span
S 5
Figure5.5 Tllustration of loading conditions in a 4-point bend test. The support span (P) was positioned on
the deposited weld bead.
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5.1.5 Method: Stress Determination — Wide Specimen

The elastic stresses and elastic strains imposed on a rectangular specimen during bend testing
can be defined by analysing the cross sectional behaviour of the loaded beam. The calculations
required to define the stresses in the wide specimen necessitated determination of the second
moment of area. For this the weld bead was assumed to approximate an ellipse, which was

positioned on top of a rectangular bar, as shown in Figure 5.6.

This configuration created an opportunity to determine the moments of inertia, together with
the neutral axis and the centroid positions of both the weld and the base material. Factoring this
into the global bending moment allowed the linear stress and strain to be determined at the top
of the wide specimen’s weld bead. The precise detail of this method is provided in Appendix
A.

wmmmm [Meutral axis of bead and rectangle
w  wm Peutral axis of rectangle

Figure 5.6 Image relating to the calculation of stresses and strains on a bead on plate specimen where the
weld bead is assumed to approximate an ellipse. The second moment of area allows the elastic
stresses and elastic strains to be calculated.

5.1.6 Method: ANSYS Bend Specimen Comparison

The standardisation of the geometry and the automated welding procedures employed allowed
numeric models to be created from data that were specific to both the narrow and wide bend
specimens. The models were created in ANSY'S using results from the baseline conditions and
also by using the actual weld bead dimensions (Chapter 6.1.1). Both the weld metal and the
base material were assumed to have uniform characteristics and the models therefore only

show geometric effects.
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For the ANSYS FEA Models, the weld bead height, measured from the top of the base material
to the top of the weld bead was 3.5mm. The width of the weld was 7.5mm for the wide
specimen and 7mm for the narrow specimen. The width measurements were half their actual
sizes to accelerate computational time. The length of both models was 165mm and the height
of the base material was 12mm. The element sizes were also standardised to control potential
variations in the results due to variance in mesh density. The models represent specimens
which are equally divided in two along the weld centreline, where the mesh size is 1.0mm
vertical and 0.5mm horizontal. For the purpose of comparison, the stresses at a roller
displacement of 0.5mm, 1.0mm and 2.0mm are presented. In the finite element plots, the
maximum stresses are shown in red or grey, while the minimum stresses are represented in
blue. All stresses shown are in MPa. The image below in Figure 5.7 illustrates the FEA models

generated for the wide and narrow 4-point bend specimens.

() (b)

Figure 5.7 The model on the left (a) represents the narrow bead on plate bend specimen and the model on
the right (b) represents the wide bead on plate bend specimen. Half symmetry shown.
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5.2.1 Result: ANSYS 0.5mm Roller Displacement

Figure 5.8(a) shows the von Misses stresses in the narrow model and Figure 5.8(b) shows the
von Misses stresses in the wide model. At a roller displacement of 0.5mm, the maximum stress
contour for these models was set at 720MPa, which was the assumed yield stress. At the roller
displacement of 0.5mm, no plastic deformation has occurred, as the maximum stresses in the

narrow and wide models are approximately 462MPa and 446MPa, respectively.

The models therefore show that the stresses in the weld cap at a roller displacement of 0.5mm

are generally well below yield, and are similar between the narrow and wide models.

(2) m— ———m—— | | (b) ye— P ——

240 b 400 240 b 400

Figure 5.8 Transverse von Misses stresses at 0.5mm roller displacement. The maximum stress in the

narrow specimen (a) is approximately 462 MPa, while the wide specimen (b) produces a
maximum stress of approximately 446 MPa. No yielding is observed in either specimen.
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5.2.2 Result: ANSYS 1.0mm Roller Displacement

Figure 5.9(a) and 5.9(b) show the von Misses stresses in both models at a roller displacement
of Imm. Both models indicate (grey contours) that the stresses in the weld cap are beyond
yield at this displacement. In the specimen body, the stress contours differ slightly, with the
base of the narrow model experiencing larger (compressive) plastic deformation than the wide
model. Post-yield activity has occurred at the base of the narrow model, while the stresses at

the base of the wide model approach yield.

Figure 5.9 Transverse von Misses stresses (MPa) at 1.0mm Roller Displacement. The contours above
yield are shown in grey. The maximum stress attained in the narrow specimen (a) was 732.5
MPa, while the wide specimen (b) recorded a maximum stress of 737 MPa.
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5.2.3 Result: ANSYS 2.0mm Roller Displacement

Figures 5.10(a) and 5.10(b) show the von Misses stresses in both models at a roller
displacement of 2mm. Both models indicate (red contours) that the stresses in the weld cap are
beyond yield at this displacement. During construction of the model, the height of the weld
bead above the base material was set at 3.5mm. In both models, the outer fibres of this region
(from 2.5mm) were subject to stress levels of approximately 759MPa, indicating stresses
beyond yield. Both specimens therefore have near-identical von Misses stresses, although the

narrow specimen displays a greater distribution of post-yield stresses than the wide specimen.

Figure 5.10 Transverse von Misses stresses (MPa) at 2.0mm Roller Displacement. The contours above
yield are shown in red. A maximum stress of 759 MPa was attained in the narrow specimen
(a), which is similar to the 758 MPa recorded for the wide specimen (b).
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CHAPTER 6

TESTING SINGLE PASS HIGH STRENGTH WELD METAL

6.1.0 Introduction

This phase will present and analyse the results from applied stress testing of both the tensile
and bend specimens defined in the previous chapter. During this present phase, baseline
conditions will be established, after which hydrogen will be introduced into the shielding gas to

either 2% or 5% volume.

The load applied during this phase will equate to values that represent conditions of 80%,
100% and 120% yield stress, as determined during baseline conditions. The specimens will
then either be; (A) Strained to fracture through rising load conditions or (B) Held at a particular

level of applied stress until an event occurs.

The primary aims of this phase will be to (1) induce cold cracking in the weld metal and to (2)
produce quantifiable cold cracking delay times under different applied loading and diffusible

hydrogen conditions.

A specific requirement from the test outcomes will be that only the existing microstructure; the
applied load; the level of diffusible hydrogen and the incubation time should produce hydrogen
assisted crack initiation and propagation. No artificial stress raisers, such as notches or pre-
cracks will therefore be introduced into the test specimens, as these may potentially steer the

crack initiation and propagation to regions where HACC may not occurred otherwise.
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6.1.1 Method: Baseline Conditions

Specifying a predetermined level of applied stress (80%, 100% and 120% yield stress) required
an understanding of how the specimens behaved under normal conditions. These normal
conditions represent baseline conditions, i.e. as welded and under low WM diffusible hydrogen

conditions. No hydrogen was therefore added to the shielding gas.

The loading applied to both the tensile and bend specimens was converted into stress by using
a 95% confidence interval to predict the weld bead cross sectional area (Equation 5.1). To
achieve this statistical average, numerous welds produced under matching test conditions were
examined. The statistical prediction thereby standardised the test weld profile and this was then
used to determine the percentage of yield stress being applied. The calculations to determine

yield stress were presented in Chapter 5.

All welds were deposited on top of 12mm BIS80 plate, under similar conditions, in the same
weld fixture using the same welding parameters and the same welding wire. These weld details
were previously presented in Chapter 4, Tables 4.1 and 4.2. Details specific to the tensile and

bend specimen geometries can be located in Chapters 5.1.1 and 5.1.2.

The loading of the specimens was achieved by using A 500 kN servo-hydraulic testing
apparatus. The loading rate for all specimens, (unless otherwise stated) was Sm/min. The
results were recorded using commercial data acquisition software packages available from the

load frame manufacturer.

Both bend and tensile testing baseline conditions were established. The results from the tensile
tests baseline conditions are presented in Chapter 6.2.1, while the results from the baseline
bend tests are presented in Chapter 6.2.2. The combined analysis of these results is provided in

Chapter 6.3.1.
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6.1.2 Method: HACC in Single Pass High Strength Weld Metal

Preliminary testing revealed that HACC could not readily be generated in the sample materials
without the addition of hydrogen into the shielding gas. A common procedure during all further

testing was therefore to enrich the specimens with hydrogen.

The welded specimens contained three levels of diffusible hydrogen, achieved by introducing
2%H,; and 5% H; to the prescribed CO2 shielding gas. For simplification, this infers that 0%,
2% and 5% hydrogen conditions existed (referring to the addition of hydrogen to the shielding
gas). Diffusible hydrogen variations between the original CO; shielding gas and the additions
of 2%H, and 5%H, to the CO, shielding gas were presented in Figure 4.7. The deliberate

addition of a known %H, to the shielding gas thereby provided a controllable test variable.

To arrested loss of hydrogen from the weld, storage of the specimens in liquid nitrogen prior to
testing was conducted using a standardised procedure. The subsequent mechanical testing was
performed once the samples were brought back to room temperature by means of placing them
in a large reservoir of room temperature water. Care was taken to ensure the thawing

conditions were also standardised.

Testing consisted of clamping the specimens in the test-frame and then moving the crosshead
until either failure or a required load (equating to the desired stress) was reached. Both rising
load and load limit test conditions were therefore utilised. Load limit testing involved
displacing the specimen to a certain applied stress and then maintaining the load at that
crosshead position, as illustrated in Figure 6.6. The ramp speed (Smm/min) was derived from

the baseline conditions. This ensured a constant effective strain rate for all specimens.

The results from tensile testing under hydrogen conditions are presented in Chapter 6.2.3 and

the subsequent analysis is provided in Chapter 8.4

The results from the bend test under hydrogen conditions are presented in Chapter 6.2.4, while

the subsequent analysis is provided in Chapter 8.4.
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Time

Figure 6.1 A common theme of this chapter is applied stress testing of hydrogen-rich specimens. The
illustration above shows that the specimens will be subjected to a defined applied stress until
fracture occurs. Under these conditions, a higher stress will result in a more rapid onset of
fracture and specific delay times can then be associated with each test scenario.

6.1.3 Result: Baseline Conditions — Tensile Testing

A typical result from a standard “hydrogen-free” tensile test is presented below in Figure 6.1.

The tensile test produced a distinct yield point of approximately 700 MPa. The 0.2% offset
method applied to the tensile tests (Figure 6.5) also provided a yield value of approximately
700 MPa. This value would then represent 100% yield conditions and subsequent loading
would be based upon this baseline yield value (see Table 6.2 for the load and yield values). It
will be noted that a value corresponding to 120% yield (840MPa) could not be achieved during

tensile testing and a stress representing 105% (735MPa) was therefore selected.
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Reduced Section Tensile Test - Baseline Condition at 1.5 kJimm
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Figure 6.2 Initial (large) tensile tests were conducted without the addition of hydrogen to the shielding gas.
The results would provide a baseline foundation (100% yield value) for subsequent testing.
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Figure 6.3 The 0.2% offset yield was used to establish 100% yield criteria. The other yield percentages

were then established as a ratio of the offset yield, i.e., 80% yield equated to 0.8 x 698MPa.
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6.1.4 Results: 4-Point Bending Baseline Conditions

Figure 6.4 displays the results from bend test baseline conditions. For comparison, the results
for tensile testing are also included. The work shows that the narrow bend specimen (which
had the smallest cross sectional area) required the lowest applied load to reach yield and
fracture. Even though the tensile specimen had an identical cross section to that of the wide
bend specimen, the difference in mechanical behaviour between the two is significant. It can be

seen that the tensile specimen required greater loads to produce similar strength.

Figure 6.5 shows differences in mechanical behaviour between the narrow and the wide bend
specimens. There are differences in the elastic response of the specimens to loading and

although the time to yield for both is similar, they are not identical.

Figure 6.6 compares the stress versus time for all three specimens. It can be seen that the
specimens with greater restraint require a reduced stress for yield, UTS and fracture. An overall
observation is that the inclusion of the base material either side of the weld will result in an
increase in the load required reach yielding, but it will also decrease the stress required to attain

yield conditions.

Load vs. Time (Rising Load)
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Figure 6.4 Rising load baseline test comparison of three test configurations. The rising load was based on a
crosshead displacement of Smm/min. It is observed that yield conditions occur sooner in the
bend specimens.

110



Load vs, Time (Rising Load)

FOm
L N
s /’ 4PB Yiide
+0m
om o /
Load (M)
- e T 4PB Harow
240 4
150
1am
Eail
o : : : :
o il 1@ 10 20 @ 0
Time (50
Figure 6.5 Rising load comparison between the wide and the narrow 4-point bend specimens. The

difference in mechanical behaviour is due to differences in the respective cross sectional areas.
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Figure 6.6 Stress versus time comparison of the three test configurations. The bend specimens display

similar times to yield, even though the stresses at yield are different. The tensile specimens
required the lowest applied stress for yielding.
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6.1.5 Results: HACC - Tensile Testing

The generation of HACC was achieved by adding hydrogen to the shielding gas and by
straining the test specimens in the tensile test frame. The rising load tensile tests results
contained additions of both 2% and 5% hydrogen in the shielding gas, while the load-limit

specimens were welded with only 2%H in the shielding gas.

The results from the rising load, hydrogen rich specimens (Figure 6.7) display an expected
decrease in ductility (or time to fracture) with each increase in the %H, in the shielding gas. Of
special interest is the observed increase in yield strength, associated with the increase in

shielding gas hydrogen.

A total of three tensile specimens were evaluated at each (load limit) yield percentage, but only
one specimen produced evidence of hydrogen cracking. This specimen was tested at 105%
yield stress and the delay time was 12 hours. See Tables 6.1 and 6.2 for details. No further

tensile testing was conducted under hydrogen rich conditions.

Tensile Test
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Figure 6.7 Tensile test data showing the mechanical behaviour during the application of a rising load for

each hydrogen condition. Note the increase in yield strength (hardening) of the specimen with
each increase in hydrogen.
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Table 6.1

Table 6.2

Load limit specimens were welded with 2%H, in the shielding gas and then tested in conditions
representing 80%, 100% and 105% yield stress.

Test % Yield Time Samples Tested Result
A 80 1 Week 3 No Result
B 100 1 Week 3 No Result
C 105 1 Week 3 1 Fractured @ 12 Hours

Below are the values that were required to achieve the variations in stress necessary for tensile
testing. A value corresponding to 105% was selected as 120% yield stress could not be

achieved.
Stress Load
Extension (mm) Time to Load (S)
(MPa) ™)
80% = 560 220506 2 25
100% = 700 275700 3 40
105% =735 290340 9 108
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6.1.6 Results: HACC — Bend Testing

Typical results from rising load bend testing further illustrate the effect that hydrogen has on
the mechanical behaviour of the specimens. Again an increase in shielding gas hydrogen

content equated to a loss of macroscopic ductility. This can be seen in Figures 6.8 and 6.9.

There was also evidence that an increase in hydrogen translated into an increase in yield
strength. This time the increase in yield strength was observed at both the 2% and 5%
conditions, as seen in Figures 6.8 and 6.9 below. Similar behaviour was previously noted
during tensile testing results of hydrogen-rich specimens (see Figure 6.7). The bend testing
results revealed that this phenomenon was more apparent in behaviour of the wide specimen,

which also generally produced cracking sooner than the narrow specimen.

Figure 6.10 also illustrates a load limit bend testing procedure for 5% hydrogen conditions.
This procedure is similar to what has been described for tensile testing in Chapter 6.2.3. Loads

corresponding to 700, 800 and 900MPa were used for these tests.

These tests were intended to provide indications of hydrogen cracking delay times and it can be
seen that for each specimen type, a higher applied stress under similar levels of diffusible
hydrogen will result in quicker times to fracture. However, two requirements were generally
needed to reproduce cracking in these specimens. The first was that 5%H, shielding gas
conditions were needed and the second was that stresses above yield were necessary. Cracking

did not occur at stresses below yield when subjected to load limit testing.

Chronographically similar delay times could also not be produced under near identical test
conditions. A range of delay times associated with a single test condition would be more
appropriate to describe the outcomes of the testing. As an example, a load limit test with 5%
hydrogen in the shielding gas and an applied stress of 900 MPa produced delay times which
ranged from 100 to 400 seconds. The 300 second range will then represents the timeframe in
which HACC is expected to occur. It is also observed that closer delay times were achieved

during rising load tests, when compared to load limit (applied stress) tests.
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Figure 6.8

Figure 6.9
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Narrow specimen 4-point bend mechanical behaviour (rising load). All specimens were welded
and tested in near identical conditions. Note both the increase in yield strength of the 5%H,
specimens and the range of delay times associated with each test conditions.
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Wide specimen test data showing the mechanical behaviour during the application of a rising
load for each hydrogen condition. Note the increase in yield strength as the % hydrogen in the
shielding gas increases. Similarly, an increase in hydrogen decreases the ductility.
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Figure 6.10
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Example behaviour of load limit (stress controlled) testing relating to specimens containing
5%H,; in the shielding gas. An increase in applied stress translated to a decrease in delay times.
Note also the variations in this time to fracture for matching conditions.
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CHAPTER 7

MICROSTRUCTURAL AND FRACTOGRAPHIC ANALYSIS

7.1.0 Introduction

This chapter is associated with microstructural and fractographic analysis of specimens that
were tested under conditions related to the introduction of hydrogen into the CO; shielding gas.
The focus was to interpret the preferred fracture path produced during the applied bend testing
and to establish what general effects the deliberate introduction of hydrogen will have on the

microstructure. The research focused on the following:

1. The chemistry and microstructure produced.
2. The distribution of nonmetallic inclusions.

3. The fracture initiation and propagation characteristics.

7.1.1 Method: Chemical Composition

The changes in composition that resulted from the introduction of H; in the shielding gas were
determined by BlueScope Steel Central Laboratories. The nitrogen and oxygen contents were
determined via Inert Gas Fusion, while all other elements listed (besides H) were determined
by Atomic Emission Spectroscopy. Samples were welded under near identical conditions and
on the same day, using the same base material and welding wire consumable. The only

difference between samples being the addition of hydrogen into the shielding gas.
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7.1.2 Results: Chemical Composition

Chemical analysis performed on the CO,, 2%H, and 5%H, samples shows that in general the
introduction of H; in the shielding gas had a relatively small effect on the alloying elements
(Table 7.1).

There was a slight increase in, Mn and Ni under elevated hydrogen conditions.
The introduction of hydrogen into the shielding gas also decreased the time for the predicted
martensite start temperature (Ms) from 422 seconds to 416 seconds, in addition to a slight

increase in the weld cracking parameter (Pcm) and the carbon equivalent number (CEy).

Table 7.1 Chemical analysis shows that the introduction of H, in the shielding gas increased, decreased or
had minimal effect on certain alloying elements. The BIS§80 Column refers to the parent steel.

Material (wt 2%H, 5%H,
%) BIS80 CO, WM WM WM CO;, . 5%H,
%C 0.1600 0.1150 0.1150 0.1150 No Change
%V 0.0030 0.0030 0.0030 0.0030
%B 0.0011 0.0003 0.0003 0.0003
%Nb 0.0010 0.0020 0.0020 0.0020
%N 0.0041 0.0041 0.0041 0.0041
%Cu 0.0160 0.0150 0.0150 0.0150
%Si 0.2000 0.2500 0.2700 0.2700 Increase
%Mn 1.0800 1.5000 1.6300 1.6300
%Cr 0.0220 0.1900 0.2100 0.2000
%Ni 0.0280 1.0500 1.1500 1.1500
%Mo 0.2000 0.3100 0.3200 0.3300
%P 0.0140 0.0130 0.0130 0.0140
%S 0.0020 0.0060 0.0050 0.0050 Scatter
%Ti 0.0170 0.0080 0.0070 0.0070
%Al 0.0290 0.0120 0.0110 0.0110
%0 0.0039 0.0390 0.0370 0.0350
CE W 0.39 0.54 0.57 0.57 Increase
Pcm 0.24 0.25 0.26 0.26
CEx 0.38 0.42 0.44 0.44
Ms (°C)* 436 422 416 416 Decrease

The predicted martensite start temperature was calculated according to Keehan et al., (2004).
M;s=539-(423xC)-(30.4xMn)-(17.7x Ni) - (12.1 x Cr) - (7.5 x Mo)
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7.1.3 Method: Nonmetallic Inclusion Analysis

Optical microscopy was employed to measure changes in the size and distribution of
nonmetalic inclusions > 1 pm. The samples used were those produced under matching
conditions, with the only change being the introduction of hydrogen into the shielding gas. The
sample welds were sectioned to reveal a cross section of the weld and then polished to 0.5 um
on a napless cloth in preparation for examination using an optical microscope up to a
magnification of 500X. No etchant was applied. A total of 10 micrographs per location were
produced at 1mm, 3mm and 6mm below the weld cap. This would amount to 30 images per

test condition (COz2, 2%H2 and 5%H?2).

Further analysis was also made possible by using a statistical 2D image evaluation tool
developed at BlueScope Steel. The optical analysis tool was primarily used to reveal the
distribution and size of inclusions smaller than 1 pm (although this is limited by the resolution
of optical microscopy, as discussed later) . Two specimens representing the 0%H2 and 5%H>
(CO2-5%H2) conditions were sectioned parallel to the direction of welding. The sectioned
samples were then ground, polished and finished with a polishing step on 1/4 pm diamond
cloth. A total of 30 micrographs at 1 500x magnification were taken of each sample, at
locations of Imm, 3mm and 6mm below the weld cap. No etchant was used to reveal these non-

metallic features.

7.1.4 Results: Non-metallic Inclusion Analysis

Optical microscope images to compare the inclusion size (>1 pm) distribution between the
varying test conditions are presented in Figure 7.1. for the CO2 and 5%H2 conditions are

presented in Figures 7.2 and 7.3 respectively.

The results from 0%H2 and 5%H2 conditions (<1 pm) that were analysed by the 2D image
evaluation tool developed at BlueScope Steel are presented in Figures 7.4 to 7.6. It must be
noted that not all data is presented as the measurements have a minimum value of 0.20pm.
Particle diameter measurement below 0.20um were considered to be unreliable due to
blurring effects of light diffraction (forming in the microscopes optics) and feature sizes are

incorrect below this value.
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Variations in the surface area density of inclusions between the samples were apparent. In
general, the observations suggest that the introduction of hydrogen into the shielding gas will
reduce the quantity of inclusions observable by microscopy. This can be seen in Figure 7.1,
which shows a decrease in visible inclusions as the hydrogen % in the shielding gas was

increased. This trend is further observed in Figures 7.2 to 7.6.

Figure 7.1 An increase in shielding gas hydrogen content resulted in a general decrease in the inclusions
visible through microscopy for inclusions greater than 1pm. The images are (from left to
right) for the 0%, 2% and 5%H, conditions and were captured at 500 x magnification.
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Figure 7.2 Optical microscope image of inclusions for CO, (0%H2) condition. No etchant was used.

Figure 7.3 Optical microscope image of less numerous inclusions for the 5%H, condition. The large
inclusion was not specific to the elevated hydrogen conditions and was also observed in
similar quantities at lower levels of hydrogen. No etchant was used.
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Figure 7.4 The inclusion size distribution performed on features <I1pum indicates that fewer inclusions are
produced under 5%H, conditions. The resolution limits the analysis to features of diameter
less than 0.20um.
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Figure 7.5 This bar chart shows similar behaviour to that presented in Figure 7.5. The increase in

inclusion (area) fraction for the CO, conditions confirms that they also occupy more weld
metal surface area.
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Figure 7.6 A comparison between the inclusion count (left) and the inclusion area fraction (right) reveal
that the inclusions produced under 5%H2 conditions were generally of a slightly smaller size
than those produced under CO2 conditions.

7.1.5 Method: Cellular Dendritic Spacing

The prior austenite grain boundaries of ferritic steel weld metal are not readily observed
following transformation especially using the standard Nital etchant. It is however possible
to reveal the prior austenite grain boundaries by etching in specific solutions that highlight
the elemental segregates that remain after final transformation. This is also possible for
identification of the original delta ferrite boundaries. The technique can be difficult but with
careful adjustments of etching time and solution temperature an accurate assessment of prior
grain structures can be obtained. This was achieved in the current investigation using a
saturated acqueous solution of picric acid with a small addition of teepol as a wetting agent.
(Samuels, 1999). Although this method does not reveal which elements have segregated, it

can be used to provide an indication of the solidification morphology of the weld metal.

Test samples produced under CO, 0%H, and 5%H, conditions were sectioned transverse to
weld direction, polished to 0.5pm and etched with the solution of saturated aqueous Picric
acid mixed with Teepol. The samples were then submerged in the solution at 60°C for five

minutes and had to be swabbed continuously to avoid severe pitting.

Micrographs were taken at distances of Imm, 3mm and 6mm below the weld cap, from
which a total of 75 measurements per condition were made to size the cellular dendrite cells

or the widths of the previous delta ferrite grains. The delta ferrite grain size was
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quantitatively determined using a linear intercept method . The aim of this investigation was
to compare observations along three regions of each weld to identical regions in the other
weld. Care was also taken to size the cells situated in the typical as-deposited microstructure

of that region in the weld.

7.1.6 Results: Cellular Dendritic Spacing

The dark regions in Figure 7.7 below indicate areas of higher alloying element
concentrations. The darkening observed is due to intercellular dendritic microsegregation,
which occurs during the primary solidification mode of the weld metal. Linear measurements
across the cells revealed that the introduction of H; into the shielding gas reduced the width
of these intercellular dendritic cells (Table 7.2 and Figure 7.7). The grains in Figure 7.7 are
columnar and follow the solidification from bottom to top in the figure. Sectioning was done

transverse to the direction of the weld.

Table 7.2 A linear measurement of the cellular dendritic cells revealed that the introduction of H, into
the shielding gas reduced the width of the cells.

O (m)) 5%H 2 (um)
M esn 95 54
Ml exdi o 100 83
Mace 95 78
2] 11 9
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Figure 7.7 Comparison along matching regions for CO, 0%H5and 5%H, conditions. The Picric/Teepol
etching reveals narrowing of interdendritic cells when H; is added to the CO, shielding gas.

7.3.3 Analysis Cellular Dendritic Spacing

It is logical to assume that the delta ferrite grain size will directly influence the austenite grain
size as a result of the direct grain boundary nucleation during transformation. Narrowing of
the elongated columnar grains will imply narrowing of the prior austenite grains. No change
in the levels of typical microalloying elements which assist grain refinement (Nb,V and Ti)
was dound (table 7.1). The reason why cell sizes are narrower for weld metal made under
hydrogen rich shielding gas is therefore not entirely clear, although it is assumed that an
increase in weld cooling rate may be experienced when hydrogen is added to the gas. The

decreased cell size is however believed to lead to finer prior austenite grain size.

Refinement of the austenite grain size is generally a favourable development; however
austenite grain refinement will also increase the austenite grain boundary surface area
available for bainitic transformation if the cooling rate is appropriate.. Bainite formation and
grain boundary transformation products would then compete with the formation of
intragranularly nucleated acicular ferrite. A reduction in non metallic inclusions would also

enhance the formation of less favourable microstructures from grain boundary regions.
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7.1.7 Method: Microscopic Analysis of fractured specimens

The tested specimens were fractured in liquid nitrogen, sectioned, rinsed in alcohol, dried
with compressed nitrogen and then stored in a desiccator. This process allowed the failed
regions to be analysed using optical and scanning electron microscopy. Use of these two

resources permitted both specific and generalised observations to be made.

Scanning electron microscopy (SEM) was conducted from 500 to 15000 magnification, while
light microscopy was performed up to a magnification of 1000x. For SEM analysis, the
samples were mounted on a stub with double sided carbon tape and characterised using a

Leica Stereoscan 440 scanning electron microscope.

The ferritic steel surfaces were imaged with secondary electrons using an accelerating voltage
of 20k eV and the working distance for the secondary electron imaging was approximately
25mm. Light microscopy was performed using a Leica DMRM microscope. This operated in
bright-field reflectance mode and was equipped with lenses that allowed imaging up to 500x
magnification. The sample images were observed in real time via a computer connected to a

Panasonic CCD camera. Image capturing was by Video Pro 32 software.

7.1.8 Method: General Microstructure

In an attempt to make general observations, the weld metal microstructures produced under
CO,-0%H> and 5%H, conditions were investigated using the guidelines produced by IIW
Doc.No.IX-1533-88, Guide to the Light Microscope Examination of Ferritic Steel Weld
Metals (1988).

The sample welds were sectioned transverse to the direction of welding, mounted and then
polished to 1um on a diamond cloth. They were then etched with a 5% Nital solution, after
which scribe marks were centrally positioned at depths of 1mm, 2mm, 3mm, 4mm and 6mm
below the weld cap. These scribe marks would indicate a standardised location from which

micrographs could be produced.
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7.1.9 Results: Microstructure

The complexity of high strength ferritic steel microstructure required that numerous
micrographs be produced for light microscopy. Magnification below 200x did not provide
images from which clear distinctions could be made of the microstructures and the optimum
magnifications required to adequately discriminate microstructural differences was at 400%

and 1000x.

All micrographs typically show a chaotic and mixed arrangement, containing ferrite with
second phase (FS), acicular ferrite (AF) and bainite F(B). Other major constituents such as
grain boundary ferrite PF(G), ferrite with aligned second phase F(SA) and ferrite with non-
aligned second phase FS(NA) are also observed (Figure 7.8). Comparisons between typical
microstructures produced under CO2 shielding conditions with those produced under CO,-

5% H; shielding gas conditions are presented in Figures 7.9 and 7.10.

Four micrographs taken from four different samples to focus on the ferrite content is
presented in Figure 7.11. These images represent typical CO,.0%H, and CO,.5%H,
microstructures. Once 5%H, is added to the CO; shielding gas, the top 2 photographs of
figure 7.11 indicate less numerous ferrite laths occur, in addition to coarsening of the general

microstructure.
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Figure 7.8 Typical mixed and chaotic high strength ferritic weld metal microstructure produced during
this research. A 5% Nital etchant was applied..
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Figure 7.9 A presentation of the mixed and chaotic high strength ferritic weld metal microstructure
produced during this research after etching with 5% Nital. No hydrogen was introduced into
the CO, shielding gas.
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Figure 7.10 A reduction in ferrite laths and a coarsening of the general microstructure is observed after
5%H, was added to the CO, shielding gas.
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Figure 7.11 The micrographs above were produced from four different samples, representing CO, and
5%H, conditions. It appears that a coarser microstructure is produced when hydrogen is added
to the shielding gas as shown in the top two photographs.
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7.1.10 Results: Fracture Surface Microscopy

Selected images of fracture surfaces of the welds produced under hydrogen mixtures are
presented below in Figures 7.12 to 7.23. The samples were fractured in liquid nitrogen and
represent a plane transverse to the cracking. All light microscopy images have been etched

with 5% Nital, unless otherwise stated.

The cracking observed in Figure 7.12 is the result of applied bend testing and propagated
transverse to the direction of the bend stress. It shows the typical staggered nature of
hydrogen assisted cold cracks. In addition to a surface breaking crack, the specimens also
contained microcracks along the columnar solidification structure, which is outlined by the

arrows in Figure 7.13.

Initially, the fracture paths were thought to follow the outlined elongated o-ferrite grain
boundaries, but it was apparent by examination of numerous sections that the fracture
typically propagated along the prior austenite grain boundaries (Figures 7.14 and 7.15). This
hypothesis was strengthened by the observation thatthe subsurface cracks propagated along

microconstituents that developed from the prior austenite grain boundaries.

Figure 7.14 to 7.15 show that cracks propagated along and through grain boundary nucleated
microstructures, while Figures 7.17 and 7.18 shows that the most likely microstructure from
which cracking will emanate is associated with FS (ferrite with second phase) situated in
between the columnar solidification boundaries. It was also a typical observation for bainite
to be adjacent to the microstructure from which the microcracking originated. The regions in

which the cracks originated are also characterised by minimal allotriomorphic ferrite content.

Figure 7.19 shows a specimen that had been etched with a Picric acid/Teepol solution to
reveal regions which contain microsegregation and large inclusions. These features appear to
decorate the boundary along which the crack has propagated. The Picric/Teepol etch also
established that surface breaking cracks did not completely follow the columnar d-ferrite
grain boundaries suggesting that the initiation of cracking was microstructurally dependent

but that crack propagation may not (Figure 7.20).
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A scanning electron microscope image (Figure 7.21) shows that subsurface cracking was
observed to be inter-columnar, following the path of solidification. A ductile tearing
mechanism is also at the top end of the crack in Figure 7.22, in addition to quasi cleavage

features related to brittle fracture (Figure 7.23) (ie a mixed fracture mode)

y
Wy 4

Figure 7.12 Typical fracture profiles produced during bend testing. The specimen on the left has not been
etched, while a light 5% Nital etch was used for the specimen on the right. The 900MPa and
800Mpa represent the loads at which the specimens were held until surface breaking cracking
occurred. The scale bars represent 300um.
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Figure 7.13 Cross sectioning of a failed specimen indicates that in addition to a surface breaking crack, the
specimens also contained microcracks along the columnar solidification structure, outlined by
the arrows.
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Figure 7.14 Image of a microcrack through PF(A), indicating that the fracture propagated along and
through microconstituents that grow from the prior austenite grain boundaries.

Figure 7.15

Image of a microcrack in a region
sparse in PF(G) The faint black
line arrowed at the top of the
crack indicates a prior austenite
grain boundary.
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Figure 7.16

Image of a microcrack at a prior austenite
grain boundary. Other microstructures
identified are bainite F(B), ferrite with
second phase (FS) and ferrite with aligned
second phase FS(A). The faint black line
arrowed at the top of the crack indicates a
prior austenite grain boundary.

Figure 7.17
Subsurface crack situated in a region with
minimal grain boundary ferrite.
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Figure 7.18 Microstructure identified as bainite F(B) is typically adjacent to the ferrite with second phase
from which cracking originates. Note also the lack of grain boundary ferrite where the
cracking is situated.
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Figure 7.19 A Picric/Teepol etched sample of a surface-breaking crack showing that the fracture
propagation path was decorated by microsegregation (A) and large inclusions (B).

Figure 7.20 A Picric/Teepol etch revealed segregated elements that outline the original columnar 6-
ferrite grain boundaries. It can be seen that the crack did not completely follow the columnar
d-ferrite grain boundaries.
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WD= 25mm
EHT =20.00 kV

Figure 7.21 SEM image of a weld that failed during bend testing. The specimen was fractured in liquid

nitrogen and occurred by intercolumnar fracture.

5%H 10 000X 2.5mm
Vertically Down
into Weld Metal

ot
~ \\,_v-])U,CTILE TEARING

o o4 /)
i

™

WD= 25mm
EHT =20.00 kV

Detector = SE1

Figure 7.22 SEM image at top end of the crack shown in Figure 7.21. A ductile tearing mechanism is seen
to be in operation. This is due to the propagating crack front escaping the hydrogen
atmosphere and requiring an increase in energy to continue fracture.
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Figure 7.23 In addition to the ductile tearing observed in Figure 7.22, quasi cleavage facets were also
noticed adjacent to subsurface cracks.
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CHAPTER 8

DISCUSION

The investigation was carried out in several stages with each phase informing the conduct of
the next. For this reason the following chapter discusses the outcomes of each phase in

sequence followed by the final conclusions of the work.

8.1 Deliberate Generation of Multipass Weld Metal Cold Cracking

The motivation of this part of the work was to determine whether HACC could readily be
initiated in the target materials and to establish which nondestructive testing methods would
constitute the most reliable for its detection. Cold cracking was deliberately generated in a
40mm thick multipass weld deposits .Experimental data to aid the study of delay times in

high strength ferritic weld metal was also produced.

Modern high strength ferritic weld metals are designed to exhibit good strength and
toughness properties and it is therefore unlikely that standard welding practices would have
initiated cracking in the test plate used. Olson (1999) Hydrogen assisted cold cracking was
deliberately generated by (i) adding hydrogen to the shielding gas, (ii) not applying preheat,
(ii1) maximizing the weld cooling rate, (iv) maintaining low interpass temperatures and (v)

increasing welding restraint.

For the welding of the high restraint test plate under the given conditions, transverse HACC
was found throughout the entire weld, although a trend was observed which pointed towards
the upper third region of the multipass weld being where the highest concentration of cracks
were situated. The majority of cracks were transverse and were located by conventional UT,
either left or right of the weld centreline. This has also been reported by Kuebler et al., (2000)
and Takahashi et al. (1979), who indicated that this region of the deposited weld is where
both maximum longitudinal residual tensile stresses and the maximum hydrogen

accumulation occurs
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Cracking was hydrogen assisted cold cracking because of the staggered or stepped
appearance and the delay times involved. Certain cracks were still propagating after a month,
while others remained stable. The largest cracks were located near the transverse stiffeners
and the longitudinal restraint end welds, which would have experienced the greatest restraint
and possibly the fastest cooling rates. The faster cooling rate being produced by a heat sink

effect of the stiffener plates and longitudinal end welds.

Radiographic testing (RT) of the weldment did not detect all cracks and planar defects
because of the limitations of this technique with certain crack orientations. For example,
radiography was only successful in detecting two significant surface-breaking cracks, which
were almost through-thickness. Similarly, magnetic particle inspection was only successful in

detecting the same two surface-breaking cracks that were detected by RT.

Acoustic emissions (AE) was capable of identifying both the initiation and propagation of
hydrogen cracking, as also reported by Trevisan and Fals (1999). It was shown in this work
that AE correlated well with conventional UT, which was the most accurate method for
detecting transverse cracking in the deposited weld. Due to the excessive number of
transverse cracks generated in the test plate, it was impractical to size and locate all cracks
via UT. Defects such as lack of sidewall fusion and group porosity did not appear to initiate

cracking in this multipass configuration.

The majority of acoustic emission activity in the vicinity of the weld occurs in the first two
days, after which relative acoustic silence was detected. There appears to be no acoustic
emissions detected after three days, which is misleading, as crack propagation was detected
beyond this time by conventional UT. The reason for the lack of AE crack detection after
three days is believed to be due to the decrease in acoustic emission intensity with time, as
hydrogen will have diffused away from the weldments, relaxing the stresses and emitting
fewer signals. It is also probable that the cracking was occurring via a different method, one

which may not be detectable by the AE method employed in this study.

Another possible reason for the lack of AE detection after three days is that in order for

acoustic emissions to be accepted by the test software, it had to be detected by all four
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sensors. The acceptance criteria can be set at various sensitivities to overcome this
inadequacy, such as accepting emissions that are detected by any three of the four sensors.

It is important to note that an increase in test sensitivity will not only increase the number of
cracks detected, but also lead to more noise (or “phantom’) emissions, which will make data

analysis more cumbersome and time consuming.

Figure 3.14 shows a plot of acoustic emissions in the range of 0.20-1.20 MHz associated with
HACC and reveals two typical emissions types. The first is a relatively low frequency
emission at ~250 HZ and is attributed to crack propagation. The second is a combination of a
low frequency (~250Hz) and high frequency (~500Hz) emission, which is most likely a
combination of crack propagation and plastic flow ahead of a crack tip (Graham and Alers,

1975).

Figure 3.13 and 3.14 further support an established principle of HACC, which maintains that
the growth of HACC occurs in stages. Other possible reasons for the two distinct types of
emissions may also be ascribed to the varying nature of WM HACC. The fracture path can

either be transgranular or intergranular,.

These varying fracture paths will understandably emit differing acoustic signatures and will
be dependent upon the stress intensity at the crack tip and the local hydrogen concentration
Beachem (1972). Multiple frequency detections have also been referred to by Yurioka and
Suzuki (1990), who showed that acoustic emission signals detected during hydrogen crack

process were operating in a discontinuous and staggered manner.

An acknowledged limitation of the AE work undertaken was that crack initiation times were
not specifically researched. The volume and close proximity of the emissions impeded closer
scrutiny of the signals that constituted crack initiation. This resulted in the two stages
(initiation and propagation) being bound together and treated as one, namely as “crack
activity”. No conclusion can therefore be made with regards to when the crack initiation
occurred. Although it is outside the scope of this study, further work is required to
investigate the relationship between specific acoustic emission frequencies associated with
crack initiation in high strength weld metal and so assist in the accurate prediction of HACC

delay times.
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From the emissions that could be recognized as crack initiation, AE monitoring revealed that
the majority (but not all) of emissions occurred within 48 hours of the completion of welding.
These delay times are a typical trademark of HACC and may reveal certain deficiencies in
Engineering Standards, with regards to the timing of the final inspection and the requirement
to perform final NDT inspection immediately after the weld has cooled. For example,
AS4037 and AS4041 do not address the importance of delaying the final non-destructive
evaluation, and AS4041 only stipulates that when an alternative for radiography and

ultrasonic testing is applied, the weldment must be allowed to cool for the final inspection.

There is fortunately an accepted understanding that non-destructive testing or evaluation of
weldments should be delayed for several hours, particularly for critical applications (such as
for fatigue and pressure vessel applications). This requirement is evident based on the results
shown in Figures 3.11, 3.12 and 3.13, where cracks propagated well after 48 hours. Crack
propagation is shown to occur between 15 and 27 days in Figure 3.11 and acoustic emission
activity was detected at three days. Investigations by Pargeter (2003) on similar strength
material (HY100) also revealed that crack initiation occurred as long as 65 hours after

welding.

HACC delay times are expected to be influenced by the diffusivity of hydrogen in the weld
metal, the tendency for hydrogen to migrate to or remain at sites of high tri-axial stress, and
by the physical distance hydrogen is required to diffuse before it can concentrate around
inhomogeneous features (i.e. inclusions, grain boundaries and dislocation pileups) to cause
cracking. The above requires that hydrogen must maintain a certain level of mobility within
the microstructure, and the delayed nature of hydrogen cracking is often based on the

assumption that cracking must be diffusion controlled.

For the multipass weld investigated, higher levels of diffusible hydrogen were introduced into
the weld metal by adding 2%H to the prescribed CO, shielding gas. This was sufficient to
generate HACC and increased the expected diffusible hydrogen levels from ~2ml/100g to ~7
ml/100g (see Figure 3.7). It must be emphasized that this value does not represent the
diffusible hydrogen for the total weld, but for each individual weld deposit.
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The diffusible hydrogen tests were carried out on single bead on plate samples and gave an
indication of the level of diffusible hydrogen (ml/100g) of a single run. It is expected that the
total diffusible hydrogen content may have accumulated to some degree with the deposition
of each pass. This will however depend on the relative transformation temperatures of the

weld metal and the heat affected parent material.

The primary aim was to generate HACC in high strength steel weld metal, and to determine
which NDT methods were the most reliable. The work formed a foundation for further
investigations into cold cracking delay times.

In summary it was found that:

e Hydrogen assisted cold cracking can intentionally be generated in multipass high
strength ferritic steel weld metal by the introduction of hydrogen into the shielding
gas and by imposing high restraint conditions upon the weld. The diffusible hydrogen
levels and stresses imposed were however not significantly higher than the possible
conditions experienced in poorly controlled field welding practice.

e Transverse cold cracks were noted throughout the entire weld using conventional and
acoustic emission testing equipment. The majority of crack activity was situated
towards the upper region of the multipass weld.

e Ultrasonic inspection provided the most reliable method to detect HACC

e The majority of crack activity detected by AE occurred within 48 hours, although
some crack activity exceeded 30 days.

8.2 Diffusible Hydrogen Testing

The ability to measure the diffusible hydrogen content provides a means of determining the
degree to which a given welding consumable, the associated welding process and the
environmental conditions are likely to introduce hydrogen into the weld metal. The diffusible
hydrogen testing in this body of work was undertaken to determine the hydrogen levels

obtained when H, was added to the shielding gas.
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The accuracy of the hot extraction method (HE) used was considered in a previous study by
Nolan and Pitrun (2003). The results of their study showed that the HE method typically
removes more hydrogen as “diffusible hydrogen” than the commonly used mercury and gas
chromatography test methods, giving higher readings. The difference of 0.2 - 0.3 ml/100g was
however considered insignificant and within the accepted accuracy level of +1 ml/100g of

deposited weld metal.

The hydrogen test assembly requires single bead on plate arrangements, although multipass
weld deposits have been used if the specimen can fit into the testing apparatus. This is
achieved by depositing the weld metal into a groove to produce an “as fused” hydrogen test
assembly (Pussegoda et al., 2004). The constraints of the general test methods, however, limit
the testing to only a few passes and may therefore not be indicative of thick welded sections.

The reheated weld metal microstructure of multipass welds may possibly also create different
trap densities when compared to single pass welds. The delay time to fracture in thick
sections will be expected to increase as a result of the greater hydrogen diffusion distances
and the thermal effects of multipass welds will also have to be accounted for. It is therefore
understood that a single pass weld metal diffusible hydrogen test will differ from a multipass
weld. The aim to control the weld metal hydrogen content for research purposes was thereby

easier to achieve when utilising single bead weld deposits.

To quantify the diffusible hydrogen content in this thesis, modification of the typical
hydrogen test assembly was required because preliminary welding trials indicated that the
weld deposits were wider than the 15mm typically recommended for the hydrogen test
samples. This issue was resolved by rotating the hydrogen sample by 90° so that its width
was transverse to the welding direction (Figure 4.3).

It was also impractical to use the smaller copper welding fixture as prescribed by the relevant
standard because the energy released by the 1.6mm welding consumable and the width of the
weld bead necessitated the use of the larger welding fixture. This method has previously been

used with success by White et al., (1992) and Pitrun (2004).

Using a larger test specimen and a larger diffusible hydrogen test assembly indicated that an
uneven distribution of hydrogen will occur along a fixed length of deposited weld metal. For

baseline conditions (no hydrogen added to the shielding gas), a gradual decrease in diffusible
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hydrogen along the length of the weld was recorded. At 50mm from the end of the weld, the
hydrogen sample typically contained 2.1ml H, per 100g of deposited weld metal, while at
250mm, the result was 1.35ml/100g.

Each hydrogen sample in the extended test assembly would consequently also indicate what
the WM diffusible hydrogen content was for quench delay times of 5, 45 and 90 seconds.
These times relate to the time it took for the travelling arc to move away from deposit weld
metal and a longer time equated to a decrease in diffusible hydrogen content. It is expected
that the extended time before quenching of each sample was the principal reason for the

decrease in diffusible hydrogen.

The addition of H; to the shielding gas provided a mechanism whereby a certain degree of
control could be exercised over the quantity of diffusible hydrogen present in the welded
sample. The addition of 2% hydrogen to the CO, shielding gas increased the level of
diffusible hydrogen from ~2ml/100g to ~7ml/100g. This was an increase of 350%. The
addition of 5% H, to the shielding gas increased the diffusible hydrogen to ~15ml/100g, an
approximate increase of 750% (see Figure 4.7). Although the values for the H, addition may
appear to be extreme, they assisted in representing low, mean and high values of diffusible

hydrogen, which were then subsequently used during mechanical testing

The susceptibility of the FCAW consumable used during the present investigation to
hydrogen pick-up was also evaluated. This was undertaken to determine whether it will
influence the test specimens. Two reels of welding wire were compared during a 10-month
atmospheric exposure trial period. The test relied on ambient conditions and the period
selected ensured that a range of atmospheric humidity levels could be accounted for.

A dry-stored and an exposed reel of welding wire were compared. The results show that there
was a marginal increase in diffusible hydrogen content for both reels of wire consumable
with respect to the increase in relative humidity. The difference between the minimum and
maximum values was, however, less than 1ml/100g and one could argue that the accuracy of
the laboratory apparatus decreases at such low levels of diffusible hydrogen (from

approximately 1.8ml/100g to 2.4ml/100g).
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The results from this exercise specified the degree to which the welding wire consumable
needed to be shielded from atmospheric exposure for prolonged periods. Overall, the
susceptibility to increased hydrogen content from atmospheric exposure appears to be a
function of the electrode flux, the electrode manufacturer method (seamed or seamless), the
packaging method, the consumable storage time and possibly the wire diameter (Harwig et
al., 1999). The seamless, fully basic consumable used during this research was therefore not
considered to be susceptible to a level of hydrogen pick-up that warranted concern. It must
however be mentioned that mechanical testing was not performed on this exposed FCAW
consumable and even though negligible results have been seen in terms of hydrogen pickup,
the effect due to exposure on mechanical properties is not known. The exposed reel of

welding wire was therefore not used during the applied stress testing.
This part of the investigation indicated that with care an acceptable amount of control of

diffusible hydrogen content can be achieved by introducing hydrogen into the shielding gas.

In summary:
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The location of the hydrogen sample along the weld path is an important
consideration when conducting weld metal diffusible hydrogen measurements. A
gradual decrease in diffusible hydrogen readings was recorded the further the
hydrogen sample was positioned from the weld start point. This demonstrated
hydrogen effusion from the weld prior to the sample being quenched in liquid
nitrogen.

The addition of 2% hydrogen to the CO, shielding gas increased the level of diffusible
hydrogen from “2ml/100g to ~7ml/100g.

The addition of 5%H, to the shielding gas increased the diffusible hydrogen to
“15ml/100g. The variation between each data point for one hydrogen condition was
typically less than 1.5 ml/100g.

The consumable used did not appear to be particularly susceptible to hydrogen pickup
from either storage or from ambient conditions.

The addition of H, to the shielding gas provides a means whereby an acceptable
degree of control can be exercised over the quantity of diffusible hydrogen in the
welded sample during testing.

8.3 Development of WM HACC Test Specimens

Large reduced section tensile specimens were initially considered for mechanical testing,

primarily as their gauge length matched the length of the welding fixture used to determine

the diffusible hydrogen content. The suitability of tensile testing as an ultimate test medium

was however not justified, due to the cross sectional stress distribution in the composite

material (bead on plate) and the large size of the specimen. These large specimens required

significant machining, large test plates and subsequent post-weld storage in a custom-built

liquid nitrogen container. The deposition of a weld bead on top of the base material created a

composite tensile specimen that would have produced variable strains across the thickness,

complicating the determination of stress.
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During tensile strains, the elastic response from the weld metal may have been different to
that of the base material. It would therefore not have been possible to readily determine with
reasonable accuracy what percentage of the weld metal was being evaluated. Although some
mechanical testing was conducted with these large tensile specimens, a different approach
was required, one that specifically targeted the weld metal and minimised the influence of the

base material. The alternative test configuration was found to be in the form of bend testing.

The numeric modelling showed that bend testing will focus the stresses on the weld bead.
There was, however, an initial suspicion that bend testing may induce high stresses in the
HAZ and the weld toes, thereby leading to premature test endpoints. A narrow specimen was
designed and experimented with, which did not contain the original weld toes. Numeric
modelling subsequently demonstrated that the stresses in the HAZ and the weld toes remain
relatively low. Further justification for the narrow bend test specimen lay in its ability to

reduce the load requirement of the test frame.

There was also the understanding that the narrow specimen would produce a faster internal
strain rate, which would affect the hydrogen-dislocation interactions. Inclusion of the narrow
specimen thereby facilitated a clearer understanding of the impact that geometric variations
could have on test outcomes. Both the wide and the narrow specimens were therefore

regarded as suitable test specimen geometries.

The research undertaken in Phase 1 showed that the region in which HACC occurs falls
within the upper third of the weld deposit. Related research demonstrated that the local
hydrogen concentration reaches its maximum value in this region, typically 0.75-0.90 of the
weld thickness (Kinsey, 1998). From this it was concluded that even though the stress from
bending would reach a maximum in the outer fibres, HACC is not expected to originate from

the outer fibres.

Numeric modelling was employed to observe the nonlinear behaviour of the test specimens
under bending. Load-displacement values derived from baseline conditions (no H, in the
shielding gas) were incorporated into ANSYS models to simulate the nonlinear behaviour of

both the wide and the narrow specimens. The key variable used to evaluate the behaviour of
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the two different specimen geometries was deflection, which was set at 0.5mm, 1.0mm and
2.0mm. These values were covered a range that included both elastic and plastic behaviour.
Applying a von Misses criterion calculated whether the stress combinations at a given point
would cause failure based on the mechanical properties of the material, i.e., when the sum of
all principal stresses exceed yield. A surprising result from the ANSYS models was that at
the displacements studied, the von Misses stresses acting in both geometries revealed similar
plastic responses to the applied loading.

Although these stresses were similar, variations in the magnitudes of each principal stress
(between the different geometries) was however expected. To illustrate this, the relative stress
in both a rectangular specimen and an un-machined specimen is compared below in Figure
8.1. The weld bead geometry was assumed to be identical for both. During loading, it will not
be the total stress applied to the specimen that causes yielding, but rather the effective stress,
which in this work was influenced by the width of the base plate during testing. To explain
this, one has to consider that the increased width of the wide specimen will decrease the
height of the centroid and it will also lower the effective stress (average stress) in the
specimen.

The stress required for yielding of a wide bend specimen will subsequently be lower when
compared to the narrow specimen. It is therefore expected that during mechanical testing,
differences in delayed cracking times between the two specimens will be observed. A faster
internal strain rate will be experienced by the narrow bend specimen, which will result in a

decrease in the effects of dislocation dragging.

¥ ey = 10.50mm Y e = 12.02mm

______________________________________________

50mm wide plate

Centroid height 9. 50mm Centroid height 7 98mm
O eld! Cplate = 1.91 O weid! Cpiate = 1.71
Figure 8.1 Schematic showing the variation in effective stress (Gyeida/Opiate) When comparing the narrow

and wide bend specimens.

It is recognised that one limitation of the FEA study was the reliance on “displacement”

instead of “time”. As the narrow specimen had a lesser cross sectional area, a defined roller
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displacement would have had a greater effect. However, in defence of the original choice,
one may propose that even though the load required for each respective roller displacement
was different, the results indicate that the von Misses stress at these deflections are

comparable.

The use of an applied strain (or roller displacement) thereby enabled direct comparisons to be
drawn between the two specimen geometries. This result further illustrates that both bend test
geometries ultimately satisfy the criteria to concentrated the loading in the weld metal,
especially as no artificial stress raisers (such as notches or pre-cracks) were introduced. The
decision to use the 4-point bend test also subjected a larger amount of weld metal to the
applied stress, enabling the study of crack initiation at existing microstructural features or

defects over a greater region.

The test configurations developed in Phases 2 and 3 allow the manipulation of factors held
responsible for hydrogen assisted cold cracking. It does this by introducing a controllable
quantity of diffusible hydrogen into an un-notched welded specimen. Variables such as time,
load, and applied stress and strain can then be manipulated to produce HACC under bend
testing. Individual or joint manipulation of these variables will allow the study of individual
aspects that influence hydrogen assisted cold cracking. The following conclusions can be

drawn from these investigations:

e Tensile testing as a test medium is unsuitable for WM HACC testing when the tensile
stresses are applied to a composite structure in which each component has different
yield and tensile strengths.

o Numeric modelling showed that bend testing will focus the stresses in the weld bead
and that both the narrow and the wide bend specimen will be subjected to similar von
Misses stresses.

e Compared to the narrow bend specimen, the higher restraint imposed on the wide
bend specimen (due to the increase in base plate width) will reduce the (effective)
stress required for yielding.

e Due to the reduced cross section, the narrow bend specimen can be used where a
smaller load-frame is available.
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e [t is believed that a faster internal strain rate will be experienced by the narrow bend
specimen, when compared to the wide specimen. This faster internal straining will
decrease the effects of dislocation dragging.

e The narrow and the wide specimens will produce dissimilar hydrogen-dislocation
interactions and ultimately different hydrogen cracking delay times.

8.4 Mechanical Testing

The mechanical behaviour of the tensile, narrow and wide bend specimens was different
during mechanical loading (Figures 6.4 to 6.6). Each produced different results in regards to
delay times. Under similar applied strain rates, the bend specimens achieved yield conditions
sooner than the tensile test, while the wide bend specimens appear to reach yielding slightly
sooner than the narrow specimens. What was also observed is that the tensile specimens
produce yielding conditions at lower applied stresses, followed by the wide bend specimen

and then the narrow bend specimen.

From this behaviour it can be seen that an increase in restraint (wide bend specimen) will
decrease the applied stress required for yielding, but this increased restraint will however also
increase the load required for yielding. The effect of restraint was arguably also key in
producing sufficiently high stresses to generate HACC in Phase 1. Here the stiffener plates
enhanced the multipass weld’s susceptibility to HACC by effectively maintaining elevated

restraint stresses in the multipass weld.

The gauge length of the tensile specimens was very similar to the length of the wide bend
specimen, which may imply that comparable results can be expected. The outer fibres of the
wide bend test specimen was however subjected to a higher magnitude of applied stress,
which resulted in a significant decrease in load required to fracture the wide bend specimen,
when compared to the tensile test specimen. A further reason for the difference in the results
between the tensile and bend specimen is that the gauge length of the tensile specimen was
much greater than the region in between the rollers where the stresses were concentrated

during the 4-point bend testing. The difference in stiffness observed between the tensile
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specimen and the wide bend specimen is therefore expected (see Figures 6.5 and 6.6). One

can subsequently not equate the results under one test condition to those of another.

Due to the variations in mechanical response, all three test regimes (tensile, narrow and wide)
was expected to generate variations in hydrogen/dislocation interactions, produced by the
differences in the geometric restraint of each specimen. This complicates any attempt to

standardise the behaviour (or compare delay times) of the three specimens tested.

Both constant load (position controlled) and rising load (slow strain rate) tests were
conducted to generate cold cracking delay times. Experimental work by Goa et al., (1994)
showed that during constant loading tests, crack initiation sites always correspond to the point
of maximum hydrostatic stress, which is located some distance ahead of the notch tip. For
slow strain rate tests, cracking originated at the notch tip, which corresponds to the point of

maximum equivalent plastic strain.

When comparing the two bend specimens, one can observe that slight differences in delay
times were generated at 5%H, conditions, while a greater spread in delay times were
observed under the 2%H, conditions. It is believed that the reason for this can be attributed to
the overriding dominance that the diffusible hydrogen had at 5% and this large volume of
diffusible hydrogen produced conditions that were sufficient to deliver closer matching delay
times. At greater quantities, hydrogen will therefore have a significant impact on its own,
although this impact becomes obscured at lower quantities and a greater emphasis should be

placed on the combined factors that result in weld metal cold cracking.

Variations in delay times were not exclusive to differences in the % H, in the shielding gas,
as differences were also noted for near-identical test conditions. An example of this is the 200
second difference in delay time produced between similar specimens that were tested at
900MPa (Figure 6.10). It must however be noted that the delay times generated in Phase 4
were first recorded when a load drop was observed in the testing apparatus. The speed of the
propagating crack also resulted in the appearance of a surface breaking crack, before the test
was manually terminated. It is therefore proposed that one reason for the differences in delay
times can be associated with the distances that the propagating cracks had to travel before

they broke the surface. Longer crack path before fracture of the outer fibres would therefore
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result in longer delay times. A more tortuous path in one specimen will then equate to an

increase in time before surface-breaking fracture occurred.

During mechanical testing under hydrogen-rich conditions a progressive decrease in
elongation (ductility) was observed with each increase in the level of diffusible hydrogen.
There were also clear indications that an increase in the shielding gas hydrogen content will
result in an increase in yield strength, which may be interpreted as macroscopic hardening.
As an example, the Yield/UTS ratios (strain hardening behaviour) of the tensile specimens
were in the order of 0.85. The addition of hydrogen to the shielding gas increased these ratios
to 0.90 and higher, which subsequently led to a reduction in elongation. The data further
reveals that severe plastic collapse is expected at ratios of 0.95 and higher. This result is in
agreement with the belief that the threshold stress intensity at the onset of hydrogen cracking
decreases with an increase in yield strength, i.e., an increase in yield will reduce the stress

required to initiate HACC (Ferreira et al., 1998; Nedelcu and Kizler, 2002).

The hypothesis that macroscopic hardening (increase in yield strength) was observed under
hydrogen-rich conditions centres on dislocation drag or dislocation pinning effects. Because
hydrogen is an interstitial atom, it finds its way into the small voids in the vicinity of
dislocations, which then increases the density of the structure and effectively results in
dislocation pinning. This behaviour will subsequently also inhibit deformation and
dislocation mobility, impacting the yield strength (Gedeon and Eagar, 1990; Karlson et al.,
2004). The increase in yield strength under hydrogen-rich was therefore most likely caused
by hydrogen retarding dislocation movement. In other words, the dislocations were unable to
break away from the hydrogen atmosphere, effectively anchoring (or pinning) the

dislocations and causing a drag effect.

The more apparent increase in hardness observed for the wide specimen under hydrogen
conditions will then be due to a stronger dislocation dragging process, which was produced
under slower internal straining. Dislocation dragging is ascribed to a viscous effect, produced
by the relation that hydrogen in the lattice has with Cottrell atmospheres. These atmospheres
occur when interstitial atoms distort the lattice, increasing the residual stress field

surrounding the interstitial atom. The subsequent quest for a condition of equilibrium will
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then require that interstitial (hydrogen) atoms diffuse into vacant dislocation cores. Here the

hydrogen atoms will remain as a result of the binding energies involved.

The net result of these interstitial-lattice-hydrogen interactions is the pinning of dislocations.
Any further movement of dislocations will require an increase in applied force. The increase
in applied load without the required increase in plastic behaviour therefore translated into a

strengthening (or hardening) mechanism.

The results from positional control testing (Figure 6.10) proposes that the opposite - hydrogen
enhanced dislocation mobility - is observed. During these tests, the applied strain was fixed
via position control and the dislocations mobility of the hydrogen-rich specimens continued
without the application of further load. This is observed as the plot shows a decrease in
gradient with time, i.e., a reduction in stress with time. This mechanism ultimately resulted in
macroscopic fracture. Here it is believed that the hydrogen swept along by the moving
dislocations now facilitated the spawning and further mobility of dislocations, a hydrogen
induced softening effect. The newly generated hydrogen induced dislocation movement
would trap increasing amount hydrogen and then transport it to new deposition sites,
enhancing the fracture process. This has previously been echoed by Sofronis and Robertson
(2002), who maintain that the transport of hydrogen by dislocations will ultimately lead to

accelerated fracture.

Even though both a decrease and an increase in dislocation motion is proposed, which is
believed to primarily be dependent on the strain rate, a common feature in both mechanical
test scenarios involved the transport of hydrogen to regions where it altered the effect that
inhomogeneous features within the lattice had on the crack behaviour. It is also likely that the
accumulated hydrogen also influenced void initiation and void growth during this transport
and trapping process. The overall crack initiation and propagation activity will then arguably
have a probabilistic dependency, which will be a function of hydrogen trapping and transport,
hydrogen-dislocation interactions, void initiation and void growth and finally the general
microstructure in which the crack activity operates. The interrelationship between these
factors will also affect cold cracking delay times due to the inhomogeneous structure of the

weld metal.
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If one analyses the results in terms of hydrogen transport by dislocation movement, then
faster internal straining (narrow specimen) will translate into a higher level of diffusible
hydrogen being transported away from the stress centres through the enhanced dislocation
movement. Cracking will then most occur by dislocation pileup. Conversely, the slower
internal straining (higher restraint) experienced by the wide specimens will have permitted a
greater quantity of hydrogen to diffuse to critical regions. The impact of dislocation pileup is
then postulated to be less severe for the wide bend specimens where stress assisted diffusion
of hydrogen dominates. Due to the straining of the specimens and the observation that plastic
deformation is required to induce WM HACC, the diffusion of hydrogen by dislocations for

all specimens has to be considered. The following conclusions can be drawn from Phase 4:

e Two bend specimen configurations (narrow and wide) are applicable for the
investigation of weld metal hydrogen assisted cold cracking.

e Hydrogen assisted cold cracking was generated in these single pass high strength weld
metal specimens without the requirement for notches or pre-cracking.

o The deliberate introduction of hydrogen into the shielding gas and the subsequent
bend testing initiated hydrogen cracking in the weld metal and not in the HAZ.

e The results suggest that both hydrogen transport by dislocation movement and normal
lattice diffusion of hydrogen operates in both types of specimens.

e Both macroscopic hardening (increase in yield strength) and macroscopic softening
(decrease in material resistance to applied stress) was observed.

e Variations in time to fracture under near identical conditions were observed

e The reasons for the variation in delay times between near identical specimens are
attributed to the inhomogeneous structure of the as-cast high strength weld metal. The
delay times of each specimen are primarily a function of hydrogen transport and
trapping, hydrogen-dislocation interactions and differences in crack initiation sites.

e Defining a single delay time for one test configuration of high strength steel weld

metal is not feasible. A maximum delay time before cracking, or a specified time-
range is therefore proposed, rather than a unique cold cracking delay time.
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8.5 Microstructure and Fractography

This final phase involved the microstructural and fractographic analysis of the specimens
containing controlled levels of hydrogen. The focus was on the interpretation of the preferred
fracture path. It was also aimed to determine the general effects that the introduction of
hydrogen in the shielding gas (and subsequent weld metal hydrogen content) had on the weld

metal microstructure.

The chemical analysis performed shows that the introduction of H2 into the shielding gas will
have varying effects on the alloying elements. The increase in Mn and Ni under elevated
hydrogen conditions suggests that there is likely to be a reduction in nonmetallic inclusions

containing Sulphur and oxygen.

Although it appears that the major inclusion formers required for the initiation of acicular ferrite
(Ti and O) decreased when H2 was added to the shielding gas, any quantitative assessment

must take into account the potential errors and variations in the analytical methods.

The general trend however shows that the addition of hydrogen to the shielding gas will
result in an increase in detectable alloying elements, the most notable being increases of Mn,
and Ni,. The net effect is a decrease of the calculated martensite start temperature (Table
7.1). An additional impact of an increase in Ni and Mn is the potential to elevate the
impurity segregation at the prior austenite grain boundaries, reducing the cohesive strength

of the matrix.

There are however minimal differences between the samples in terms of their calculated
carbon equivalents (Pcm and CEN), shown at the bottom of Table 7.1 The calculated results
therefore suggest that the hardenability of the samples were similar, if one ignores the
relevance of the austenite grain size. It is known that smaller austenite grain sizes typify a
reduction in hardenability, which is however not illustrated in the calculated carbon
equivalents. It is therefore believed that the Pcm and CEN equations are more suited to the
prediction of hardenability in the heat affected zone of the low alloy parent material and

only give approximations if applied to ferritic high strength steel weld metal.

158



8.5.1 Nonmetallic Inclusions

The influence of H2 on the inclusion size distribution can be seen in Figures 7.1 and 7.6,
where the introduction of hydrogen into the shielding gas typically decreases the size and
number of weld metal inclusions.

The chemical compositions (Table 7.1) indicated that , Mn and Ni may be more efficiently
transferred during welding under elevated hydrogen conditions. A greater number of
inclusions are expected to preferentially nucleate acicular ferrite. The addition of hydrogen to the
shielding gas and reduction in the number of inclusions would favour the formation of ferrite

at the austenite grain boundaries and so reduce the probability of acicular ferrite formation.

Smaller austenite grain sizes will also increase the potential nucleation of grain boundary
nucleated bainite. Larger austenite grain sizes will favour intragranular nucleation of acicular
ferrite on inclusions (Babu and Bhadeshia, 1991) and the prior austenite grain size is then a
controlling feature for acicular ferrite formation, as it will determine the balance of the
competitive reactions that occur at the grain boundaries or those occurring intragranularly

(Farrar and Harrison, 1987).

The analysis indicates that a greater abundance of acicular ferrite plates are present in the
microstructure produced with the prescribed CO, (Figure 7.9), as opposed to a general
coarsening of the general microstructure (Figures 7.10 &7.11) visible in the hydrogen rich
microstructure. These observations were typical in all the samples analysed. The coarsening
observed is believed to primarily be the result of neighbouring grains being unable to impede
expansion, i.e., they were not sufficiently numerous. This reduction of neighbouring grains
will be associated with the general decrease of nonmetallic inclusions around which acicular
ferrite would have nucleated, suggesting a decrease in hardenability. A reduction of
intragranular nucleated ferrite grains thereby reduces the capacity to impede grain growth,
whereas finer general grain sizes are expected in the presence of sufficient intragranular

nucleated ferrite grains.

A reduction in both the martensite start temperature (Table 7.1) and narrowing of the cellular
dendritic cells (Table 7.2) under hydrogen-rich conditions were noted, suggests that a refining
of the subsequent austenite grain size will occur. The refining of the austenite grain size is
generally a favourable development; however, austenite grain refinement will also increase
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the austenite grain boundary surface area available for the nucleation of other undesirable
constituents, such as bainite and possibly even martensite if the alloying chemistry is

sufficient.

As the austenite grains develop from the delta ferrite, one can assume that the geometric
effects imposed on the delta ferrite grains will carry through to the austenite grains, i.e., a
narrowing of the elongated columnar grain will imply a narrowing of the prior austenite
grain. Typical microalloying elements which assist grain refinement (Nb, V and Ti) show
either no change or a decrease in Table 7.1. The reason why lateral cell growth was
constrained is therefore not clear, but is assumed to be related to the weld cooling rate and to

the ability of segregated particles hindering cell growth.

The subsequent microstructural classification of the weld metal microstructure produced
during this thesis was based on what could be observed with light microscopy, using a guide
produced by the IIW (1988). The ferrite with second phase (FS) referred to in Figure 7.8 is
assumed to be ferrite with martensite—austenite-carbides (MAC). This assumption is made
because of its abundance in the micrographs analysed and also because it is regarded as the

predominant microstructural constituent in C-Mn welds (Van der Voort, 1984).

It is however understood that the magnification available during light microscopy limits a
more detailed analysis of what microstructural constituents would be present in the ferrite
with second phase identified. This challenge subsequently only allows for broad and
generalised observations to be made, such as referring to the microstructure as ferrite with
second phase, or ferrite with aligned martensite-austenite-carbides (MAC). It is believed that
a high degree of martensite inhibits the ferrite with second phase, which is assumed to be the

reason for its enhanced susceptibility to the cracking observed.

In addition, retained austenite present in a second phase has been shown by Park (2002) to be
a significant hydrogen trap site in HSLA steel weld deposits. He also believes that some
retained austenite in the weld will experience stress-induced phase transformation into
martensite when subjected to deformation strains. These strains would have been present

during bend testing in all specimens, thereby transforming some of the retained austenite into
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martensite, releasing hydrogen into the matrix during the process. The release of hydrogen
will be due to low hydrogen diffusivity and high hydrogen solubility of austenite, and this

release of hydrogen (if present) would have been standard in all test specimens.

8.5.2 Fracture Microscopy

It is understood that the magnification available during light microscopy limits a
more detailed analysis of what microstructural constituents would be present in the
ferrite with second phase identified. This challenge subsequently only allows for broad
and generalised observations to be made, such as referring to the microstructure as
ferrite with second phase, or ferrite with aligned martensite-austenite-carbide (MAC).
It is believed that a high degree of martensite inhibits this ferrite with second phase, which

is assumed to be the reason for its enhanced susceptibility to cracking.

In addition, retained austenite present in a second phase has been shown by Park (2002) to be a
significant hydrogen trap site in HSLA steel weld deposits. He also believes that some retained
austenite in the weld will experience stress-induced phase transformation into martensite when

subjected to deformation strains.

These strains would have been present during bend testing in all specimens, thereby transforming
some of the retained austenite into martensite, releasing hydrogen into the matrix during the
process. The release of hydrogen will be due to low hydrogen diffusivity and high hydrogen
solubility of austenite, and this release of hydrogen (if present) would have been standard in all
test specimens. The lack of recorded cracking in the CO, baseline welds therefore illustrates the
significance of adding hydrogen into the shielding gas, as the reversible hydrogen trap sites (i.e.,
martensite) would not have provided a sufficient quantity of diffusible hydrogen required to

allow for cracking to occur.

Figure 7.19 and 7.20 show samples that have been etched with a Picric acid/Teepol solution. This
etchant revealed the microsegregation which occurred due to elemental partitioning of the solid
and liquid during solidification. It subsequently also outlined the original columnar o -ferrite
grain boundaries. Comparing the crack path with the pattern created by elemental partitioning

showed a directional relationship between the segregated particles and the crack path. The
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comparison however did not confirm that cracking in the weld metal followed the o ferrite grain
boundaries. The reason why cracking would then preferentially follow the prior austenite grain
boundaries is visible in Figure 7.19, where it is believed that enhanced impurity concentrations in

the vicinity of large inclusions facilitated the crack process.

Only specimens containing hydrogen in the shielding gas failed during bend testing. This
reason, in addition to the staggered nature of the fracture paths demonstrates that hydrogen
assisted cold cracking was the predominant fracture process. Both subsurface and surface
breaking cracks were observed, where the overall surface-breaking crack mechanism will
have resulted from linking of the microcracks. According to a model proposed by Beachem
(1972) for hydrogen-assisted cracking, intergranular (IG), quasi-cleavage (QC), or microvoid
coalescence (MVC) fracture modes will operate depending upon the microstructure, the
crack-tip stress intensity and the concentration of hydrogen. The subsurface crack seen in
Figure 7.23 was most likely caused by a high local hydrogen concentration, in addition to a
high stress intensity at a quasi cleavage crack tip. The ductile tearing observed in Figure 7.22
is believed to have occurred due to the propagating crack front escaping the hydrogen
atmosphere, and then requiring an increase in energy to continue fracture. Beachem further
proposed that an increase in the stress intensity can result in the fracture mode changing from

intergranular, to quasi cleavage and finally to transgranular microvoid coalescence.

The importance of hydrogen in the cracking process cannot be discounted, as the “hydrogen
free” specimens did not display surface breaking cracks, nor were results recorded in the test
data to suggest that internal cracks were propagating in these specimens. A further factor to
consider is that all specimens displayed similar ferrite with second phase microstructures,
which was identified as the microstructure in which cracking would originate. This
susceptible microstructure was thereby present in all the specimens subjected to bend testing,
although cracking was only observed in the hydrogen-rich specimens. This provides further
support for the argument that hydrogen could be released into the matrix as the retained

austenite transforms into martensite.

Figure 7.19 and 7.20 show samples that have been etched with a Picric acid/Teepol solution.
This enchant revealed the microsegregation which occurred due to elemental partitioning of

the solid and liquid during solidification. It also outlined the original columnar §-ferrite grain
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boundaries. Although the crack path and the pattern created by the elemental partitioning
displayed a directional relationship, the crack did not always follow the &-ferrite grain
boundaries in the weld metal. A closer relationship between crack path and prior austenite
grain boundaries were however observed and it is likely that in certain regions, the crack may

have propagated along a shared o-ferrite and austenite grain boundary.

The reason why cracking would follow the prior austenite grain boundaries will be attributed
to enhanced impurity concentrations and the lack of grain boundary ferrite. The work of
Bhadeshia and Svensson (1993) postulated that a reduction in the capacity to form
allotriomorphic ferrite could expose the prior austenite grain boundaries to impurity
segregation, which could then lead to intergranular fracture at the columnar austenite grain
boundaries. It is understood that it is not the reduction in allotriomorphic ferrite content per
se which worsens the properties; the important factor is believed to be the degree of coverage

that this type of ferrite provides along the prior austenite grain boundaries.

The work of Brown et al., (2002) proposed that that intercellular dendritic microsegregation
was associated with regions richer in alloying elements, effectively increasing the
hardenability and thereby facilitating cracking. Support for these arguments is visually
attainable in Figures 7.13 to 7.18. The cracks indicate that the fractures propagated along the
columnar solidification structure and along the prior austenite grain boundaries, regions in
which impurity segregation is known to occur. The higher magnification images however
show that cracking followed and traversed microconstituents that grow from the prior
austenite grain boundaries. These regions are also typified by reduced allotriomorphic ferrite
content per surface area, subsequently exposing the prior austenite grain boundaries to
impurity segregation. Hydrogen would segregate to these regions of high lattice expansion
(increasing hardness) and a fracture that developed would have been a result of the local
stress exceeding the cohesive strength of the matrix. More specifically, the cohesive strength
of the intercrystalline boundaries would have decreased with the increase in segregated

impurity concentrations and the increase in the local hydrogen concentration.
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The following is a summary of section 8.5

Only specimens containing hydrogen in the shielding gas failed during bend testing.
Both subsurface and surface breaking cracks were observed in these specimens.

Scanning electron microscopy revealed the occurrence of ductile tearing and quasi
cleavage in the vicinity of a crack tip.

Regions containing higher levels of microsegregation and large inclusions decorate
the crack propagation boundaries.

A Picric acid and Teepol etch indicated intercellular dendritic microsegregation.

Revealing this microsegregation subsequently outlined the original J-ferrite grain
boundaries.

A narrowing of the columnar dendritic cells (original d-ferrite grains) in hydrogen-
rich welds was observed. It is believed that this would produce subsequent refining of
the prior austenite grain size.

The introduction of hydrogen into the shielding gas typically also decreased the size,
distribution and number of weld metal inclusions.

A coarser general microstructure evolved when hydrogen was added to the shielding
gas. The reason for this is attributed to fewer intragranular nucleated ferrite grains,
which would not have been sufficient to provide obstacles that would restrict grain
growth

The high strength ferritic weld metal analysed contained a chaotic and mixed
arrangement of ferrite with second phase (FS), acicular ferrite (AF) and bainite F (B).
Other notable microconstituents were grain boundary ferrite PF (G), ferrite with
aligned second phase F (SA) and ferrite with non-aligned second phase FS (NA).

The microstructure in which cracking would originate from has been termed ferrite
with second phase. It is believed that a high degree of martensite inhabits this phase.

Cracking produced by bend testing was observed to occur along the columnar
solidification structure.

Cracking followed and traversed microconstituents that grow from the prior austenite
grain boundaries. The regions of crack initiation were typified by having both a low
toughness microstructure in addition to reduced allotriomorphic ferrite content per
surface area.
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8.6

Conclusions — Inducing HACC in High Strength Steel Weld Metal

The aim of this work was to develop a method of evaluating the susceptibility of high

strength ferritic weld metals to hydrogen assisted cold cracking.

A technique involving controlled introduction of hydrogen into the weld metal
followed by an applied stress test was developed in an attempt to quantify cold

cracking delay times.

Considerable effort was devoted to standardisation of test procedures, aimed at

fostering representative test outcomes when specific test variables are altered.

The cold cracking delay times generated under near identical test conditions revealed
that variations in time to fracture will occur, even if the hydrogen level, loading,

specimen configuration and welding specifications remained unchanged.

It was however found that the introduction of H; in the shielding gas had varying
effects on the alloying elements. The level of elemental inclusions formers (Ti, S, and
O) that assist with the nucleation of acicular ferrite decreased when H, was added to

the shielding gas. There was a subsequent reduction in non-metallic inclusion content.

The hydrogen addition also resulted in a coarser general grain structure, which is

likely to have occurred due to insufficient impingement effects.

The reduction of acicular ferrite content is believed to have accompanied by
microstructural expansion and also increased the propensity for bainite formation, a
microstructure not generally associated with crack resistance in high strength steel

weld metal.

Whilst it was not possible to develop a quantitative test for hydrogen cracking
susceptibility; the reasons for the test variability have been explored and show that the

interaction of hydrogen with microstructural development may play a significant role
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in WM HACC susceptibility in addition to its conventional role in promoting crack

propagation.

8.7 Limitations of Study

The dislocation and hydrogen trapping dynamics of high strength weld metal plays an
important role in WM HACC suceptibility. This results from complex dislocation-hydrogen
interactions, and microstructural changes which are believed to have contributed to
differences in delay times for the chosen test technique. The delay times were also influenced
by varying amounts of hydrogen in the welded specimens, even when a controlled quantity
was introduced into the welding arc.

This test configuration required that a single weld bead be deposited on top of a rectangular
base plate. It therefore only serves as a single pass test and the restraint produced under these
conditions can not equate to production welds. Machining a groove into the base plate would
increase restraint and in terms of a single bead arrangement, may also allow for simpler
specimen geometry. However the introduction of a ‘notch’ may mask the more subtle factors

referred to above its practical relevance is questionable.

The mechanical test behaviour observed for the hydrogen-rich specimens were associated
with significant crack propagation. Subsurface microcracks were also observed, which may
not have been detected with the instrumentation used. The mechanical test configurations

may be limited in its ability to detect crack initiation.

8.8 Future Work:

The limitation with regards to the test weld not reproducing production welds can be
investigated by machining a groove in the base plate, in which the target weld metal is
deposited. Groove geometry can be altered in an attempt to replicate the restraint produced in

production welds.
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Addressing the limitation in terms of crack initiation can be remedied by the application of
acoustic emission testing. The effectiveness of this technique was demonstrated in Chapter 3
during testing on multipass welds in a static environment. It is however suggested that
considerable calibration will be required to differentiate between crack initiation and other

acoustic interferences produced in the test environment.

Coarsening of the acicular ferrite grain size when hydrogen is deliberately introduced into the
weld metal was principally attributed to a decrease in non-metallic inclusion content. The
Ferrite with second phase (FS) referred to in Figure 7.8 is assumed to be ferrite with
martensite—austenite-carbides (MAC), potentially also lower bainite. It is however
understood the MAC is a very general term used to group together those structures which
have an unfavourable impact on mechanical properties of the material. A more detailed
analysis of modern high strength weld metal microstructure and the influence of hydrogen is

proposed to aid analyses by light optical microscopy.
Finally, it is proposed that the test methodology developed in this thesis be further

investigated as a test platform to investigate the relevance of maximum cracking delay times

in high strength steel weld metal.
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APPENDIX A

CALCULATING STRESSES - WIDE BEAD ON PLATE
SPECIMEN

Displacement of load point = d
Let: =X =(S—-L)/2; Y=4d/2

Rectangle properties

Moment of inertia, Ir = wh”*3/12
Centroid, Cr = h/2

Area, Ar = wh

Half-ellipse properties

Moment of inertia, Ie = 7 (ab) *3/8
Centroid, Ce = 4b/3n

Area, Ae = nab/4

Composite bead on plate properties

Total area, At = Ar + Ae

Height of centroid for composite, Cc = (Ae (Ce + h) + ArCr)/At

Moment of inertia for composite, Ic =Ir + Ae (h — Cc) "2 + Ie

Radius of curvature of specimen, R = sqrt ((—x/y x (L/2 —x) +y) "2 + (L/2) *2)

Test results

Bending moment in test, M =P (S — L)/4

Distance from neutral axis to bead, y = (b + h — Cc)

Maximum stress in weld bead surface, 6 = My/ Ic

Maximum strain, € = y/R, where R is the radius of curvature of the specimen

Where S is the specimen span, L is the load span, P is the total load on the 2 load rollers, w is
the specimen width, h is the specimen height, and d is the midpoint deflection.
These equations ignore plastic straining

mmmmm e utral axis of bead and rectangle
y e mmw ¢ mmsm s mmw ¢ omew = swm Poutral axis of rectangle

Image above indicates position of neutral axis in relation to both narrow and wide specimen geometries
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