University of Wollongong

Research Online
University of Wollongong Thesis Collection

University of Wollongong Thesis Collections

2002

In-situ studies of phase transformations in iron
alloys
Dominic Phelan
University of Wollongong

Recommended Citation
Phelan, Dominic, In-situ studies of phase transformations in iron alloys, Doctor of Philosophy thesis, Department of Materials
Engineering, University of Wollongong, 2002. http://ro.uow.edu.au/theses/1504

Research Online is the open access institutional repository for the
University of Wollongong. For further information contact the UOW
Library: research-pubs@uow.edu.au

IN-SITU STUDIES OF
PHASE TRANSFORMATIONS
IN IRON ALLOYS
A thesis submitted in fulfilment of the
requirements for the degree of

Doctor of Philosophy
From

University of Wollongong
by
Dominic PheknBEng(Hon), MEng (Hon)

Materials Engineering
2002

CERTIFICATION

I, Dominic Phelan, declare that this thesis, submitted in fulfilment of the requirements for
the award of Doctor of Philosophy, in the Department of Materials Engineering,
University of Wollongong, is 'wholly m y o w n work unless otherwise referenced or
acknowledged. The document has not been submitted for qualifications at any other
academic institution.

Dominic Phelan
18 January 2002

ABSTRACT
T h e topic of this thesis covers a broad range of p h e n o m e n a through three significant
phase transformations in iron alloys, being solidification, delta-ferrite to austenite and
austenite decomposition. An appreciation of the links between these diverse
transformations is necessary to understand the purpose of the present study. One such
link is the concept of morphological stability of interphase boundaries during
transformations. Another link between the three phase transformation is the lack of
studies conducted utilising in-situ, real-time observations of phenomena. With the advent
of high temperature laser scanning confocal microscopy, it is now possible to overcome
previous experimental difficulties associated with resolving images at high temperature.
Therefore, experimental analysis can be conducted into not just the morphology of
transformation interfaces, but into a range of additional phenomena such as the
development of recovery structures and growth kinetics.

For the studies conducted utilising LSCM it was necessary, due to the novelty of the
technique, to establish both a frame of reference for interpreting observations, and to
characterise the influence of the free surface on the observations. In regard to the nexus
between events on the free surface and in the bulk, endeavours were undertaken to
establish phenomena that are affected by the free surface and those that are not. Serial
sectioning analysis has led to the conclusion that solid-state phase transformations of
delta-ferrite to austenite and austenite decomposition do show a correlation between
events on the free surface and those in the bulk. Phenomena that do not exhibit a nexus
between events on the free surface and in the bulk were identified. These were the
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pinning of grain boundaries by surface defects, anomalous massive phase transformations
and precipitation of non-metallic particles.

The aim of the experimental studies into the relationship between crystallographic
orientation and the morphological stability of a solidification front was two-fold. Apart
from the aim of establishing such relationships, it was also used to assess LSCM as a tool
for directional solidification experiments. It was demonstrated that the LSCM technique
has potential in the study of the relationship between crystallography and solidification
behaviour, however limitations associated with the present design precluded a quantitative
assessment of this issue. The thermal gradient in the LSCM hot stage was determined to
be dependent upon the temperature of the sample, and not to be linear. Qualitatively, a
variety of interface morphologies were observed for an iron-chromium alloy, including a
doublon structure, associated in the literature with crystallographic orientations that lead
to isotropic surface tension.

Experiments conducted to probe the issue as to whether the delta-ferrite/austenite
interface exhibits morphological instability failed to support this hypothesis. Novel
observations of the development of a recovery structure following the austenite to deltaferrite phase transformation in low carbon steels were made. The sub-boundaries that
develop through polygonisation were determined to have an interfacial energy in the range
of 7.5 to 36% (0.035 to 0.17 J/m2) of delta-ferrite grain boundaries. Austenite was
observed to grow along sub-boundaries in preference to the bulk, thus the interface
developed an apparent unstable morphology. An alternative mechanism for the observed
unstable grow morphology is therefore proposed, it is the result of the preferential growth

ii

of austenite along delta-ferrite recovery structures. This mechanism is believed to m o r e
adequately account for the appearance of so-called intragranular austenite cells that merge
with grain boundary austenite cells, than does the model proposed by Yin et al [1999].

Further experiments were undertaken that provide evidence the recovery sub-structure
can play a role in the delta-ferrite to austenite phase transformation, and subsequently
influence austenite decomposition. Through judicious selection of thermal cycles, a
0.06mass% silicon killed steel's microstructure was modified from fully Widmanstatten to
polygonal ferrite, with a statistically significant reduction in hardness from 124 to
114Hv(10). The modified structure was achieved without recourse to thermo-mechanical
processing, and this finding may have implications for the control of microstructure in the
strip casting of low-carbon steels.

Experiments into austenite decomposition have provided evidence that a grain boundary
allotriomorph can grow with a cellular morphology, In-situ observations recorded such a
morphology in real-time. The wavelength of the instabilities was measured to be 5.5|Jm
width, thus indicating that the observed growth was not pearlite. Subsequent optical
metallography and crystallographic orientation analysis support the conclusion that the
observed growth was cellular.

The growth rate of individual Widmanstatten ferrite plates in low carbon steels has been
studied. It was observed that the growth of plates exhibits a random variability in their
growth velocity. This observation reflects previous in-situ studies of Eichen et al [1964]
and Onink et al [1995], but not analyses based on quench-arrest techniques such as
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T o w n s e n d and Kirkaldy [1968]. T h e variability of growth was not found to be associated
with pinning effects of surface defects. The growth behaviour is not predicted by current
diffusion controlled or mixed mode (diffusion and interface reaction) models. Of these
two models, the mixed mode has the greater potential for assessing variable growth
behaviour as the pre-exponential factor M0 of the inherent interface mobility M,
incorporates effects such as transformation stresses and coherency of the interface.

In-situ observations were also conducted on the formation of Widmanstatten ferrite
plates. These observations indicated that the plates were not forming via an unstable
interface mechanism, but were separate nucleation events. Subsequent EBSD analysis
revealed low-angle misorientation between grain boundary allotriomorphs and the plates
that formed on them, of between 5 and 10 degrees. This indicates that sympathetic
nucleation is the mechanism of Widmanstatten ferrite formation in these instances.

IV
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CHAPTER 1 INTRODUCTION
1.1 Phase Transformations in Iron based Alloys

The transformations of interest in this study are those of liquid to solid, delta-ferrite to
austenite and austenite decomposition. Solidification involves the change from a
disordered liquid structure to a crystalline solid, of a body centred cubic atomic
arrangement, in the alloys under consideration shown in Figure 1.1. The two solid state
transformations involve the reordering of the iron lattice from a body centred cubic to
face centred cubic structure for the delta-ferrite to austenite transformations, and the
reversal of this crystal structure for austenite decomposition. Each transformation exhibits
changes, either positive or negative in volume expansion, and in solute solubility. Each
transformation involves the movement of an interface between the parent phase and the
precipitate. The morphology, or shape, that this interface takes will be a function of the
redistribution of solute, the thermal characteristics of the system and in solid state
transformations, the crystallographic orientation relationship between matrix and
precipitate.

The practical importance of studies into the morphology of phase transformations in iron
based alloys, is the vital impact of this phenomenon upon the physical properties and
hence, process control in steel production. In the continuous casting process solidification
morphology characteristics determine segregation behaviour and hot strength of the
mushy zone, both important issues in quality control. Segregation affects the anisotropy
of cross sectional properties, and the hot strength influences the formation of casting

defects that can lead to the failure of the cast shell causing breakouts. The delta-ferrite t
austenite phase transformation has practical implications for quality as attested by the
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difficulties encountered in casting peritectic grade Fe-C steels. A n understanding of issues
related to the mechanism of peritectic transformation and the effect of volumetric
changes upon the stresses in the steel shell are of vital importance to process control.
Downstream of the continuous caster where thermo-mechanical processing is conducted
to form the final product, control of the decomposition of austenite becomes the
mechanism to control the physical properties of the product. Control of the

morphological variants of alpha ferrite, such as bainite and Widmanstatten ferrite, impacts
significandy upon process and properties. Issues affecting the morphology of austenite
decomposition include grain size effects, sites and mechanism of nucleation. In summary,
a fundamental understanding of phenomena across the spectrum of phase
transformations is required to develop models for the practical control of steel
production.

Figure 1.1 Iron-Carbon Phase Diagram

2

1.1.1 Solidification
Early in his career, the late Keith Brimacombe wrote - "Solidification is one of the least
understood areas in the processing of steel and yet is one of the most important"
Samarasekera and Brimacombe [1982], and a few years later - "the area which has been
slow to yield up its secrets, but arguably is the most crucial for quality in the casting
machine is the meniscus. It is here that oscillation marks form, influencing the efficiency
of heat extraction, and most surface cracks are generated The meniscus is a region of
fascinating complexity where solidification begins, where mould flux or oil clinging to the
reciprocating mould wall rush into the gap and where the newly forming shell is pushed
about in response." Brimacombe et al [1990]. In his characteristic prophetic style he then
offers the following advice — "To understand these phenomena and their influence on
quality requires a fundamental approach and the concerted application of all the tools of
process engineering..."

Driven in large measure by this dictum, delivered a decade ago, and in full knowledge of
the fact that the early stages of solidification profoundly influence cast structure, we
embarked on applying new experimental techniques that have come of age to observe and

analyse solidification events. Quality control in the continuous casting of steel is intimat
related to the structure obtained during solidification, segregation and the subsequent
microstructural development of the newly formed solid shell. A better understanding of
the scientific principles underpinning solidification and microstructural development in
the meniscus region is imperative if the high-speed casting techniques currently under
development are to be fully exploited. The development of strip casting techniques in
which the liquid steel is cast directly, without intermediate rolling, into strip about 1mm
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thick at speeds in excess of 6 0 m / m i n , is primarily driven by capital and energy savings.
However, melt/substrate interaction and the early stages of microstructural development

following solidification require a complete re-thinking of present day casting practices and
principles.

1.1.2 Delta-ferrite to austenite
The delta ferrite to austenite phase transformation is of great importance in the ironcarbon alloy system. In practice, the importance of this transformation centres on the
continuous casting process for steel, in which the delta-ferrite to austenite
transformation occurs when the steel shell is newly formed and relatively thin. The
transformation, with its associated change in volume, thermal expansion coefficient and
creep behaviour, leads to the generation of stresses which, if too excessive for the
thickness of the solid shell, can lead to casting defects and breakouts. The impact of the
delta-ferrite to austenite transformation is particularly severe in steel grades with a
peritectic composition, due to the large volume contraction associated with the L+8~^y
phase transformation, Suzuki et al [1996].

The formation of an air gap between strand and mold wall as a result of thermal
shrinkage and the delta-ferrite to austenite transformation, adds to the complexity of
modelling the continuous casting process quantitatively, Kim et al [1997]. An
understanding of the delta-ferrite to austenite transformation is also necessary to enable
accurate modelling of mechanical behaviour such as solid shell resistance (SSR). The
most important factors are the difference in lattice spacing, that is, volume contraction,
the difference in thermal expansion coefficients and creep behaviour, El-Bealy [1997].
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T h e delta-ferrite to austenite transformation can also play a role in the subsequent
decomposition of austenite, and through this the mechanical properties of the final

product. The final alpha-ferrite grain size is largely controlled by the austenite grain size
as the preferred site for nucleation of alpha ferrite is the austenite grain boundary.
Therefore, a finer austenite grain size will result in a finer alpha ferrite grain size and
improved mechanical properties such as tensile strength. Following the conventional
continuous casting process, a series of thermo mechanical processing (TMP) stages are
used to form the product into a final shape, and during these processing steps the
recovery and recrystallisation of deformed structures control the austenite grain size
before it finally transforms to alpha-ferrite. However, in strip casting, and to a lesser
extent thin-slab casting, the opportunities for control of the microstructure through
TMP are restricted. Therefore the exact way in which the delta-ferrite to austenite phase
transformation occurs following solidification becomes increasingly important,
Mukunthanetal[2000].

In the literature much more attention has been given to austenite decomposition,
occurring at lower temperatures than the delta-ferrite to austenite phase transformation,
and hence we have insufficient knowledge about this important phase transition. The lack
of information on the nature of the delta to gamma transformation is due, at least in part,
to the difficulties in studying experimentally this high temperature transformation. Two
factors have limited experimental investigations. The first is the occurrence of subsequent
lower temperature transformations, of which the product ranges from massive ferrite to
martensite, depending on cooling rate, masking the prior delta ferrite transformation. The
inevitable decomposition of austenite in Fe-C alloys prevents the use of in-situ

5

metallographic

analysis. Therefore

quench—arrest

experiments

to

"freeze"

the

transformation as widely used to study austenite decomposition are not viable, hence,
indirect evidence has to be relied upon. The second obstacle centres on the high
temperatures involved in the delta-ferrite to austenite transformation and the experimental

difficulties in obtaining high resolution during in-situ observations of events at such high
temperatures. The emission of infrared light from a heated sample makes the in-situ
observation of events at high temperature with the use of optical microscopes difficult.
This has been a major obstacle in the study of the delta-ferrite to austenite phase
trans formation.

1.1.3 Austenite Decomposition
It is not surprising that the decomposition of austenite has been the subject of numerous
studies in the past because the ensuing mechanical properties of an iron carbon alloy can
in most instances be traced to the exact way in which austenite decomposes. The resultant

ferrite grain size which has a determining effect on mechanical properties is a direct resul
of the time-temperature history of austenite decomposition, the formation of bainite,
martensite, Widmanstatten ferrite or equiaxed ferrite are related to the way in which
austenite has transformed. Hence, a proper understanding of the factors determining
austenite decomposition is of fundamental importance if the microstructural development
and hence mechanical properties of steels are to be understood.

The decomposition of austenite has been studied extensively but there is still some
controversy, particularly around the mechanism involved in the development of the
morphological variant known as Widmanstatten Ferrite. The technique most often
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employed by researchers studying this p h e n o m e n o n is the classical quench-arrest

technique. Unfortunately, the use of this technique leaves open to some doubt the analysis
of growth velocities, as no reliable direct measurement of the growth rate is possible.
Many attempts have been made to account for the mechanism by which this
transformation product evolves. A number of mechanisms have been proposed for the
nucleation of plates including Mullins-Sekerka instability, (Townsend and Kirkaldy
[1968]), sympathetic nucleation (Hall and Aaronson [1994]) and impingement of primary
sideplates, (Spanos and Hall [1996]). The mechanism by which the growth of newly
formed plates is controlled has been proposed as a displacive transformation, (Watson
and Macdougall [1973], Bhadeshia [1980]), and conversely as a diffusional mechanism,
(Townsend and Kirkaldy [1968], Aaronson et al [1991] and Aaronson et al [1991]). A
mixed mode mechanism where both diffusion and interface reaction kinetics control the
growth, has been used to describe the growth kinetics of allotriomorphs in iron-carbon
alloys (Krielaart and van der Zwaag [1998]).

It is recognised that Widmanstatten ferrite plates grow with a strong crystallographic
orientation with respect to the austenite matrix. Watson and Macdougall [1973] used this
finding in support of their proposal that a displacive transformation mechanism is
operating. More recently, arguments have been advanced to show that both the surface
relief and orientation relationships encountered in Widmanstatten plate growth can be
described by a diffusional process, Aaronson et al [1999]. In regard to a proposal by
Townsend and Kirkaldy [1968] that Widmanstatten plates are formed through an unstable

interface mechanism, (the so called Mullins-Sekerka instability) crystallographic evidence
also needs to be considered. Indeed, in opposition to the arguments advanced by
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T o w n s e n d and Kirkaldy, Spanos and Hall, w h o studied crystallographic relationships in
Widmanstatten plates, Spanos [1996] found no evidence in support of a Mullins-Sekerka
instability mechanism.

Because there remains a great deal of uncertainty about the mechanism by which
Widmanstatten ferrite plates form, it was important in this study to follow high
temperature laser scanning confocal microscopy (LSCM) experiments up by a study of the
pertaining crystallographic relationships using Electron Back Scatter Diffraction (EBSD).
The combination of LSCM and EBSD techniques is novel in that the nucleation and
growth of Widmanstatten ferrite plates observed in-situ are followed by crystallographic
orientation analysis.

1.2 Aims of the study
The application of a novel experimental technique, Laser Scanning Confocal Microscopy
(LSCM) to the study of phase transformations in iron alloys offers unique opportunities
for furthering our understanding of the phenomena controlling these phase
transformations. Issues associated with the novelty of the LSCM technique, notably the

relationship between observations of a free surface to the transformations occurring in th
bulk, and the identification of the preferred site for nucleation have not been addressed
adequately in the literature. Additionally, a general frame of reference for observations
made using LSCM, that is how do various interfaces manifest themselves, is lacking.
Hence, in this study efforts have been made to provide the tools to interpret LSCM
images so as to place experimental observations in context.
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T h e experimental aims of the present study were primarily to investigate the morphology
of phase transformations in a number of iron-based alloys; low carbon steels (both silicon
and aluminium killed), and a ferritic stainless steel. The phase transformations of interest

are solidification, especially in the region of the planar to cellular transition, and the sol
state phase transformations of delta ferrite to austenite and austenite decomposition. Each
of which has an important impact upon processing and properties of the product during
the production of steel.

The morphology of solidification interfaces in directional solidification will be assessed
with the view to establishing the capabilities of the LSCM for such studies, and in an
attempt to quantify the influence of crystallographic orientation on the stability of the
interface. The investigation of the delta-ferrite to austenite phase transformation will be
conducted in order to establish the veracity of the proposal that instabilities can develop
as per the Mullins-Sekerka analysis, Yin et al [1999]. Furthermore, given the scarcity of
studies into this phase transformation this investigation will seek to identify novel
phenomena. Finally, given the ongoing debate over the mechanism of formation and the
growth kinetics of Widmanstatten ferrite plates, an attempt will be made to clarify these
issues. In particular the question of whether or not the growth of alpha-ferrite can
proceed with unstable interface morphology will be tested.
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C H A P T E R 2 REVIEW OF E X P E R I M E N T A L T E C H N I Q U E S
2.1 Experimental Techniques
A range of elegant and novel techniques has been developed for the study of solidification
and solid-state transformation phenomena. Experimental techniques developed
specifically to study aspects of solidification morphology include the transmission X-ray
observation and the Bridgman furnace. The study of microstructural development in
continuous and strip casting has seen the studied using thermo-mechanical simulators,
and the levitating droplet apparatus. An enhanced understanding of solid-state phase
transformations has been developed through the use of dynamic techniques such as
thermal analysis and dilatomertry, and characterisation through the use of electron and
optical microscopy. The phenomena studied cover heat transfer, surface tension, interface
morphology, high temperature physical properties, and microstructural development.

Several studies have been undertaken using X-ray transmission experimental techniques to
observe in-situ solidification events. One, high temperature X-Ray transmission
microscopy utilises radiography to image in-situ solidification phenomena in metallic
systems. This technique provides the ability to observe the morphology of a growth front

during solidification, Sen et al. [1997]. In this study, the interaction between a solid-liqu
interface and an insoluble particle was observed. The X-ray source was sub-micron in size,
however the maximum magnification utilised was just 32 times, and the size of the
insoluble Zr02 particle was 500|J,m diameter, indicating the limitations in resolution of the
technique. Time Resolved X-ray Diffraction has been used to study the solidification in

weld pools of duplex stainless steels. With a spatial resolution of 800|J,m and the ability t

resolve diffraction patterns every 50 ms, Elmer et al [2000] were able to establish that the
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phase tofirstform o n solidification, delta-ferrite, and were able to measure in-situ all
subsequent transformations. This technique generates information on the kinetics of
phase transformations, but not the morphology of interfaces.

Another in-situ observational technique often used in directional solidification studies is
the Bridgman furnace technique. Here, a sample is drawn through a furnace, with an
imposed thermal gradient, at a controlled velocity. The combination of low temperature,
high entropy analogue materials such as succinonitrile with a transparent viewing cell have
enabled extensive work to be conducted into the morphology of solidification interfaces.
A major advantage of this type of experimental system is that the solidification cell can be
designed such that thermal gradients can effectively considered to be two-dimensional.

Optical and electron microscopy are invaluable tools in the characterisation of
microstructure resulting from phase transformations, as well as establishing the
mechanism and rate by which such transformation occur. The technique typically used to
study the morphology of solid-state phase transformations in iron alloys revolves around a
quench-arrest-quench cycle, whereby an attempt is made to "freeze" the growing interface
so it can be subjected to microstructural analysis. Although being a well-proven technique
that has often been used, its application is limited to cases where subsequent phase
transformations do not occur. Unfortunately, a study of the important delta-ferrite to
austenite phase transformation in steel falls into this category. In low carbon steels the
subsequent decomposition of austenite effectively masks the high temperature phase
transformation. One technique designed to overcome this problem is the use of alloying
elements such as nickel and/or chromium to stabilise the austenite. This approach in turn
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raises s o m e doubt as to the relevance of the experimental findings to the Fe-C system
because the substitutional solutes incorporated to enable such metallographic analysis,
have markedly slower diffusion rates compared to interstitial solutes such as carbon, and
puts into jeopardy any conclusions about the mechanism and rate of transformations.

Two electron microscopy techniques used to study phase transformations in iron-based
alloys are high temperature TEM and Thermionic Transmission microscopy. High
temperature TEM has been used to study the movement of an austenite—ferrite interphase
boundary, Onink et al [1995]. These researchers sought to observe nucleation and growth
but were unsuccessful in observing nucleation. Samples were 3mm in diameter and
thinned by jet electropolishing. High temperature TEM experiments were conducted in a
vacuum using a ring furnace, to accommodate uniform heating of the circular sample. The
loss of carbon due to vaporisation is expected, due to the need to operate under a
vacuum, however the researchers were still able to observe pearlite formation even after
holding at elevated temperatures for 50 minutes. Interesting observations were reported
regarding the movement of the phase transformation interface. It was found that the

velocity of the austenite-ferrite interface was not constant but exhibited periods of rapid
growth and periods where a zero growth rate was approached. An inherent limitation of
this technique is the extremely small volume of material that can be observed. The sample
needs to be thin enough to allow the transmission of electrons, in the case of iron about
one micron in thickness, and in this instance the field of view was only 5(J.m by 5|0,m.
Nucleation of ferrite was not observed, and it was concluded that the influence of the free
surface resulted in nucleation occurring in the thicker non-transparent regions of the
sample and not in the transparent region.
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Thermionic Emission microscopy uses the emission of electrons from a thermally
activated surface to produce an image of the microstructure. The emission of electrons
from a metal surface is dependent upon the work function and the relative energy of the
electrons. In this technique the work function is reduced through the application of an
activator such as barium or caesium, the energy of electrons is increased through heating,
and a voltage is applied to the specimen to reduce the potential barrier. The emitted
electrons are focussed onto a fluorescent screen and an image is generated, with contrast
dependant upon the number of electrons hitting different areas of the screen. Due to the
anisotropic nature of the work function, related to crystallography, different orientations
of the same phase emit varying amounts of electrons, and different lattice structures also
emit differently. This then leads to a contrast between phases and grains that produce an
image similar in appearance to those obtained with optical microscopy,
Eichen et al [1964]. This technique is limited in the minimum temperature at which
observations can be made. As the temperature decreases the number of electrons emitted
also decreases to a point, reported as 450°C, where the number striking the fluorescent
screen is insufficient to resolve an image. Other pitfalls with the technique include
contrast defects as a result of the accumulation of the activator material in surface
depressions, and anomalous reversals in emission intensity. In thermionic emission
microscopy observations are made of the free surface, therefore questions arise as to the
correlation of such observations to events occurring in the bulk. Grube and Rouze [1967]

suggested that for qualitative assessment of free surface effects, serial sectioning combine
with optical analysis of the microstructure in the bulk material should be conducted.
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Thermal analysis techniques including Differential Thermal Analysis

(DTA)

and

Differential Scanning Calorimetry (DSC) provide valuable kinetic and thermodynamic
information of phase transformations. Vooijs et al [2000] has used the DTA technique to
study the inherent mobility of an austenite-ferrite interface during austenite
decomposition in Fe-Co and Fe-Cu alloys. The use of substitutional alloys, Co and Cu
with their attendant low diffusion rates in iron enabled the inherent mobility of the
transformation interface to be assessed. Krielaart et al [1996] used the DSC technique to
analyse austenite decomposition in iron-carbon alloys. A method was developed to
incorporate the temperature dependence of the heat capacity of ferrite and the enthalpy of
ferrite formation, in the interpretation of DSC curves. This method enabled the formation
of proeutectoid ferrite and pearlite during austenite decomposition to be distinguished.

The technique of dilatomertry utilises the change in crystal structure hence, the volume
change during phase transformations to measure the transformation rate. Phenomena
studied in austenite decomposition include transformation rates under ultra-fast cooling
conditions of up to 600°C/s, van Leeuwen et al [2001], and the effect of plastic
deformation on the kinetics of ferrite formation, where deformation was found to reduce
the driving force for nucleation of alpha-ferrite, Hanlon et al [2001]. In a study conducted
into underlying assumptions used to interpret dilatomertry results, Kop et al [2001] found
that ignoring the non-linear temperature dependence of the untransformed austenite due
to carbon enrichment, and ignoring the different volume effects associated with ferrite
and pearlite results in an error of up to 25% in the determination of volume fraction
ferrite formed.
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In similar vein, dilatometry and thermal analysis techniques offer information regarding
phase transformations in the bulk of the specimens. However, morphological information
such as tip radius and velocity in Widmanstatten type transformations, for example,
cannot be discerned from the bulk effect of a transformation by using these techniques
alone. Hence, dilatometry should ideally be conducted in conjunction with metallographic
observations.

In the levitating droplet experimental apparatus, an electrically conductive metal is place

in a magnetic field that both heats and levitates the droplet. It has the advantage that the

melt is not in contact with any surface whilst levitating, therefore large undercoolings can
be obtained, and as a consequence, high solidification rates are achieved, Elder and
Abbaschian [1990]. Measurement of the surface tension is possible through Fourier
Transform analysis of the droplet's oscillations in the electromagnetic field. This method

is particularly useful as unlike sessile drop techniques, the droplet is not in contact wit
substrate. Additionally through the use of optical pyrometry, thermal data can be collected
without interfering with the melt. The technique has been used to study initial
solidification phenomena pertinent to strip casting of low carbon steels Evans and Strezov
[2000], and it has been found that the maximum heat flux is inversely related to the
surface tension of the melt. In another variant of levitation droplet studies, Evans [2000]

studied the interaction between a levitating liquid metal droplet and a solid substrate bei
brought into contact with the droplet. While the use of a high-speed digital camera has
enabled the events in the first few milliseconds of contact between a melt droplet and
substrate to be observed, the lack of quality and magnification of the image prevents a
detailed analysis of the progress of solidification.
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M a n y attempts have been m a d e to measure mechanical properties of steel at high
temperature, and the Gleeble thermo-mechanical simulator has been widely used for this
purpose. However, one of the inherent problems in determining mechanical properties

obtained at high temperature, relevant to continuous casting conditions, is to obtain a cast
structure at temperature. Usually, a sample that has been cooled to room temperature is
reheated and tested. Recognising that such specimens are not truly representative of
freshly solidified structure, Manohar and Ferry [1998] utilised an experimental technique
capable of melting and solidifying specimens in-situ followed by testing at a predetermined temperature below the solidus. This technique has specific relevance to the
strip casting of carbon steels and further development is being undertaken to simulate the
near-net shape casting, and to experimentally assess microstructural development in low
carbon iron alloys, Manohar [2001].

In Electron Backscattered Diffraction the electrons strike the specimen and are

inelastically scattered, generating electrons travelling in all directions. Those electrons

satisfy the Bragg diffraction condition for a particular plane are channelled differently t
electrons that do not satisfy the Bragg condition. For each crystallographic plane, these
electrons form two cones that intersect the detector, a phosphor disc, as hyperbolae,
generating the observed Kikuchi lines, as illustrated in Figure 2.1. Through computerised
automated analysis, a map of the orientation of an area scanned by an electron beam in
the SEM can be generated.
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Figure 2.1 Generating Kikuchi bands in E B S D

T h e E B S D m a p generated by this procedure measures the crystallographic orientation in a

grid across the surface of a specimen. Misorientation profiles are created by making use of

this information by calculating the difference in the crystallographic orientation between
various points on the specimen. For example, the crystallographic orientation of two
points separated by a high angle grain boundary will have distinctly different
crystallographic orientations. A misorientation profile across the high angle grain
boundary calculates by exactly how much the two grains are misaligned. A line across the
features to be analysed is selected, for example across two grains, and a profile is
generated that records the change in orientation point to point along that line. In the
example presented in Figure 2.2, the profile starts from the top of the image and passes
over one grain, denoted by an area of uniform colour. Near the end of the path of the
17

scan, the line passes into a region with a different colour, that is a different grain, and the
corresponding misorientation between these two grains, presented graphically in the
accompanying graph, is equal to 17 degrees.
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Figure 2.2 Misorientation profile of a high angle grain boundary

Useful as these experimental techniques have been, each technique is limited in scope.
Bulk property measurements such as produced by the Gleeble or dilatometry does not
render information on events occurring on microscopic scale, and therefore the
morphology of an interface cannot be assessed. Techniques which conduct in-situ
observations are generally limited to low temperature phenomena or the use of analogue
materials simulating metals, or suffer from low spatial and time resolution. These
comments do not infer that the reviewed techniques are inappropriate to the study of
phase transformations, they aim to highlight the fact that a technique enabling direct
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observation at high temperature, with submicron resolution, and in real time has real
benefits to the study of phase transformations in iron based alloys.

A recently developed technique that has attracted much attention is high temperature
laser-scanning confocal microscopy, Chikama [1997], Yin [1999], Shibata [1998, 1998b,

1998c], Orrling et al [2000a]. One of the unique features offered by this technique in that
microstructural development can be studied in-situ and at temperature. In the context of
the present investigation this technique can be usefully employed to study solidification
events, and the important solid-state transformations in carbon steels, delta-ferrite to
austenite and austenite decomposition, in real time, hence this exciting new experimental
technique will be discussed in more detail.

19

2.2 Laser Scanning Confocal Microscopy
The principles of laser scanning confocal microscopy (LSCM) were patented in 1961 by
Minski [1961], however, it was not until the 1990's when Emi and co-workers developed
the combination of LSCM with infrared heating that a renewed interest was developed in
high temperature microscopy. Experimental studies conducted with this technique include
the morphology of solidification and an analysis of the progress of delta-ferrite to
austenite interfaces in low carbon steels, Chikama et al [1996] and Yin et al [1999],
inclusion agglomeration Yin et al [1997a, 1997b], inclusion engulfment Shibata et al
[1998a, 1998b, 1998c], and the crystallisation oxide melts, Orrling et al [2000] and
dissolution of alumina inclusions in slag, Lee et al [2001], kinetics of the peritectic
transformation, Shibata et al [2000] and solidification phenomena, Phelan and Dippenaar
[2000], Dippenaar et al [1998].

In confocal microscopy, laser light is focused by an objective lens on to the object, and
the reflected beam is focused onto a photo detector via a beam splitter, as shown in

Figure 2.3. An image is built up by scanning the focussed spot relative to the object, whi
is then stored in an imaging system for subsequent display. Through the use of a confocal

pinhole, only light incident from the focal plane is permitted to pass through to the phot
detector, represented schematically in Figure 2.4. Light not returning from the specific

optical plane is blocked by the pinhole. Hence, an extremely thin optical section is creat
providing a high-resolution image. Because thermal radiation is also blocked by the
confocal pinhole, only the polarised reflection of the high intensity laser beam reaches
imaging sensor and a sharp image is produced. The use of pinhole optics increases the
resolution such that with a 0.5|Im diameter beam, the effective resolution is 0.25|0.m.
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A L S C M supplied by Lasertec was used in this investigation. Magnifications up to 1350x
were used and a resolution of 0.25(J.m was obtained, using a He-Ne laser with a
wavelength of 632.8nm. The laser beam, 0.5|Im diameter is reflected and scanned by an

acoustic optical deflector in the horizontal direction at a rate of 15.7kHz and a galvano

mirror in the vertical direction at 60Hz. Specimens are placed at the focal point of a gol
plated ellipsoidal cavity in an infrared furnace beneath a quartz view port, as shown in
Figure 2.5.

Figure 2.5 Infrared furnace and crucible holder system

A 1.5kW-halogen lamp located at the other focal point in the cavity heats the specimen by
radiation. The specimen and lamp chambers are separated by quartz glass so that the
atmosphere of the specimen chamber can be controlled and the lamp can be air-cooled.
The temperature measured by thermocouples incorporated in the crucible holder is
displayed on a monitor and simultaneously recorded with the image on videotape at a rate
of 30 frames per second. Hard copies of the video frames can be made or they can be
subject to digital video analysis on a computer. Specimen holders consist of 5 or 10mm
diameter round holders or a 12x5x3mm rectangular holder, constructed from a polymeric
22

end-piece, alumina 2-bore tube with an outer silica support tube and a platinum holder
welded to a B type thermocouple wire.

2.3 Interpretation of Observations made using High Temperature LSCM
As with any experimental technique that has been developed and designed to study

specific phenomena in a novel way, questions arise as to the limitations of the technique,
and it is critically important to compare results obtained with the new technique with
studies that have utilised more conventional techniques. One such issue that has not been
adequately addressed by previous investigators using the LSCM technique is the
relationship between observations of phase transformations on the surface and events
occurring in the bulk. This theme will be consistently returned to throughout this work,
especially in an attempt to relate unique observations made using LCSM to events
occurring in the bulk.

A central problem with the development of new experimental techniques is the lack of a
frame of reference in which to place observations. The use of high temperature LSCM to

study events in-situ is no different, and as the observations are novel, care has to be ta
as to how and on what basis they are interpreted. As yet, nothing has appeared in the
literature dealing with a general review of how and why phenomena appear in high
temperature LSCM, and how the optics of the system produces contrast effects to
distinguish various events. The phenomena encountered in this work centre primarily
upon the morphological behaviour of interfaces, therefore it is necessary to discuss the
form and shape that grain, twin and interphase boundaries take in the alloys under

investigation and especially at high temperature. It is important to consider the processe
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that lead to thermal grooving and hence define the shape of interfaces observed o n a free
surface. An issue related to the optics of LSCM is the shallow depth of field that is the
confocal nature of the focal plane. As the events of interest involve phase
transformations, attendant changes in the volume when transforming, say from a fee to
bec lattice structure, can result in a discernable change in the focal point.

The types of interfaces observed using LSCM for the study of iron-based alloys include
grain boundaries (resulting from misorientation between regions of the same phase),

interphase boundaries (i.e. boundaries between regions of different atomic structure), twin
boundaries and sub-boundaries (which are low energy boundaries signifying small
misorientation of the crystallography between the separated regions). These boundaries
have in common, the fact that there is an interfacial energy associated with them. In
practice the existence of these regions of high-energy leads to grooving of the surface as

result of diffusion of atoms from the line defect to the surface, resulting in a profile su

as that presented schematically in Figure 2.6. As shown in this figure, the existence of su

a "Y'-groove alters the optical path of the reflected light, some reflected rays are scatte
leading to the development of contrast. The formation of ridges on the free surface where
line defects or other interfaces intersect the surface is a result of diffusion along the
interface to the free surface being faster than diffusion away from the ridged area along
the surface, Zapuskalov and Dippenaar [2001]. Because a ridge, such as shown in Figure
2.6, is likely to form whenever grain or phase boundaries intersect the free surface, the

resulting paths of reflected light are the same in such cases, leading to the conclusion th
the appearance of all such boundaries in LSCM should be similar: a dark line boarded by
areas of light contrast. Examples of such boundaries are shown in Figure 2.6(a) and (b).
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Figure 2.6 Schematic representations and examples of interfaces observed with L S C M

T h e action of thermal etching in forming grooved structures takes a period of time,
therefore rapidly moving boundaries, whether grain boundaries during grain growth, or
interphase during transformation, are difficult to detect. The larger the grain size, the
lower is the driving force for the movement of a boundary, and hence the slower any

movement. In this case there is sufficient time for thermal etching to reveal the presence
of the boundary. The reliance upon the thermal etching to reveal the presence of
boundaries imposes certain limitations on the LSCM technique. With grain growth, when
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the grain size is small and hence growth rapid, insufficient time m a y be available to etch
the boundaries, and so the progress of growth cannot in that instance be followed.

One of the interesting by-products of thermal etching is the retention of boundaries
associated with a prior phase. In low carbon steels, austenite decomposition proceeds to

completion, that is none of the austenite phase is retained. Difficulties can therefore ari
in the interpretation of decomposition phenomena such as where nucleation occurred or
how the progress of the transformation is influenced by boundaries. The retention of
grain and twin boundaries on the free surface, in the form of thermally etched grooves,
provides a reference point in the analysis of the decomposition process. This is especially
useful in the LSCM technique as observations made in-situ of austenite decomposition
can be oriented during the metallographic analysis of specimens. These retained structures
are a surface effect only, having no crystallographic relationship to the bulk structure.

The distinction between the appearances of interfaces using high temperature LSCM,
where thermal etching reveals the boundaries, and optical microscopy where chemical
etching is used to highlight different features, can be made with reference to Figure 2.7.
this figure the appearance of a low carbon steel is compared to a 99.99% electrolytic iron.
The LSCM image, Figure 2.7(a) reveals the surface of the low carbon steel that has been
heated into the austenite phase and held until a stable grain size has been attained. On
cooling some second phase precipitates have formed in the austenite matrix. The surface
of a chemically etched sample is shown in Figure 2.7(b). This specimen has been polished
and rightly etched prior to placement into the LSCM, and it has been heated to 800°C, still
in the ferrite phase field. The thermally etched image displays a ridged appearance of the
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grain and twin boundaries, typical of thermal etching, while the chemically etched
specimen displays distinct black lines, showing no sign of ridging. An interesting feature
of Figure 2.7(a) is the evidence of the effect of crystallographic orientation upon
precipitate formation. In the image there are three grains of austenite, with one containing
a twin. Precipitates appear as dark streaks, with the three grains showing different
orientations of the precipitates, while the twin contains no visible precipitates.
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Figure 2.7 L S C M images of thermally and chemically etched boundaries.

It is important to note that there are distinct differences in the appearance of different
boundaries, a feature that aids significantly in the interpretation of images generated
through LSCM. Grain boundaries are curved or straight, but never exhibit a cellular
structure. Interphase boundaries can be planar, cellular or plate like. In steels, twin
boundaries are only observed in austenite, and have a stepped structure with different
orientations exhibiting quite distinct variations in thickness of the boundary, Figure 2.8(a).
Sub-boundaries as they appear in delta-ferrite, are generally less distinct than grain
boundaries in terms of thickness, are straight and never curved forming angular
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intersections with other sub-boundaries and are encompassed by a single delta-ferrite
grain, Figure 2.8(b).

Austenite T w i n Boundaries

Delta-ferrite Sub-boundaries

In the case where interphase boundaries are observed using L S C M , factors other than
thermal grooving may impact upon observations made. For example, in the f.c.c to b.c.c
or the reverse transformation, volume expansion or contraction occurs. As the optics in
the LSCM is effectively restricted to a single focal plane, the variation in the height of
surface affected by a phase transformation leads to an apparent change in the contrast.
Certain transformation morphologies accentuate this effect; Widmanstatten ferrite with its
attendant tent shaped surface relief is a clear example. A sequence where a phase
transformation is accompanied by surface deformation is shown in Figure 2.9.
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(a) Alpha Ferrite, lightly etched

(b) Start of transformation to Austenite

(c) Approximately 5 0 % Austenite

(d) Austenite, uneven surface

Figure 2.9 Alpha-ferrite to austenite phase transformation in 99.99%Fe

T h e alpha-ferrite to austenite phase transformation observed in pure iron, leads to the
roughening of the surface due to a volume contraction. A lightly chemically etched alphaferrite structure is s h o w n in Figure 2.9(a), during heating into the austenite phase field.
Onset of the phase transformation can be observed in frame (b), with localised
roughening of the surface, this roughening process continues through frame (c) and is

complete by frame (d). The surface appears to tilt in a number of planes; this is due to the
varying crystallographic orientation of the plane of alpha-ferrite grains presented to the
observer.
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Similarly, the delta-ferrite to austenite phase transformation with its accompanying volume

contraction leads to distinct surface appearance when the last delta-ferrite to transform i
surrounded by the growing austenite. In this situation, shown in Figure 2.10, a circular
divot is observed to form as the last of the delta ferrite transforms to austenite.

Figure 2.10 Delta-ferrite to austenite phase transformation

2.4 P h e n o m e n a Exhibiting Correlation between the Surface and Bulk
Whether or not events occurring on the free surface of a specimen (as observed in a
confocal microscope) are representative of the bulk behaviour is one of the most
importance questions to be answered before the in-situ evidence, provided by LSCM, can

be put in context and fully relied upon. It is vitally important to establish a nexus betwe
observations made of the free surface and events occurring within the bulk of the
specimen. To validate the experimental observations, identification of those phenomena
that do not exhibit a correlation between bulk and surface events, is just as important as
establishing phenomena that do. The present discussion is aimed at probing the
observations of interest to this study, namely those of austenite decomposition and the
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delta-ferrite to austenite phase transformation, and related p h e n o m e n a of the m o v e m e n t
of interfaces across a free surface, non-metallic particle precipitation and anomalous
massive phase transformations. The present discussion is aimed at providing
representative examples of both cases.

2.4.1 Austenite decomposition
The study of austenite decomposition is of significant technical and industrial importance,
and many researchers have investigated this interesting phase transformation. Hence, a
great deal of literature on this topic is available, against which observations using LSCM
can be benchmarked. In our attempts to more fully understand the significance of
information provided by in-situ observations in the LSCM, serial sectioning and optical
microscopy were conducted in addition to the LSCM observations.

One of the decomposition products of specific interest in this study is that of
Widmanstatten ferrite. It is important to establish the relationship between the surface
and bulk appearance of not just these plates, but also allotriomorphs, and the location of
grain and twin boundaries. An illustration of the type of analysis that needs to be
undertaken is presented in Figure 2.11, which chronicles the observation of
Widmanstatten plate growth using LSCM, the appearance of the free surface at room
temperature, and the polished and etched microstructure.
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Figure 2.11 L S C M , free surface and polished microstructures

In Figure 2.11 frames (a), (b) and (c) show the L S C M image of the propagation of
Widmanstatten ferrite plates, which formed on a grain boundary allotriomorph, and
optical photomicrographs of the transformed specimen in both the unpolished and
polished conditions.
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T w o different steels were selected for the study: an duminium and a silicon killed low
carbon steel. The analysis of these steels is shown in Table 2.1. Samples were heated to
1400°C and held for 10 minutes, establishing large stable austenite grains, cooled at
100°C/min to 700°C and held for the austenite decomposition to occur isothermally. The
growing interface was observed using LSCM, the phase transformation recorded and the
specimen was then cooled to room temperature. The samples were subsequently
mounted in conductive Bakelite together with a ball bearing of known diameter, which
served the purpose of providing a means of determining the depth of polishing, as per

Figure 2.12. The uniformity of the area of ball bearing revealed upon polishing is high,
shown in Figure 2.12, thus ensuring accurate measurements of the diameter, and hence
the depth of polishing.

Figure 2.12 Determination of depth, polished to a depth of 11.9|J,m (lOx Obj)

Table 2.1 Composition of steels used in serial sectioning

Sample

C

Mn

Si

Al

No.l

0.06

0.23

<0.005

0.04

No. 2

0.06

0.7

0.3

<0.003
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Microhardness indentations were m a d e o n the unpolished surface of the sample to
provide a reference point, and then an optical scan was made of the surface. The sample
was polished on silicon carbide paper through a series of steps, followed by 6 and l|J.m
diamond pads and finally etching in 2.5% Nital. Photomicrographs were taken of the area
of the ball bearing exposed by polishing, and of the etched surface of the steel samples.
Using the image of the ball bearing, the depth to which the sample has been polished is
calculated by equation 2.1, with reference to Figure 2.12.

d = R-jR2-X? (2.1)

(i) Silicon-killed low carbon steel
To illustrate the results obtained, a progression of images taken of a sample of Type 1

chemistry (Table 2.1) is presented. A scan of the unpolished surface is presented in Figure
2.13. The features of interest are the Widmanstatten colony located on the left hand side
of the figure, also the prior austenite grain boundaries and triple point retained on the
surface and the associated idiomorph. The microhardness indentations can also been
distinguished at the top and bottom of the figure. The comparison to be made with the
subsequent figure is how these important microstructural features relate to the structures
revealed by polishing into the bulk.
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200LI
Figure 2.13 Free surface microstructure type 1 steel, optical micrograph
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Figure 2.14 Type 1 steel polished and etched, optical micrograph
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T h e microstructural feature denoted (1) is a grain boundary allotriomorph, which
becomes clearly distinguishable on polishing. The inability to delineate allotriomorphs on

the free surface is a consequence of the lack of surface relief associated with this type of
transformation product, unlike Widmanstatten ferrite plates. What is apparent when
comparing the free surface image, Figure 2.13 with those polished to 11 and 65(im, Figure
2.14, is the uniformity of the structures with progression through the bulk of the sample.
Of particular interest in this sequence of figures is the general appearance of the
Widmanstatten colonies denoted by (2) and (3) in Figure 2.14. Even at a depth of 65jllm
below the surface, individual Widmanstatten plates can still be discerned due to the
presence of lines of carbides where the lateral growth of two plates has impinged. Also the
general size and shape of the Widmanstatten colony, and other features revealed during
polishing remain unchanged. Qualitatively this provides convincing evidence that the
observations made on the free surface of the development of microstructural features
such as Widmanstatten plates and grain boundary allotriomorphs are indicative of
transformations occurring in the bulk.

For a more quantitative analysis of the microstructural features shown in the sequences
from Figure 2.13 and Figure 2.14, the Widmanstatten colony located on the left hand side
of the sample, (2) is examined in more detail. The sequence shown in Figure 2.15 is
comprised of a confocal image capturing the propagation of Widmanstatten plates that
have possibly nucleated on a grain boundary allotriomorph. An austenite grain boundary
runs from near the top right corner to the bottom of the frame. The spacing between the
Widmanstatten plates is 30|J,m. The bottom two images are optical micrographs of the
sample polished to a depth of 65|lm, from the same Widmanstatten colony. For the sake
37

of clarity, the growth direction is denoted on both the confocal and optical images, as the
photomicrographs have been rotated with respect to each other.

100M. m

(c)

I

1 10|llm

Figure 2.15 Typical structure of Widmanstatten colony exhibiting inter-plate carbides

Frame (a) of Figure 2.15 captures the growth of Widmanstatten ferrite plates using L S C M .
Frames (b) and (c) are optical photomicrographs that following polishing and etching the
specimen from frame (a), reveal the presence of carbide colonies running parallel to the
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growth direction of the Widmanstatten plates (the formation of the carbides in this
arrangement is believed to be due to the rejection of carbon between laterally impinging
Widmanstatten plates). The distance between these films of carbides offers a method to
determine the distance between plates in the bulk of the specimen, at a depth of 65pLm
below the surface. The average Widmanstatten ferrite plate spacing determined by optical
metallography at a depth of 65|J,m below the free surface is 30|J,m. The corresponding
spacing at the free surface, determined in the confocal microscope, is the same, Figure
2.15.

Further evidence that there is a nexus between the structural features of austenite
decomposition, observed on the free surface and in the bulk, is provided by a comparison
between an optical micrograph of the surface Figure 2.16 and a serial section of
aluminium killed low carbon steel, at a depth of 65plm below the surface, Figure 2.17. On
the surface, austenite grain boundaries meet at a triple point, and the presence of twin
boundaries are also observed. A grain boundary allotriomorph is associated with the
austenite grain boundary running from top to bottom of the micrograph. A
Widmanstatten colony is located to the left of this boundary, running up from the twin.
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Figure 2.16 Al-killed steel showing grain boundary allotriomorph structure, optical
micrograph.

Feature 1 is a thermally etched austenite grain boundary retained after the decomposition
transformation. Feature 2 is a grain boundary allotriomorph of alpha-ferrite. Feature 3 is a
Widmanstatten colony, and feature 4, delineated by the broken lines, corresponds to the
region of a twin in the austenite phase. Comparing the features observed on the free
surface and the microstructure revealed at a depth of 65|lm, supports the proposition that
there is a correlation between observations made of the free surface and in the bulk.
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Figure 2.17 The same specimen as shown in Figure 2.16 polished to a depth of 65[Im,
optical micorgraph
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2.4.2 Delta-ferrite to Austenite Phase Transformation
T h e sequence of events occurring o n cooling a type 3Crl2 stainless steel provides an
excellent opportunity to test the hypothesis that observations of the free surface are
representative of events occurring in the bulk. The composition of type 3Crl2 stainless
steel is shown schematically in the pseudo-phase diagram presented in Figure 2.18. On
cooling from 1400°C to 1100°C, delta-ferrite partially transforms to austenite. On further

cooling, the austenite transforms to martensite while the delta-ferrite phase is retained. A
stainless steel of this composition was therefore selected to conduct targeted experiments
aimed at establishing free surface to bulk correlations for the delta-ferrite to austenite
phase transformation.

3Crl2 Stainless
1400°C 5

T

1100°C8 + Y

Fe

%Cr

Figure 2.18 Fe-Cr pseudo-phase diagram
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Figure 2.19 Delta-ferrite to austenite phase transformation in 3Crl2 ( L S C M , cooling rate
100°C/min)

In the sequence of frames presented in Figure 2.19, the transformation of delta-ferrite
to austenite in a type 3Crl2 stainless steel is observed using LSCM. In Frame (a), the
structure at 1111°C following cooling from 1400°C is fully ferritic, with a stable triple
point comprised of three delta-ferrite grain boundaries. In the next frame, (b)
transformation to austenite commences with preferential growth of austenite along the

delta-ferrite grain boundaries. The austenite colony on the right has a structure similar t
primary Widmanstatten ferrite plates observed during austenite decomposition in plain
iron carbon alloys. The transformation progresses as the temperature is held at 1100°C,
over frames (c) and (d). The final structure is composed of delta-ferrite grains, rimmed
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with austenite of Widmanstatten plate, allotriomorph morphologies, and the occasional
massive plate of austenite growing into the delta-ferrite grain.

Austenite Allotriomorph

(a)

Martensite Plate

Austenite Lathes

(b)

Martensite Plates

v;

Austenite Lath

Martensite Plate

Figure 2.20 Martensitic transformation in 3Crl2, ( L S C M , cooling rate 100°C/min)

On further cooling, below 400°C, type 3Crl2 stainless steel transforms from austenite to
martensite, as shown by the in-situ observations using LSCM, Figure 2.20. In frame (a), an
austenite allotriomorph has formed on the left of the delta-ferrite grain boundary. To the
right of the delta-ferrite grain boundary a Widmanstatten like austenite colony has grown

into the delta-ferrite grain, and a massive lath of austenite has grown into the bulk of the

delta-ferrite grain. l/30th of a second later, frame (b), a single martensite plate has form
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in the austenite allotriomorph. Seven seconds later frame (c) shows that m o r e martensite
laths have formed in the intervening period, but that the massive austenite plate has not
transformed as yet. Frame (d), taken 1/30* of a second later, shows that approximately
half the massive austenite lath has transformed to martensite.

In order to establish the nexus between observations on the free surface and events
occurring in the bulk, optical microscopy was conducted to determine if the events
observed using LSCM and presented in Figure 2.19 and Figure 2.20, were a surface effect
only or whether they had a relationship to events in the bulk. A type 3Crl2 stainless steel
sample was mounted in Bakelite following cooling from 1100°C at a rate of 100°C/min,
and a scan conducted of the free surface. A representative area, presented in Figure 2.21,
was selected to highlight the important features.

T h e salient points to be taken from this image are the presence of martensite colonies
along prior delta-ferrite grain boundaries, and some martensite laths running into the bulk
of the delta-ferrite grains. Austenite allotriomorphs or laths had formed by the
transformation of delta-ferrite, and the austenite subsequently transformed to martensite.
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Polishing was conducted, to a depth of approximately 150|Im, following by etching in a
solution of 5vol% Ferric chloride / hydrochloric acid, the resulting microstructure shown
in Figure 2.22.

Grain Boundary Austenite
transformed to Martensite
Figure 2.22 3Crl2 sample polished to 150(J.m depth.

It is quite clear that the features observed on the surface of the type 3Crl2 stainless ste
specimen are also observed at a depth of 150|J.m below the surface. In conclusion, a
careful and systematic analysis has proven beyond reasonable doubt that solid-solid phase
transformations of the kind examined can be reliably studied by the use of laser scanning
confocal microscopy, because there is a nexus between observations on the surface and
events occurring in the bulk.
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2.5 P h e n o m e n a Influenced b y the Free Surface
Establishing those phenomena that exhibit similar behaviour on the free surface and in
the bulk represents only half the task of interpreting observations obtained using laser
scanning confocal microscopy. Gaining an appreciation of those events that are

influenced by the free surface, in such a way as to induce behaviour significantly differen
from those in the bulk, is as equally important. Three phenomena observed on a free
surface are addressed; grain growth, an anomalous delta-ferrite to austenite massive phase
transformation, and nucleation and growth of non-metallic precipitates.

2.5.1 Grain Growth on a Free Surface.
The action of thermal grooving develops distinguishable features in LSCM, due to
minimisation of surface energy requirements. Grain growth has frequently been observed

to occur via a stop start sequence rather than moving continuously. It is believed that thi
is a feature of the action of a thermal groove to temporarily retard grain growth. Mullins
[1958] has shown convincingly that thermal grooves retard the movement of grain
boundaries, which intersect the free surface. The behaviour, an example of which is
presented for a low carbon steel in Figure 2.23, consists of a shrinking grain being halted
for a period of time, such that a deep thermal groove develops, before rapidly moving to
the next location and then dwelling for a period of time. The thermal grooves left behind
are smoothed with time through the action of surface diffusion.
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T h e sequence presented in Figure 2.23 illustrates the typical observations m a d e of grain
growth on the free surface using LSCM. Starting with Frame (a), a low carbon steel is
being held at 1450°C where the structure is comprised of delta-ferrite only. A four sided
grain, located in the centre of the frame, and measuring approximately 120)J.m by 150|J.m,
will decrease in size over the subsequent frames. After a period of one minute and
fourteen seconds, frame (b) indicates that the grain in question has shrunk, and the
thermal groove associated with the original position of the grain boundary in frame (a) can

still be discerned and is indicated by the arrows. Surface diffusion is acting to smooth thi
thermal groove to form a flat surface, so the appearance of the original position of the
grain boundary is diffuse. Similarly, in frame (c) taken 45 seconds later, the grain has
decreased in size again, but the prior position of the grain boundary can still be
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distinguished. Finally in frame (d), the position of the grain boundary in each of the
preceding frames has been included as coloured lines to highlight the reduction in grain
size with time.

A mathematical description of the action of a thermal groove created where a grain
boundary intersects the free surface, to anchor the grain boundary on the surface has been
formulised, Mullins [1958]. Mullins was concerned with grain boundaries that are inclined
to an interface and are moving. A geometrical argument was used to define a critical angle
0C between the normal to the free surface and the grain boundary notch, which denotes
•when pinning is energetically favourable.

Free Surface

Thermal
Groove

•

Ys

A+

(Yb)
Figure 2.24 Boundary anchoring at a notch, reproduced from Mullins [1958]

The conditions for anchoring a grain boundary at a free surface due to the formation of a
groove can be described with reference to the simplified representation of a thermal
groove shown in Figure 2.24. The angle that the walls of the groove make with the free
surface is determined by the ratio of the surface energy of the free surface and the grain

boundary, ys and yb respectively. In this analysis it is tacitly assumed that evaporation an
condensation may be ignored and it is assumed that surface diffusion controls the
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formation of the groove. A further simplifying assumption in this analysis is that the

crystallographic orientation of the grains in question has no effect upon the steady state
shape of the groove.

Referring to Figure 2.24, consider the angles between Ln and Lc that the boundary forms
with the wall of the notch, A-A*. It can be seen that geometrically for boundaries which
form an angle between Ln and Lc, for the grain boundary to move requires an increase in
the length of the grain boundary, and hence an increase in the energy of the system.
Conversely, Lf is at an angle greater than perpendicular to A-A*, and if it moves position

its length will be shortened reducing the free energy, and as such there is a driving force
for movement. This geometrical argument is shown schematically in Figure 2.25.

Thermal
Groove

-ve

Figure 2.25 Geometrical representation of grain boundary m o v e m e n t

T h e grain boundary A B is at an angle less than the critical value, and as such to m o v e to
position A' requires that A'B is longer than AB. Conversely, grain boundary AB* is at an
angle greater than the critical value, and so the movement to position A* results in A*B*
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being shorter than the original grain boundary, A B * . T h e critical angle is dependent u p o n
only the energy of the free surface and the grain boundary and can be calculated via
equation 2.2, Mullins [1958]

(2.2)
6 7S
It is therefore evident that observations of grain growth o n the free surface utilising
LSCM will be at variance to the growth in the bulk due to anchoring of boundaries at
grooves. A schematic description of how the combination of grain growth and thermal
grooving interact to produce observed stepwise movement of the grain boundary is
provided in Figure 2.26. A semicircular grain with an initial radius such that the pressure,
P drives the grain boundary movement is given by equation 2.3, where yb is the surface
energy and K is inversely proportional to the radius of the grain, 1/r.
Thermal Grooves

Thermal
Groove

8>0

9=0

Grain 2
Figure 2.26 Schematic representation of boundary unpinning for shrinking grain.

(2.3)

P = Kyb
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In this idealised case, the grain boundary is normal to the free surface and therefore the
angle it makes with the notch wall is less than the critical angle. As such the grain
boundary is pinned. When the radius of the grain decreases by some amount, or, the angle
that the grain boundary makes with the thermal groove increases. At some value of 8r,
this angle will exceed the critical angle, unpinning the grain boundary at the free surface
resulting in the rapid movement of the boundary at the interface to re-establish
equilibrium with the bulk of the grain. Once this is achieved, the angle that the boundary
makes with the free surface returns to a value less than the critical angle, therefore the
boundary is once again pinned on the free surface.

Extension of the arguments presented here shows that the pinning effect of surface
grooves is not just restricted to grain boundaries. Any depression must also operate to pin
growing boundaries through the same mechanism described by Mullins [1954]. Such an
example is presented in the sequence of events observed in Figure 2.27. The delta-ferrite
grain marked F is being overgrown by the grains surrounding it, D, C, B and E. A circular
surface defect at the junction between D, E and F retards the movement of the grain

boundary in contact with it, frames (a), (b) and (c). In Frame (d), the grain boundary trip
point has become unpinned, and a rapid movement of the grain boundaries results as it
seeks to return to equilibrium relative to the position of the connected grain boundaries.
This sudden and rapid release of the grain boundary has been analysed quantitatively. The
velocity of the triple point FDE has been measured and is shown as a function of time in
Figure 2.28. A large velocity spike greater than 200|Llm/s is observed at time 17 seconds,
corresponds to the unpinning of the grain boundary triple point from the surface defect.
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Figure 2.27 Pinning of a grain boundary due to surface defect, (0.06mass%C Steel)

In summary, in-situ observations of grain growth o n the surface do not necessarily
correspond to similar events occurring in the bulk. Thermal grooves associated with grain
boundaries can pin the movement of such boundaries. By similar argument surface
defects can also pin the movement of a grain boundaries. Moreover, pinning of
boundaries might not be restricted to grain boundaries, but through the same mechanism,
interphase boundaries could also be pinned by surface grooves or defects. Consequently,
care has to be exercised in the interpretation of events observed in the surface of
specimens in the laser scanning confocal microscope.
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2.5.2 A n o m a l o u s Massive Phase transformations
The issue of the correlation between observations of phase transformations on the free
surface and in the bulk has been addressed in section 2.5. It was concluded that
observations of the delta-ferrite to austenite transformation and austenite decomposition
on the free surface were representative of bulk behaviour. However, transformation
events inconsistent with the theoretical predictions have also been observed in this study.
It is proposed that the anomalous massive phase transformation referred to below is the
result of particular circumstances that can be clearly distinguished from the conditions in
the solid state transformations addressed in the bulk of this work.

A massive kind of phase transformation from delta-ferrite to austenite was observed in a
0.06mass%C steel at a cooling rate of 77°C/min, as shown in Figure 2.29. In the sequence
shown, the specimen was cooled from the liquid into the delta-ferrite phase field, followed

by a period of delta-ferrite grain growth. The first frame shows the steel in the delta-ferr
phase at 1425°C. In the second frame, a delta-ferrite grain boundary moves and becomes

very distinct to the left of the pre-existing grain boundary, (indicated by arrows). The next
two frames (c) and (d) record the propagation of the transformation front, the velocity of
which is 5.7x10'3 m/s. The morphology of the austenite transformation product is one of
lathes, similar in appearance to Widmanstatten or martensitic plates observed during
austenite decomposition.
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1

• 64|J.m

Cooling rate 77°C/min, interface velocity 5440|J.m/s

Figure 2.29 A n o m a l o u s delta-ferrite to austenite phase transformation (0.06mass%C)

The sequence of events after reheating into the delta-ferrite region, transforming back to
delta-ferrite, followed by cooling at a rate of 94°C/min, and transformation back to
austenite does not result in the massive phase transformation observed in Figure 2.29. The
transformation interface has a planar morphology, propagates at a significantly slower rate
of 34plm/s, and is virtually undetectable due to an absence of substantial surface relief
associated with the transformation. It is of significance to note that the massive phase
transformation shown in Figure 2.29 occurred at a cooling rate lower than that at which
the planar interface morphology was observed. This phenomenon has therefore been
classified as an anomalous massive transformation as it is not usually encountered in
austenite decomposition, or in the delta-ferrite to austenite transformation, under these
cooling conditions.
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W h e n a massive phase transformation is observed, the specimen has usually been
subjected to limited surface melting prior to cooling to the transformation temperature. In
this instance surface melting is defined as the formation of a liquid phase o n the surface,
without melting of the bulk specimen. It is suspected that the stresses associated with
solidification of the partially melted surface, induces the anomalous delta-ferrite to
austenite transformation behaviour. Although an interesting phenomena, it has not been
explored in m o r e depth as it falls outside the objectives of this study.

2.5.3 Nucleation and growth of non-metallic precipitates
Extensive efforts have been undertaken during the course of this work to assess the
possibilities of using the unique features of L S C M to study and resolve discrepancies in
the literature with respect to early nucleation and growth events in a range of iron-based
alloys. T h e precipitation of non-metallic nuclei and their subsequent growth has been
found to exhibit a discrepancy between the free surface and the bulk. It is c o m m o n l y
observed that while non-metallic precipitates m a y form o n the free surface of a specimen
no corresponding non-metallic particles are found in the bulk. Furthermore, the particles
that form o n the free surface grow to relatively large sizes, 5 to 10|Im or greater, in
diameter, but do not penetrate into the bulk. A n example of this p h e n o m e n o n was
observed in the w o r k of Yuki et al [1998] studying the solubility of manganese sulphides
in steels. In that study, efforts were m a d e to determine the solubility of M n S in Fe-Ni
alloys utilising laser scanning confocal microscopy. A

cross section through a M n S

precipitate that was observed in the L S C M to form o n the free surface was observed in an
S E M , and this section is reproduced in Figure 2.30. T h e micrograph clearly shows that the
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precipitate has formed o n the surface only, and has not grown into the bulk, nor are there
any precipitates within the bulk.

Figure 2.30 Plane view (a) and Cross section (b) of a M n S precipitate in an Fe-Ni alloy,
Yuki et al [1998]

A n example of this p h e n o m e n o n observed during the course of this study is presented in
Figure 2.31. This figure shows optical micrographs of the free surface of a type 3Crl2
stainless steel following an LSCM experiment, as well as the microstructure of the same

sample after successive grinding and polishing to a depth of 150|J.m. The precipitates, wi
a range of morphologies are not observed in the bulk of the sample and consequendy, the
formation of these non-metallic precipitates appears to occur on the free surface only.
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(a) lOOxObj

2 n Phase Precipitates

5"3V*

.-.

I

4
(b) Unpohshed, 20x O b j

(c) Polished to 150(Xm, 20x O b j

Figure 2.31 Non-metaUic precipitation on a free surface (Type 3Crl2 Stainless)

In Figure 2.31(a) precipitates of the order of lOpim are observed. Analysis of the
composition using EDS indicates that they are composed of manganese sulphide (MnS),
as well as chromium and titanium based precipitates. The distribution of elements shown
in Figure 2.32 highlights the distribution of precipitates on the surface of a 3Crl2 type
stainless steel specimen.
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3 C r l 2 S E M image

Cr ppte's

! Ti ppte's

MnS

M n Distribution

Sulphur Distribution

C h r o m i u m Distribution

Titanium Distribution

Figure 2.32 E D S scan of precipitates on the surface of 3Crl2 type steel
It can be concluded that the nucleation and growth of non-metallic precipitates as

observed on the free surface is unrepresentative of the bulk characteristics. Several fac

may be playing a role in the divergent behaviours exhibited between the surface and bulk.
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O n e possible factor is the surface-active nature of certain elements, such as sulphur

leading to segregation to the free surface, Gall et al [1996]. This may cause the

have a significantly higher concentration of sulphur than in the bulk, leading to
in the rate of nucleation and growth of MnS precipitates on the free surface.

Another factor, certainly in terms of nucleation, is the impact of misfit volume
recognised that the volume change accompanying the transformation from one phase

another induces elastic strain energy that increases the barrier to nucleation. T
the free energy accompanying a phase transformation is a balance of the chemical

force, the elastic strain energy, and the generation and destruction of interphas

boundaries. This change in free energy, AG, is mathematically formulised in equat
Cheng etal [1999].

AG = V{AGchem + AGS) + A7 + Q (2.4)

The free energy change due to strain energy, AGS is a function of the misfit volu

shear modulus of the matrix, \X, and the bulk modulus of the precipitate, Kp as w

shape of the precipitate, which is brought into the equation through the shape fa

2 (2-5)

AG, = -juCS2E
s

3
3/G (2-6)
p
C =
-—
3Kp+4ft

Here C is a constant based on the relative values of the bulk modulus of the prec
and the shear modulus of the matrix.
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It has already been established in section 2.5 that the growth of austenite from deltaferrite, and alpha-ferrite from austenite, shows a direct correlation between observations
of the surface and events in the bulk. Furthermore, a case will be presented in section

3.3.3 that the preferred site for nucleation of fee. austenite in b.c.c. delta-ferrite is not o
the free surface but in the bulk at grain corners. The question then becomes why is the
nucleation and growth of non-metallic precipitates favoured at the free surface. It can be
surmised, with reference to equations 2.4 and 2.6, that non-metallic precipitates such as
manganese sulphides and the various carbides having lattice structures significantly
different from either fee or b.c.c. not only preferentially nucleate upon the free surface,
but find growth conditions much more favourable there as well.
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2.6 Summary
The work presented in this chapter has been aimed at developing a frame of reference
with regard to the shape and form of interfaces observed in a high temperature laserscanning confocal microscope. Efforts have been made to highlight those phenomena
that exhibit a nexus between observations on the free surface and events occurring in the
bulk, and those phenomena that do not. The transformation of delta-ferrite to austenite
was shown to exhibit a correlation between its appearance on the free surface and in the
bulk, as was revealed by sectioning and etching. Similarly, the decomposition of austenite
to the variants of allotriomorph and Widmanstatten ferrite plates as they appeared on the
free surface was shown to correlate to the microstructures in the bulk. Grain growth,
anomalous massive phase transformations and the preferential precipitation of nonmetallic inclusions were recognised as phenomena that are influenced by the free surface.
Now that laser scanning confocal microscopy has been properly introduced and the

technique assessed, attention can be turned to a review of the literature, pertaining to the
transformations of interest in this study.
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C H A P T E R 3 LITERATURE SURVEY
In the processing of steel from the melt to final product, three phase transformations:

solidification, delta-ferrite to austenite and austenite decomposition are of significance. O
critical importance to microstructural development, which controls quality as well as the
physical and mechanical properties of the final product, is the morphology of these phase
transformations. For example, in the processing of steel through the continuous casting
route, the morphology of solidification impacts upon solute segregation, which in turn,
determines hot tear strength of the mushy zone. The solid-state delta-ferrite to austenite
transformation in steel is important because there is a large volume change associated with
this phase change. The volume change generates stresses that impact upon the quality of
cast product through the formation of surface defects, such as corner cracking. Finally,
austenite decomposition is pivotal to the control of the mechanical properties of steel
because these properties are intimately related to the nature, shape and size of the
transformation product, and hence, the morphology of the transformation.

Many attempts have been made to quantitatively describe the morphology of
transformation interfaces, whether liquid-solid or solid-solid. One of the most successful
approaches used to quantify the morphology of transformation interfaces, has been
developed by Mullins and Sekerka [1963, 1964]. They attempted to establish the
cumulative effects of solute and thermal rejection accompanying the phase
transformation, imposed thermal gradients across the interface, and the surface tension of
the interface on morphological stability. Use of the Mullins-Sekerka analysis is well
established in regard to solidification interfaces, but less so with solid-state phase
transformations. However, examples can be found in the literature attempting to apply
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this

type

of

analysis

to

solidification, delta-ferrite

to

austenite

and

austenite

decomposition.

The present critical analysis of the literature therefore seeks to achieve the following
outcomes;
• to give an introduction to the Mullins-Sekerka analysis of the stability of a
growing transformation front.
• to present a review of studies that have utilised this analysis for solidification,
delta-ferrite to austenite and austenite decomposition transformations. Special
attention is given to studies utilising LSCM to study the morphology of phase
transformations, in particular the work of Chikama et al [1996] and Yin et al
[1999] into solidification and the delta-ferrite to austenite phase transformations
respectively.
• to raise crystallographic orientation issues with the M-S analysis are raised to
highlight its importance, especially as applied to solid-solid phase
trans formations.

3.1 Solidification Morphology
Solidification morphology is characterised by one of three growth modes; planar, cellular
or dendritic. Experimentally it is observed that at low growth rates a planar interface is
preserved. As the rate increases, the growth mode changes to cellular, then to dendritic
and finally at very rapid growth rates, to a planar growth mode again. The selection of the
solidification mode/morphology is determined by the combination of a variety of factors.
There are factors inherent to the alloy system, the diffusivity of the solute and the thermal
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conductivity. Other factors, which can be referred to as imposed parameters, also act to
control the morphology, such as the thermal gradient across the interface and the velocity
of the moving interface. The approach taken in the present discussion is to place all
competing factors into context through setting a frame of reference which allows the
assessment of the interplay between of these inherent and imposed parameters.

The directional solidification of a dilute alloy such as an Fe-C alloy is shown schematicall
in Figure 3.1. The solidifying front grows with a velocity V, under an imposed thermal
gradient G, and diffusion coefficient D of the solute in an alloy of composition C0. The
equilibrium freezing range AT0 is equal to mC0(k-l)/k, with k the partition coefficient and
m the slope of the liquidus taken from the equilibrium phase diagram for the system in
question.
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Figure 3.1 Constitutional supercooling conditions for an alloy, Kurz and Fisher [1992]
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F r o m Figure 3.1 it follows that the rejection of solute from the solid into the liquid
generates a boundary layer with an increased solute concentration. A plot of the
equilibrium melting temperature, GL indicates conditions under which the interface can
become unstable. If the imposed thermal gradient, G, is less than GL, then a perturbation
which randomly forms on the planar interface will encounter a temperature less than its
equilibrium melting temperature, and as such will grow. The conditions of thermal
gradient, velocity, and diffusivity under which this condition is satisfied is known as
constitutional supercooling, and was mathematically described by Ruter and Chalmers
[1953], by equation 3.1.

„ VAT
G=

°D

Eqn3.1
M

The constitutional supercooling analysis has two limitations; the first being that equation
3.1 does not include the effect of surface tension and no assessment of the scale of
perturbation can be conducted using equation 3.1. The importance of surface tension to
the overall stability of a solidification front is expressed with regard to the GibbsThomson undercooling, ATr
ATr=TK Eqn3.2
where Y = Jsl I AS,, the Gibbs-Thomson coefficient is dependent upon the interfacial
energy and the entropy of fusion of the phase transformation, and K the radius of
curvature.

3.1.1 Mullins-Sekerka Stability Analysis
The stability analysis of a growing interface as proposed by Mullins and Sekerka [1963,
1964], seeks to include the effect of surface tension and to enable an estimation of the
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scale of perturbation of an interface. In the development of a treatment for the case of

directional solidification of a dilute binary alloy, solute diffusion, heat transfer and surfa
tension were incorporated, Mullins and Sekerka [1964]. The system they considered
consisted of a planar interface under nominated conditions, to which an arbitrary
perturbation is imposed. The perturbation takes the form of a sinusoidal wave of the type,
z=£sinwy as illustrated in Figure 3.2. The analysis conducted seeks to determine the time
dependent behaviour of the amplitude, £, of the perturbations, that is whether it will grow
or decay. If the amplitude grows then the perturbation will be stable, if it decays then the
interface will revert to a planar morphology.

The system is assumed to be operating under steady state conditions, the bulk and surface
properties are taken to be isotropic and equilibrium at the interface is attained. The
assumption of steady state conditions is an important one as the analysis is concerned
with changing conditions at the interface, that is, the growth or decay of the perturbation.
The solution can only be valid for perturbations that grow sufficiently slowly so as not to
deviate significantly from steady state conditions.
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Figure 3.2 F o r m of the perturbation applied to the interface K u r z and Fisher [1992]

The analysis is aimed at deriving equations describing thermal and diffusion fields for the
assumed steady state conditions, when the interface grows at a constant velocity. In their
analysis Mullins and Sekerka [1964] assumed that no diffusion occurs in the solid state and
hence, developed only a description of the thermal distribution in the solid phase. This
simplification was justified on the basis that diffusion in the liquid phase is significandy
greater than that in the solid. The benefit of such an assumption is that the number of
equations required to describe the system is reduced. In the case of the liquid phase, from
which the solid grows, both the solute and thermal distributions are taken into account.

The analysis had to hold for values of these fields not just at the interface but at infinity,
defined as several wavelengths from the interface.

Certain boundary conditions used in the Mullins-Sekerka analysis need to be described,
the first being that at the interface, local equilibrium is attained for the liquidus
temperature, T^. This condition is mathematically formulated in equation 3.3.
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Tj, =rnc^,+ T N

E q n 3.3

This equation describes the equilibrium melting temperature as a function of the solute
field, mC((, and the effect of the surface energy through TN , which is mathematically
formulated in equation 3.4. This equation describes the effect of the increase in surface
energy on the equilibrium liquidus temperature Tm as a function of the Gibbs-Thompson
coefficient, T, and the radius of curvature, K of a sinusoidal wave, which is equal to the
second derivative of the sinusoidal perturbation, -w2£sin(wy) , Kurz and Fisher [1992].

TN=Tm+

TmTK = Tm- TmTw2 esin wy

E q n 3.4

T h e other boundary condition states that the velocity of the interface calculated by heat
flow and diffusion considerations must equate, equation 3.5, which in simple terms is the
conservation of heat and mass.

*4

D

K,

K<
v & J,

ydz j

E q n 3.5

cAk-i)ydzj

In this equation, v(y) is the velocity of the interface, the next equality is the heat balance
across the liquid-solid interface based on the latent heat released by the phase change, L,
the thermal conductivity in the liquid and solid, KL and Kg, and the thermal gradients in

the liquid and solid at the interface (z -())), are given by

r^T\ and
Kdz

j

respectively.
v

dzy

T h e third equality is the mass balance of solute across the solid-liquid interface as defined
by the diffusion of solute D, the alloy composition C^ the partition coefficient, k and the

. With these boundary conditions set,

solute gradient in the liquid at the interface,
Vdzy
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the variation in the equilibrium melting temperature is defined for any sinusoidal
perturbation

The central result from Mullins and Sekerka [1964] is presented in equation 3.6, which
describes the time rate of change of a sinusoidal perturbation. The relationship is based on
the wave number, w=27C/A,, the diffusion coefficient, D, the thermal conductivity in liquid
and solid respectively, G and G, p the partition coefficient, m the slope of the liquidus,
the effect of capillary through the Gibbs-Thomson parameter, T and the velocity, V and
TM and Gc.

e _ V^-2TjW[w -(V/D)p]-(^ +G\w -(V/D)p]+2mG
c
w •(V/DI
£~
(£ +G\W -{V/D)p\+2wmQ

If the solution to equation 3.7 is negative, that perturbation wavelength will not be stable,
and hence the interface will resume a planar morphology. For wavelengths where
equation 3.7 is positive, these perturbations are stable and the interface develops a nonplanar morphology. This situation is graphically represented in Figure 3.3, which
compares two nominal systems. System one has no solution to equation 3.6, for no
wavelength of perturbation is a positive result returned, hence any perturbation which
forms on a planar interface in this system decays with time. Such an interface will always
return to a planar morphology. In system 2, there is a range of wavelengths for which the
solution to equation 3.6 is positive. Therefore, any perturbation that forms on the planar
solidification interface with a wavelength within that range will exhibit growth of the
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amplitude of the sinusoidal wave, and hence the non-planar morphology of the interface
will be stable.

+ve

£

-

,s-' 0

-ve

Wavelength of Perturbation, A,
Figure 3.3. Graphical representation of equation 3.6

3.1.2 Cellular Spacing
Kurz and Fisher [1992] mathematically formulated the cellular spacing for the directional
solidification case in terms of the equilibrium temperature of the tip and depression of a
sinusoidal perturbation, T, and Td (from Figure 3.2). The equilibrium melting temperature
difference between the depression and tip is determined assuming that the thermal and
solute gradients are not affected by the perturbation and can be calculated on the basis of
a planar interface.

7;-rrf=m(c,-c,)-r(*,-*J

E q n 3.7
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This equation describes the difference in the melting points on with regard to the solute
field and the curvature at the two points. The curvatures are opposite in sign and by
choosing the value of y such that sin(wy) is equal to unity, the radius of curvature term
simplifies to w2£

4U2£
K, = -K d = w"£ = —g-

E q n 3.8

Tt - Td = 2£G Eqn 3.9

Ct - Cd = 2£GC Eqn 3.10

Here it is remembered that the temperature difference between the tip and depression
equates to the imposed thermal gradient, G and similarly the compositional difference at
these two points equates to the solute gradient, Gc and the radius of curvature K, a mirror
image at the tip and depression, is calculated from the shape of the sinusoidal
perturbation. Substituting equations 3.8 to 3.10 into 3.7, Kurz and Fisher evaluated the
cellular spacing to be equation 3.11

^ = 2IIP^o
V VAT.

Eqn 3.11

3.1.3 Previous L S C M Studies
Emi and his Co-workers developed the LSCM technique to overcome the experimental
problems inherent in in-situ observations at high temperatures. The only paper published

using LSCM that deals with the stability of a solid/liquid interface during solidification
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Chikama et al [1996], was claimed to be thefirstof such in-situ studies of Fe-C alloys.
Two alloys were studied, Fe-0.2mass%C and Fe-0.83mass%C, using in a LSCM system
identical to that described in Chapter 2. Samples were placed in 5mm diameter alumina
crucibles, heated to 1600°C such that the samples were completely molten. The melt was
then cooled and observations recorded of the behaviour of the solid/liquid interface.
Observations were made of the stability of solidifying fronts, of the formation of
secondary dendrite arms and of the coarsening of delta-ferrite cells. The interface growth
velocities where transitions from planar to cellular and cellular to dendritic occurred where
compared to the theoretical analysis of Kurz and Fisher [1992], based on the Mullins and
Sekerka instability analysis.

An issue to be noted regarding the work of Chikama et al [1996] is the presence of grain
boundaries on the liquid — solid interface. An illustration of this is reproduced from the
work by Chikama et al [1996], and presented in Figure 3.4. In that study the structure was
referred to as cellular, following the transition from a planar interface, and that the
observed coarsening of the "cells" could be the result of Oswald ripening. Chikama et al
[1996] interpreted this structure as resulting from interfacial instability. However it is
difficult to accept this interpretation because the interfaces between cells are too well
defined, indicating that they are more likely to be grain boundaries. This is an important
observation because Noel et al [1998] have shown that the presence of grain boundaries

significandy influences the stability of planar interfaces, acting to destabilise them. Noel's
finding means that in a given solidification system, in which a suitable thermal gradient
and growth velocity have been imposed to ensure the stability of a planar interface, the
presence of grain boundaries can induce instability. The faster diffusivity of solute along
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grain boundaries leads to a localised variation in the solute concentration gradient in front
of the solidification interface. This localised increase in the solute concentration around
the grain boundary destabilises the interface at the point where a grain boundary intersects
the interface.

Figure 3.4 Solidification in 5 m m crucible, reproduced from Chikama et al [1996]

Returning to the work of Chikama et al [1996], the interface they observed in that study is
reproduced in Figure 3.4 and many grain boundaries are seen to intersect the solidification
interface. This arrangement is related to the experimental set-up, where the whole sample
is solidified from a melt contained in an alumina crucible of cylindrical shape.
Heterogeneous nucleation on the alumina crucible ensures that a number of nuclei grow
into individual grains separated by grain boundaries. The planar to cellular transition as
determined by Chikama et al [1996] must be subject to some experimental error. The
presence of numerous grain boundaries with the associated disturbance of the solute
concentration gradients, leads to the destabilisation of the solid-liquid interface. The
impact of grain boundaries on the stability of an interface can be followed in the sequence
presented in Figure 3.5, reproduced from the work of Chikama et al [1996].
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Figure 3.5 Solidification study from Chikama et al [1996]

It is interesting to note that in the sequence presented in Figure 3.5 three cells grow from
one grain, denoted A, B and C. Both A and C have one edge on a grain boundary and
both are observed to overgrow cell B. This observation that cells bordering grain
boundaries overgrow cells that do not, may be a direct consequence of the action of the
grain boundary on the stability of the solid-liquid interface.

3.1.4 Crystalline Anisotropy
One of the assumptions in the analysis proposed by Mullins and Sekerka is that of
isotropic properties of the moving interface. However, it is universally accepted that the
properties of interfaces in metals depend on crystallographic orientation and as such,
surface tension and atomic attachment kinetics display anisotropy. Akamatsu et al [1995],
using a low temperature transparent material as an analogue for a metallic melt, studied

the role of crystalline anisotropy on the morphological stability of a solid-liquid interface
during directional solidification. The effect of orientation on growth morphology is
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illustrated in Figure 3.6, reproduced from that study. Depending u p o n the orientation of
the growing interface, dramatically different microstructures develop. The typical
cellular/dendritic structure grows in the <100> direction, at an angle to the direction of
heat flow as shown in Figure 3.6.(a). The structure in (b), described as "seaweed" develops
because the orientation of the growing solid interface is such that the interface is
"effectively isotropic".

Growth
Direction

Heat Flow
Direction

Figure 3.6. Orientation and growth morphology, A k a m t s u et al [1995]

Boettinger et al [2000], proposed that the underlying building block of the "seaweed
structure" observed in Figure 3, is the doubloon, which are primary dendrite trunks that
are "aligned along and split by a (111) coherent twin plane". Reference is made to the
doubloon structure of "feathery" grains in aluminium alloys as an example of this
structure. Extension of this experimentation to crystallographic effects on the
solidification morphology in iron-based alloys has not been reported.
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3.2 Delta-ferrite to austenite p h a s e transformation in l o w carbon steels
The conditions under which the solid-state delta-ferrite to austenite phase transformation
occurs in iron-carbon alloys exhibit both similarities and differences to solidification.
When delta-ferrite transforms to austenite, an austenite precipitate enriched in carbon
grows in a matrix of delta-ferrite supersaturated in carbon. Mullins and Sekerka [1963]
developed a stability criterion for the case of isothermal transformation for such a system.
Similar ideas were used to the analysis of solidification, namely that there is a destabilising
effect of a solute gradient on an interface, and a stabilising effect from the interfacial
energy. The differences between the liquid/solid and solid/solid phase transformation in
regard to the morphological stability of the transformation interfaces was discussed by
Shewmon [1965], who assessed the reasons for the greater stability of solid state phase
transformations. The points of interest were the influence of strain energy not being an
issue in solidification while in solid-solid transformations it is a factor, the rate of
interfacial reaction is also of importance in solid-state transformations. Although it is
accepted that solid-state phase transformations do exhibit greater stability than
solidification interfaces, microstructural evidence has been provided for morphological
instability in an iron-nickel alloy, shown in Figure 3.7 (Vandyoussefi et al [1997]), and
using LSCM for iron-carbon alloys, Yin et al [1999].
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Figure 3.7. Cellular morphology of 8-y phase transformation, Vandyoussefi et al [1997]

3.2.1 Previous L S C M Studies
Only one study utilising LSCM to investigate the delta-ferrite to austenite phase

transformation is reported in the literature, Yin et al [1999]. The alloys used in that stud
were duminium-killed steels containing 0.04wt%C and 0.045wt%C. A typical example of
the observations made in their study is reproduced in Figure 3.8.
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Figure 3.8. Delta ferrite to austenite, reproduced from Yin et ai [1999]

Three distinguishable features of austenite formation in a delta-ferrite matrix are triple
point cells (TP), grain boundary cells (GB) and intragranular cells. Of note is the
observation that intragranular cells always merge with either TP or GB austenite cells, and
that grain boundaries do not form between them. The implication of this observation is
that intragranular austenite cells are not unique nuclei, but are in fact an outgrowth of
either a nucleus associated with the triple point cells or grain boundary cells.
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Figure 3.9. Schematic representation of 8 to y transformation, Yin et al [1999]

The sequence of events as portrayed by Yin and his co-workers involves the nucleation of
austenite at the free surface, preferentially at TP's, occasionally at GB's but never
intragranularly. After nucleation, austenite rapidly spreads along the delta-ferrite grain
boundaries, occasionally forming grain boundaries when TP cells meet GB cells, but never
with intragranular austenite cells. They relied upon the observed sequence of events,
reproduced in Figure 3.10, in support of their hypothesis. In this sequence, the appearance
of a grain boundary austenite cell is recorded on the right hand side of frame (a). In the
next image, (b) the initial GB cell has grown, and a number of other GB's are observed, as

well as one triple point austenite cell. In the final frame (c), four GB cells located at the
bottom left of the figure have all merged into one coherent cell, and the remaining cells
can be observed to have spread preferentially along the delta-ferrite grain boundaries.
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Figure 3.10 Sequence showing the spread and merger of TP's and GP's

One of the important conclusions of the LSCM study conducted by Yin et al into the
delta-ferrite to austenite transformation was that the interphase boundary could develop
unstable growth morphology. It was proposed that the morphological development could
be explained by an application of the Mullins-Sekerka stability analysis. The observations
of unstable growth morphology during the 8 to y phase transformation in a low carbon,
aluminium killed steel is reproduced in Figure 3.11, highlighting the relevant
microstructural features.
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Held at 1695 K after cooled at 50 K/min from 1720 K
H^Jl'vSHLS^i'goheretU b'y Interphase Boundary
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Figure 3.11. Unstable growth morphology of the 5 to y transformation, Yin et al[1999]

In this collage of L S C M images, Yin et al digitally enhanced the austenite phase to increase
the contrast between austenite and the delta-ferrite matrix. The features of interest are
those associated with austenite grains A and B, which have developed a "finger-like"
interphase morphology. The author's interpretation of these microstructural features was
that the interphase boundaries associated with grains A and B were incoherent, and that a
Mullins-Sekerka instability mechanism was operative in the development of this kind of
microstructure. A theoretical treatment developed by Shewmon [1965] was used to justify
the conclusion that non-planar interface morphologies could be stable. It was noted by
Shewmon [1965] that in solid-state phase transformations the stability of transformation
interfaces is greater than predicted on the basis of diffusion gradients alone. The example
of Widmanstatten ferrite growth being dependent upon a limited set of crystallographic

83

orientation relationships, between the ferrite and the austenite parent phase, was used to
highlight this fact. Shewmon concluded that interfacial reaction control must play a role in
stabilising solid-solid interfaces when semi or full coherency is established between the
precipitate and parent phase. That is, the mobility of an interface impacts upon the

stability of the interface, not just the diffusion of solute. This is the basis of the so-called
mixed mode concept used to model phase transformations, and will be discussed in more
detail in section 3.3.4. The impact of stresses related to volumetric changes as a result of a
crystallography change accompanying phase transformation, such as fee to bec, was also
assessed. As was discussed in section 2.5.3, the strain associated with the mis-fit volume
between a precipitate and the matrix increases the free energy through the term AGS
equation 2.5. It was, however, concluded that transformation stresses though playing a
role in stabilising a solid-solid interface, is less important than the interfacial mobility.

In the work by Yin et al [1999], the issues raised by Shewmon were addressed to show
they are not applicable to the delta-ferrite to austenite phase transformation, and that the

Mullins-Sekerka instability analysis is therefore direcdy applicable to the stability of a delta
ferrite / austenite interface. Yin et al [1999] contended that the delta-ferrite / austenite
boundaries are incoherent, therefore diffusion controlled and possessing isotropic free
energy, and as such interfacial mobility is very fast and can be ignored. Furthermore, at the
high temperatures associated with the delta-ferrite to austenite transformation, the
transformations stresses will be low, and therefore the stabilising effect of stresses due to
volumetric changes can be ignored.
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In the study of Yin et al [1999], the spacing of observed instability of the deltaferrite/austenite interphase boundary, reproduced in Figure 3.11, was measured to be

120[lm. The spacing relationship developed by Kurz and Fisher [1992], equation 3.11, was

used to calculate the expected instability wavelength for the alloys used by Yin, and w
found to be equal to 123|Xm. This correlation between observed and calculated

wavelengths was used to support the application of the Mullins-Sekerka stability analys
to the delta-ferrite to austenite phase transformation.

DT
A =2X

E q n 3.11
"V V A T

In the study conducted by Yin et al [1999], the value of the expected perturbation spacing

was calculated by using equation 3.11. The use of this equation to calculate the cell s

of an interface that displays cellular growth morphology fails to adequately describe t
conditions that are expected to dominate. For a given set of experimental conditions

where cellular disturbance of the interface is produced, there is a spectrum of wavelen

that are stable. The wavelength calculated by equation 3.11 is actually that associated
the limit of stability under conditions of directional solidification, Kurz and Fisher

that is, the smallest possible wavelength that is stable under the pertaining experimen

conditions. According to Mullins and Sekerka [1964], the stable wavelength is that which
dominants the growth, and is actually expected to be the fastest growing Fourier
component of the spectrum of wavelengths. This argument can be better illustrated by
reference to Figure 3.12, which shows the rate of growth of a perturbation's amplitude
the spectrum of wavelengths. Below A, a planar interface is retained due to capillary
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effects, and at long wavelengths the rate of growth of the amplitude is limited by diffusion
over long distances. The wavelength of the perturbation at which the highest growth rate
is achieved, A,m, is the one expected to dominate the interface morphology. Mullins and
Sekerka [1964] proposed that this maximum wavelength can be calculated by equation
3.12.

4.=V34

E q n 3.12

Stability Analysis per K u r z and Fisher [1984]
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Figure 3.12 Stability Analysis Fe-C for alloy used in Yin et al [1999]

T h e value of \ calculated for the Fe-C alloy used in the study of Yin et al [1999] was equal
to 123|J.m and correlated well with the observed instability of the growing austenite.
However, a calculation based on equation 3.12 for A-m, the fastest Fourier component,
returns a value of 213(0,m. Hence, the measured wavelength in the work of Yin et al [1999]
using this analysis does not correlate to the expected dominant wavelength.
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3.2.2 Preferred sites for Nucleation in Solid State Phase Transformations.
Yin et al [1999] proposed that the preferred site for nucleation of austenite in delta
ferrite is at the free surface. In their work analyses of observations using LSCM were
used to provide evidence for this purpose, and to obtain agreement with the theoretical
work of Clemm and Fisher [1955] as well as the experimental work of Huang and
Hillert [1996]. The conclusion of those experimental investigations was that grain
corners dominate as sites for nucleation, nucleation is possible on grain edges but not in
the bulk of a grain. Neither these researchers, nor any of the investigations referred to,
considered the effect of the free surface.

Yin et al [1999] made a number of important conclusions with respect to nucleation and
growth of austenite in a delta-ferrite matrix as observed on the free surface.
(1) Firsdy, all the intragranular y cells they observed merged with triple point (TP) and
grain boundary (GB) y cells. They observed no intragranular y nuclei that formed
on the free surface of the matrix of delta-ferrite grains.
(2) y grows at a much faster rate along the grain boundary than through the matrix.
(3) Most GB y cells merge with TP y cells.

Yin et al [1999] concluded that austenite nucleates on the free surface at triple points, an
observation they deemed to be in agreement with the theoretical analysis of Clemm and
Fisher [1955], and the experimental work of Huang and Hillert [1996]. As reviewed,
Clemm and Fisher [1955] and Huang and Hillert [1996] have not considered the affect of
the surface on nucleation. Yin et al also concluded that intragranular cells are the result
morphological instability of the growing 8/y interphase boundary. However, when
intragranular austenite cells merge with cells formed on grain boundaries no new grain
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boundary is formed and hence, it is fair to conclude that they originated from the same
nucleation event.

If nucleation occurs on the free surface, for austenite grain boundary cells to appear ahead
of the main TP cell, the growing austenite would have to grow into the bulk, not in
contact with the free surface, at a rate faster than along the surface, and then re-appear
ahead of the TP cell. Given that diffusion is faster along the free surface than through the
bulk, and fastest along the free surface on grain boundaries, this interpretation cannot be
supported. Similarly with intragranular austenite cells, if nucleation were preferred at the
free surface on a triple point, then again, the growth of austenite would have to occur
more quickly through the bulk of the grain without contacting the free surface, and then
breech the free surface at some point in front of the austenite, growing from the grain
boundary. It is therefore very difficult to support the argument advanced by Yin et al that
nucleation on the free surface is preferred. It seems much more likely that nucleation
originates in the bulk. The appearance of y cells in different locations on the free surface
of the 8-phase that originated from the same nucleation event could be explained by
morphological instability of the advancing interphase boundary, the only difference being
nucleation is likely to occur in the bulk of the 8-grain and not on the surface as proposed
byYinetal[1999].

Such an interpretation is supported by the experimental work of Onink et al [1995], who
studied austenite decomposition by using high temperature transmission electron
microscopy. Their study entailed the TEM observations of austenite decomposition in
low carbon steel. A disc of steel was thinned to less than 100|J.m, and further thinned by
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the use of electropolishing techniques to produce samples that were transparent to
electrons. The field of view was restricted to 5x5|Jm; samples were heated to between
827°C and 927°C for 5 to 10 minutes before cooling at around 5 to 10°C/s to the
transformation temperature. They attempted to observe both nucleation and growth, but
they were never able to observe nucleation of ferrite in the austenite matrix. Their
conclusion, though the rationale behind it was not elucidated, was that nucleation did not
occur because the free surface in this thin region suppressed nucleation. To wit, the
preferred site for nucleation is in the bulk, more specifically at grain corners.
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3.3 Austenite Decomposition
T h e decomposition of austenite to proeutectoid ferrite precipitates was classified into the
D u b e system, distinguishing various morphological structures that develop. This system,
as modified by Aaronson [1962], to incorporate primary and secondary Widmanstatten
ferrite, is presented in Figure 3.13. O f particular interest is the variant k n o w n as
Widmanstatten ferrite. This morphological form has attracted attention due to the debate
surrounding both the mechanism of formation, whether it is sympathetic nucleation or
the propagation of an unstable interface, and the debate over the mechanism of growth,
whether it be diffusional or displacive.
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Figure 3.13. Dube classification system, Aaronson [1962]:
(a) allotriomorphs, (b) primary and secondary Widmanstatten sideplates; (c) primary and
secondary Widmanstatten sawteeth; (d) idiomorphs; (e) intragranular Widmanstatten
plates; (f) massive structure
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3.3.1 Mullins-Sekerka instability analysis and Widmanstatten Ferrite
Previous studies aimed at explaining the formation of Widmanstatten ferrite have included
work which utilised the Zener-Hillert equation for diffusion controlled growth of a single
Widmanstatten plate combined with the Mullins-Sekerka instability analysis, Townsend
and Kirkaldy [1968]. These researchers used quench-arrest-quench heat treatments
followed by sectioning and metallographic analysis to study the kinetics and mechanism of
Widmanstatten ferrite growth in iron-carbon alloys. A typical microstructure obtained
through quench-arrest-quench experiments is reproduced in Figure 3.14.

Widma-nstatten F/rnte Plates.
Figure 3.14 Widmanstatten ferrite colony (Townsend and Kirkaldy [1968])

In their study, three steels were assessed, containing 0.235, 0.385 and 0.405 w t % C ,
(SK007, Mn<002) respectively, and measurements were made of the longest plate
observed, the average length of plates in a Widmanstatten colony, and the smallest spacing
between plates. The morphological structures observed included the preference for
unstable interfaces on one side of allotriomorphs in general, the formation of which was
attributed to the orientation of the precipitate relative to the matrix. The most common
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Widmanstatten structure observed was that of colonies forming from grain boundary
allotriomorphs. It was suggested that allotriomorphs that showed angular periodicy
(reproduced in Figure 3.15) might be sites from which plates grow.

Figure 3.15. Perturbations o n an allotriomorph (Townsend and Kirkaldy [1968])

T o w n s e n d and Kirkaldy proposed that the Widmanstatten plate spacing is a function of
Mullins-Sekerka type instability. There were, however, some modifications required to
ensure a consistent application of these concepts to austenite decomposition. The Mullins
—Sekerka analysis dealt with a precipitate enriched in solute that grows into a depleted
matrix. That is, in the phase transformation delta-ferrite to austenite, the austenite
precipitate has a higher solubility of the solute, carbon, than the delta-ferrite. Hence the
transformation is controlled by the diffusion of carbon from the matrix to the precipitate.
In the case of alpha-ferrite precipitation in an austenite matrix, the reverse is true. If the
carbon content of the alloy is greater than the equilibrium solubility of carbon in alphaferrite (taken as 0.02mass% C), solute has to be rejected from the growing precipitate to
the austenite parent phase.
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It is of s o m e significance to note that in this treatment of T o w n s e n d and Kirkaldy [1968],
there are several potential sources of error, both in the experimental technique and in the
theoretical treatment. Because it is not possible to measure the growth rate of a single
plate when the quench-arrest-quench technique is used, only the average growth rate can
be obtained by determining, each time, the growth rate of the longest plate. Specifically, it
is not possible to determine by this technique, if individual Widmanstatten plates grow
with a variable velocity.

One of the assumptions adopted in the Mullins-Sekerka instability analysis to simplify the
mathematical treatment, is that diffusion of solute in the precipitate can be neglected. In
the case of the delta-ferrite to austenite transformation dealt with in section 3.2, this

assumption is justified by virtue of the fact that diffusion of carbon in delta-ferrite is muc
faster than in austenite. Townsend and Kirkaldy [1968], noted that the ratio of carbon
diffusion rates in austenite and alpha-ferrite for the alloys studied, was close to unity.
Therefore, ignoring diffusion in the precipitate must lead to some error in the calculated
spacings. Townsend and Kirkaldy estimated the error due to this simplification, to be not
more than 50%.

Townsend and Kirkaldy [1968] proposed a mechanism of unstable growth morphology
reproduced in Figure 3.16.
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Figure 3.16. Proposed mechanism of unstable growth morphology (Townsend and
Kirkaldy [1968])

In the sequence of events depicted in Figure 3.16, an allotriomorph of ferrite forms on an
austenite grain boundary in (a). In this model it is assumed that the initial nucleus has a
given orientation relationships with respect to the parent phase, that the interphase
boundaries are stable against perturbation, and hence, the allotriomorph grows
preferentially along the curved grain boundary, (b). The allotriomorph develops a
perturbation as it grows around the bend in the grain boundary due to anisotropy of the
surface tension, and this perturbation at some point, reaches a non-epitaxial relationship
with the austenite matrix, forming an unstable interface. With the change in the relative
onentation between the growing ferrite and austenite, Widmanstatten plates become
stable and grow. Furthermore, the initial plate to form induces further perturbations in (d)
that also can develop into plates (e). The authors noted that the proposed model could
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only be considered as a representative rather than definitive mechanism

of the

Widmanstatten ferrite formation.

3.3.2 Sympathetic Nucleation
Other researchers have disagreed with the mechanism described above, and have
suggested different mechanisms of Widmanstatten ferrite formation. The concept of
sympathetic nucleation was introduced by Aaronson and Wells [1956], and extensively
reviewed by Aaronson et al [1995]. Using the decomposition of austenite in Fe-C alloys as
an example, sympathetic nucleation is said to occur when a nucleus of alpha-ferrite forms
at the interface between a pre-existing alpha-ferrite precipitate and the austenite parent
phase. It was observed, Aaronson et al [1995] that if the interface between the pre-existing
precipitate and parent phase is incoherent, equilibrium solute concentration must exist at
the interface. This can be reasoned because with incoherent interfaces the inherent
mobility of the interface is very high, and therefore its movement is controlled by the
diffusion of solute only. Supersaturation of solute at the interface does not develop, and
therefore the Helmholtz volume free energy change for the nucleation of another
precipitate at the interface approaches zero. The driving force, and therefore the steady
state rate of sympathetic nucleation also approaches zero. However, if there is partial or
full coherency between the pre-existing alpha-ferrite precipitate and the parent phase, then
as recognised by Shewmon [1965], equilibrium solute conditions will not exist at the
interface. Therefore supersaturation can occur at the interface, thereby providing a
thermodynamic driving force for sympathetic nucleation.
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1. Face to face S N (sheaves)

2. Edge to face SN

3. E d g e to edge S N
Figure 3.17. Types of sympathetic nucleation, Aaronson et al [1995]

Sympathetic nucleation microstructures have been characterised into three forms
Aaronson et al [1995], which are reproduced in Figure 3.17. Face to face S N forms the
microstructure termed a sheaf, with interplate boundaries demarcated by rows of bainitic
carbides. It was stated that this type of configuration is one of the most frequently found
in proeutectoid ferrite and proeutectoid cementite in steels. E d g e to face S N is difficult to
distinguish from impingement, especially for plates associated with allotriomorphs. This
type of transformation occurs at larger undercoolings than the other two types of
sympathetic nucleation. Finally, E d g e to edge S N is also reported to be c o m m o n in these
types of steel, with a "bizarre" aspect being the fact that the widths of the plates are
uniform.

It is the Edge to Face variant of sympathetic nucleation that has been proposed to
account for the formation of Widmanstatten ferrite plates on grain boundary
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allotriomorphs, Spanos et al [1996] and Krai [2000], in opposition to the arguments of
Townsend and Kirkaldy [1968]. A problem with the identification of sympathetic
nucleation by metallographic means is that it is extremely difficult to make a distinction
between this mechanism and impingement. Due to the three dimensional nature of plate

and allotriomorph growth, it is virtually impossible to identify a nucleation site in a single
plane of polish.

3.3.3 Three Dimensional Analysis.
In a series of papers, Krai and Spanos [1999a, 1999b], highlighted the limitations of
metallographic analysis without serial sectioning or deep etching as a means to classify
Widmanstatten precipitate formation. They generated three-dimensional constructions of
proeutectoid cementite precipitates and used a Fe-1.34%C-13.0%Mn alloy, which retains
austenite at room temperature. In addition, the high contrast between austenite and
cementite improves the success of utilising automated digital image analysis. Additionally,
deep etching in a 10% nitric acid-methanol solution for 1 hour preferentially attacks the
austenite matrix, revealing the three dimensional form of cementite precipitates.

The important findings of this work were the re-evaluation of the Dube classification
system, determination of the structure of grain boundary precipitates and the
identification of two distinct morphological forms of Widmanstatten precipitates. The
Dube classification system was developed for the description of the morphological forms
of austenite decomposition products in iron-carbon alloys. The morphologies known as
primary side-plates, intragranular Widmanstatten and intragranular idiomorphs in this
system where shown through serial sectioning to be artefacts associated with two-
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dimensional analyses, Krai and Spanos [1999b]. T h e internal structure of Widmanstatten
plates revealed by deep etching and electron microscopy was found to be of two distinct
types, one monolithic and the other a conglomerate of sub-units. The Widmanstatten
plates comprised of sub-units were found to be arranged edge-to-edge, approximately
0.25fXm in width, separated by distinct boundaries. With subunits that were connected to
grain boundaries, the arrangement could be the result of impingement of the lateral
growth of the units either originating from individual nucleation sites, or as the result of
fine scale morphological instability of the cementite film, as described by the MullinsSekerka Stability Analysis. However, Krai and Spanos found no evidence of side-plate
formation via an unstable interface mechanism on either micron or sub-micron scale, as
proposed by Townsend and Kirkaldy [1968]. Krai [2000] noted that the observed
misorientation between allotriomorphs and plate shaped precipitates might be an artefact
as a result of bending of the plates. This situation could conceivably arise due to the
preparation technique, whereby the austenite matrix is etched away to leave the cementite
plates standing proud. Given the microscopic dimensions of such plates and the small
angles of misorientation (less than 10°), the forces required to cause such bending could
arise during sample preparation.

The other important finding was with regard to the structure of grain boundary
precipitates. The decomposition of austenite is known to commence with nucleation of a
precipitate at grain boundary triple points and occasionally at grain boundary edges,
Huang and Hillert [1996], Van Leeuwin et al [2000]. After nucleation, the precipitate
spreads preferentially along the grain boundaries rather than into the bulk of the grains,
forming a film that eventually impinges with other precipitates. These films were assumed
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to form a continuous film with a "pancake" like structure, Heckel and Paxton [1961]. T h e
deep etching process used by Krai and Spanos has for the first time revealed the structure
of grain boundary cementite precipitates shortly after nucleation, Figure 3.18. The
structure is actually dendritic, with secondary and tertiary arms with spacings such that it
can only be resolved by transmission electron microscopy.

Figure 3.18. Morphology of cementite precipitates, Krai and Spanos [1999]

The conclusions of this work, which have a direct import to LSCM, are that single images
from random planes of polish introduce ambiguities to the microstructural analysis. An
example is the difficulty in distinguishing edge-to-face sympathetic nucleation of
Widmanstatten plates from grain boundary allotriomorphs, as impingement from plates
nucleated from a different plane can produce the same optical effect. In regard to LSCM,
not only are there questions regarding the effect of the free surface on phase
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transformations, but there is also the question of the relative orientation of features, such
as Widmanstatten plates, to the plane of observation.

3.3.4 Kinetics of Widmanstatten Ferrite Growth
There has been much debate in the literature regarding the mechanism of Widmanstatten
ferrite growth, and hence the kinetics of such growth. Arguments have been presented in
support of both a displacive mechanism, Bhadeshia [1980], or alternatively diffusion
controlled growth, Townsend and Kirkaldy [1968], Aaronson and co-workers [1973,
1999]. Another theory that has been developed and applied to austenite decomposition is
termed the mixed mode, where both the transfer of iron atoms from one lattice structure
to another and solute diffusion control the kinetics, Krielaart et al [1997]. The review
presented here is aimed at briefly introducing the topic, with specific attention being paid
to experimental observations and model predictions of the growth behaviour of
Widmanstatten ferrite plates in iron-carbon alloys.

(i) Displacive Mechanism
The displacive transformation occurs through a homogeneous deformation of the
structure, for example, a shear deformation where all the atoms move in the same

direction, parallel to a fixed plane. Localised uplifting of the free surface is associated wi
these types of transformations due to the invariant plane strain, termed IPS surface reliefs.
It has generally been accepted that the appearance of surface relief is indicative of a
displacive phase transformation. It was generally accepted as well that displacive
transformations preceded without the redistribution of solute, such as carbon, hence the
use of the term diffussionless transformation. However, the Bainitic transformation
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involves the redistribution of solute, and so a proposed theory that maintains the
displacive nature of the transformation has been proposed, Bhadeshia [1980] and the
term, diffusionless is no longer used to refer to these types of transformations. The fact
that Widmanstatten ferrite exhibits tent shaped surface relief has been the main argument
used to justify the belief that the phase transformation occurs by a displacive mechanism.
Recently, Aaronson et al [1999] have challenged this point in their review of work that
shows that the "phenomenological theory of martensite crystallography" developed to
model displacive phase transformations can be applied to diffusion controlled phase
transformations as well. Additionally they concluded that an invariant plane strain surface
relief does not conclusively indicate the plate growth is martensitic.

(ii) Diffusion Controlled Mechanism
This model assumes that the rate required for the transfer of matrix atoms from one
lattice structure to the precipitate structure, for example fee. to b.c.c, is very fast and
therefore is not rate limiting. The phase transformation is controlled by the rate at which
carbon is redistributed between the matrix and precipitate phases. The Zener-Hillert
equation was developed to model the growth rate of a precipitate plate on the basis of
diffusion considerations.

D x
r_ \ /

X

P>

Eqn 3.12

W h e r e D is the diffusivity of solute in the matrix, r is the radius of the precipitate plate
edge, xf, xp and xf are the atom fractions of solute respectively in the p matrix phase
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at the (3 / (a + (3) phase boundary, in the alloy before transformation, and in the a phase
at the a / (a + P). The modelling of the kinetics of a solid-state transformation such as
austenite decomposition on the basis of diffusion considerations only, ignores effects such
as capillarity and interfacial reaction kinetics. An attempt to incorporate these
considerations into a model have been conducted, Trivedi [1970] and Simonen et al
[1973]. They assessed both capillary and interfacial reaction kinetics upon supersaturation
and subsequendy on the lengthening kinetics of ferrite and bainite sideplates. These
studies were limited by the fact that the interfacial energy of the sideplates and the
interface kinetic coefficient were chosen on an ad-hoc basis, to fit their model to the
experimental results. A review into growth kinetics of diffusional transformations
highlighted the failure of this model to predict growth behaviour in a range of alloy
systems, Hillert [1991].

Thermionic electron microscopy has been utilised to measure the growth rate of
Widmanstatten ferrite plates in iron-carbon alloys. Results typical of those reported are
presented in Figure 3.19. The analysis conducted using these measurements was aimed at
applying a diffusion-based model to describe the growth, but as the authors noted, the
growth of the plate is extremely variable. A diffusion-based model predicts a continuously
decaying growth rate, however this is evidendy not the case.

102

GROWTH

TIME, SEC.

Figure 3.19. G r o w t h rate of a Widmanstatten plate, ( T H E E M ) Eichen et al [1964]

The interpretation of the results observed was that the individual plates are composed of a
sequence of subunits, and that the growth is actually at an angle to the free surface. T h e
combination of these factors results in the stop-start nature of the growth as a subunit
intersects the free surface, then a period of subunit thickening is observed before the next
subunit intersect the free surface, resulting in an apparent jump in the plate growth
velocity. This proposed mechanism would not be operative if the Widmanstatten plate
was monolithic in structure.

Experimental result m o r e typical of those reported into the lengthening kinetics of
Widmanstatten ferrite plates are s h o w n in Figure 3.20. These are the results obtained
through the quench-arrest-quench experimental method followed by sectioning and
metallography. Determination of the growth rate is based, in this method, o n measuring
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the longest plate observed during metallography, estimating the time of nucleation and

making calculations based on the statistical average. The limitation of such a technique i
the fact that actual observations of the growth process are not conducted. As a
consequence, variability in the growth rate on a small time scale will be missed. In the
results presented in Figure 3.20, the time scale is 5 seconds between experimental points.
With reference to Figure 3.19, the variability in the growth kinetics occurs over a much
smaller time scale, 1/8* of a second between measurements detects the variability.
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Figure 3.20 Length of the longest Widmanstatten plate (Townsend and Kirkaldy [1968]).

(iii) Mixed m o d e G r o w t h
Krielaart et al [1997] have proposed a model, termed mixed mode, combining both solute

diffusion and interface mobility aspects. This model considers the interdependence of the
flux of iron atoms across the interface from the austenite to ferrite lattice structure,
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rejection of solute atoms accompanying the transformation and the diffusion of the solute
away from the interface. In iron-carbon alloys where the carbon content exceeds the
solubility in ferrite, the flux of carbon atoms is composed of those associated with the
growth of the ferrite phase at the expense of the austenite phase, Ja^Y equation 3.13, and
with the diffusion of carbon atoms away from the interface JD Fick's Law, equation 3.14.
The net flux of carbon atoms, AJ, is therefore described by equation 3.15.

Ja^y =(cr(xmt)-Ca{xmt)).V Eqn 3.13
(dc^

JD=-DKdx

E q n 3.14

j

r
dc^
AJ = {Cr(xJ-ca).v+ D

E q n 3.15

V^A
where D

is the diffusion coefficient, v the interface velocity, xint the position of the

interface, ca and c the carbon composition of ferrite and austenite with respect to x.

The element of this model, which is of importance to the discussion here is the
determination of the interface velocity, v. The interface velocity is a function of the
mobility of iron atoms moving across the interface from the fee to bec lattice structures
and the driving force for the movement of iron atoms. Krielaart et al [1997] justified this
on the basis that the mobility of carbon atoms in the matrix is much higher than that of
the iron atoms, therefore the free energy gain of the system, and hence the driving force,
is that of the chemical potential difference between iron in the two phases, A|XFe. The
inherent mobility, M is described by an Arrhenius type equation, 3.17 and comprises of a
activation energy E, and a pre-exponential factor M0. The Mobility factor M, incorporates
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the effect of coherency of the interface, pinning effects, stresses generated through
volume changes associated with the fee to b.c.c lattice change, and solute drag.

V = MAflFe

E q n 3.16

/

M = M0 exp

E_
RT

E q n 3.17

Experimental evidence has been published in support of the use of the mixed m o d e
model as a means of describing the austenite to alpha-ferrite phase transformation. Onink

et al [1995] studied the growth behaviour of austenite/alpha-ferrite interfaces using a hig
temperature TEM. The observed growth consisted of random periods of accelerations

and deceleration. This observation is therefore similar to the observations of Eichen et al
[1964] utilising thermionic electron microscopy to measure Widmanstatten ferrite plate
growth, Figure 3.19. The explanation for the source of the variability is different; Onink
al [1995] proposed that stresses associated with the transformation play an important role
in the growth kinetics. Therefore, as the austenite/alpha-ferrite interface appears not to
operating under local equilibrium, diffusion controlled conditions, the mixed mode model
that incorporates the effect of transformation stresses through M0 can be used to describe
the phase transformation.
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3.4 Summary
Morphological studies into solidification have been hampered by the difficulties
encountered when operating at high temperature. Experimental techniques have largely
resorted to the use of low temperature transparent analogues for the study of
solidification. This draws into question the correlation of results obtained with lowtemperature organic materials and high temperature metallic melts. One such issue is the

effect of crystallographic orientation on the stability of a growing solid interface. A study
into the morphology of solidification in a low carbon iron alloy has been reviewed, and it
has been shown that limitations associated with the experimental technique cast some
doubt upon the authors' interpretation of the sequence of events. In solidification, the
importance of crystallography while appreciated, has not been adequately studied in
metallic melts, Boettinger et al [2000]. The ability to record solidification events visually
followed by an analysis of the solidification behaviour in terms of crystallography would
be of value especially to provide experimental evidence in support of the ongoing efforts
aimed at a quantitative description of solidification.

The delta-ferrite to austenite transformation in Fe-C alloys has been the subject of scant
work, due to experimental difficulties. One such difficulty is conducting high temperature
experiments; another is the subsequent decomposition of austenite in low carbon iron
alloys that masks the higher temperature transformation from metallographic analysis.
Only one previous LSCM study, Yin et al [1999] has been conducted into the morphology
of this transformation in iron-carbon alloys. The work conducted in this study seeks to
clarify the discrepancy between the measured spacing of 120|Llm and the expected
dominant wavelength of 213pm from that work, and an alternative mechanism for the
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observed delta-ferrite to austenite morphological instability will be proposed. T h e
alternative mechanism is in response to experimental observations made of the generation
of recovery sub-structures in delta-ferrite and the role it plays in subsequent phase
transformations.

With austenite decomposition, despite being a widely investigated transformation, a great
deal of debate still exists regarding the mechanism of nucleation and growth of
Widmanstatten ferrite morphology. Additionally, the measured kinetics of transformation
is suspect due to the limitations associated with the quench-arrest method usually
employed in these studies. An assumption then has to be made in the estimation of the
growth velocity, being the time to nucleation and the time required for alpha-ferrite to
spread over the austenite grain boundaries. It was therefore envisaged that the ability to
make in-situ observations in real time using LSCM would elucidate the growth behaviour
of Widmanstatten plates.

The study of the morphology of phase transformations has to the present largely been
restricted by the lack of a technique that enables in-situ observations of events at
temperature and in real time. This is especially true for the high temperature phase

transformations of solidification and delta-ferrite to austenite. In this study, the use of t
new technique has led to the following major experimental findings, to be discussed in
more detail in the following chapters:
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an alternative mechanism for the apparent interface instability observed by Yin et
al [1999] during the delta-ferrite to austenite phase transformation in low carbon
steels.

the identification of a recovery structure in delta-ferrite associated with the
stresses developed during the transformation from austenite

the utilisation of this recovery structure to modify austenite decomposition from
Widmanstatten to polygonal ferrite without recourse to mechanical deformation

in-situ observations, with supporting metallography and crystallography of the
growth of alpha-ferrite with a cellular morphology

in-situ observations and crystallographic evidence in support of sympathetic
nucleation of Widmanstatten ferrite plates

discontinuous growth behaviour of Widmanstatten ferrite plates
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C H A P T E R 4 E X P E R I M E N T A L P R O C E D U R E and RESULTS

An extensive analysis of the literature, summarised in Chapter 3, indicated that there
remain many unanswered questions with respect to the solidification and subsequent
phase transformations in carbon steels. As reviewed in the literature survey, issues of
importance in the study of the morphology of liquid-solid, delta ferrite/austenite and
austenite/alpha-ferrite phase transformations include crystallography effects and
mechanistic aspects. With the coming of age of high temperature laser scanning confocal
microscopy as an experimental technique, new opportunities have been created to revisit
the study of the morphology of solidification, delta-ferrite to austenite and austenite
decomposition in plain carbon steels. A theme common to all three transformations is the
attempt by various researchers to apply the Mullins-Sekerka instability analysis to describe
the morphology of these interfaces, (see Chapter 3). With regard to the solidification
experiments conducted in this study, an attempt is made to clarify the relationship
between crystallographic orientation and the stability of a solidifying front. And for solidstate transformations, the experiments are aimed at probing the mechanism by which
interphase boundaries exhibit a non-planar interface.

4.1 Solidification Studies
One of the exciting features of high temperature laser-scanning confocal microscopy is
that it allows in-situ observation of solidification of metals. Chikama et al [1996] have
shown that it is possible to study the solidification of iron-based alloys having observed
the planar-to-cellular and cellular-to-dendritic transition in low-carbon steels. The study
described in this thesis was aimed at building on their pioneering work, to utilise the
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unique features offered by confocal microscopy and to more fully assess the L S C M
technique as a tool for studying directional solidification, detecting and quantifying the
conditions for planar to cellular growth morphology in iron alloys, and quantifying the
relationship between the crystallographic orientation of a nucleus and the ensuing
solidification morphology.

4.1.1 Experimental Methods
The initial obstacle to overcome in successfully conducting soMfication studies utilising
LSCM, is control of the atmosphere to avoid oxidation of the steel samples. To this end
high purity Argon, composition listed in Table 4.1, was used as a purging gas for an
infrared heating furnace, in conjunction with a gas purifier to reduce trace compounds to
levels lower than present in the supplied gas. Stainless steel tubing and Swagelok
connectors were employed to connect the gas train to the furnace. For gas flushing, a
combination of a Pfeifer MVP roughing pump and a Pfeifer TMP turbo molecular
vacuum pumping system was used to obtain a vacuum in the furnace of <5xl0"3 mbar.
Experimental experience has shown that obtaining a vacuum of this order three times in

succession, with intermediate purging of ultra high purity argon, ensures that trace levels
of oxygen are removed from the atmosphere to the extent that oxidation of carbon steels
does not occur during heating through to and including melting. To further ensure that
trace amounts of moisture or hydrocarbons associated with the handling of samples prior
to placement in the infrared heating furnace are removed, the specimen is pre-heated to
150 C for 10 to 15 minutes. The partial pressure of oxygen was measured using a
Novatech Control zirconia sensor, and was found to be <10"19 atm.

Ill

Table 4.1 Composition of Inert G a s (Ultra high purity Argon)

Compound

Ar

o2

N2

H20

Vol %

99.9999

<0.5ppm

<0.5ppm

<0.5ppm

Having successfully established a controlled atmosphere, sufficiently devoid of oxygen to
prevent oxidation, consideration could be given to the solidification experiment
methodology. In the solidification studies conducted by Chikama et al [1996], solid
nucleated on the crucible/melt interface and many grains grew towards the centre.
However, as was shown in the literature survey, the presence of grain boundaries at a
growing solid/liquid interface acts to destabilise the interface. In an attempt to avoid the
effect of grain boundaries on the stability of the growing solid/liquid interfaces samples
were sectioned from large columnar grains, effectively single crystals. Moreover, by
ensuring that on heating, the sample was not completely molten and that some solid
remained in the crucible, heterogeneous nucleation of solid on the crucible walls was
avoided, and the nucleation of new crystals prevented. Hence the solidification front
progressed from a nucleus of uniform orientation and the sohdifying front could be
studied without the interference of grain boundaries.

An objective of the present study was the determination of the relationship between the
crystallographic orientation of a nucleus and subsequent growth morphologies. Following
the study of the stability of the solidifying interface using LSCM, Electron Backscattered
Diffraction (EBSD) analyses were conducted to determine the crystallographic orientation
of the solidifying phase. Hence, in order to retain the solidification morphology it was
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necessary to select an alloy in which subsequent solid-state phase transformations would

not occur. A Fe-17.5%Cr ferritic stabilised stainless steel was selected for this part of th
study, the composition of which is provided in Table 4.2. This alloy solidifies to form
delta-ferrite with a body centred cubic (b.c.c.) crystal structure. A small amount of

austenite may form on further cooling, but if so it is largely restricted to isolated colonie
the bulk of the sample retains the b.c.c. structure from solidification to room temperature.

The use of a ferritic stainless steel ensures that the crystallographic orientation determin
at room temperature is that of the solidification product.
Table 4.2 Composition of Fe-Cr alloy
C (mass%)

Cr (mass%)

Mn(mass%)

N i (mass%)

M o (mass%)

0.03

17.45

0.38

0.01

0.01

In order to apply the Mullins-Sekerka stability analysis to the study of the morphology of

solidification, the thermal gradient and the rate of growth must be controlled. In regard to

thermal gradients, it is preferable that the gradient be one dimensional and linear so as to
simplify heat transfer and hence, the analysis. To control the thermal gradient in the
LSCM, a rectangular specimen holder has been developed by the manufacturer and is
shown schematically in Figure 4.1. This design incorporates three thermocouples that
measure the thermal gradient along the length of the specimen holder.
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Figure 4.1 Schematic diagram of the directional solidification holder

The experimental procedure consisted of heating samples to a point where approximately
half the sample is molten and the other half remained solid. At this point the temperature
was stabilised before cooling commenced. On cooling the solidifying interface was
tracked, the morphology observed and recorded on video. Once a transition commenced,
the temperature was stabilised, then increased to the nominated set point, effectively
returning the system to the half-molten half-solid state. The run was then repeated with
varying cooling rates.

4.1.2 Assessment of LSCM as a tool for Directional SoKdification Studies
Although laser scanning confocal microscopy seems eminently capable of being used as a
technique to study the progress of an advancing solidification front in a well-defined
temperature gradient, such studies are limited by the design of the system currently
available. For example, it is not possible to vary the absolute temperature of the sample
and the imposed temperature gradient independendy. Also, the only temperatures
measured in the assembly are those of the crucible holding the specimen. For these
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reasons, several attempts have been m a d e to measure and control the temperature of a
specimen in the furnace chamber.

In any solidification study, it is vitally important to know the exact thermal gradient acro
the advancing front. To assess the accuracy and form of the thermal gradients imposed
during directional solidification experiments, the temperature of each thermocouple was
recorded during heating. An example of the actual temperature distributions encountered
in the infrared heating furnace is shown in Figure 4.2. These results clearly show that the
thermal gradient is not linear, and that departure from linearity increases as the
temperature increases.

It can be ascertained from Figure 4.2 that not only are the thermal fields not linear, but
they also vary with the absolute temperature of the sample. The temperature difference
between thermocouples Tl and T3 at 500°C is around 20°C, but at 1550°C, this difference
has increased to 100°C. This feature, inherent to the current design of the
furnace/crucible assembly presents a problem as the only method available to drive the

movement of the solidification front is to raise or lower the temperature. This implies that
the thermal gradient will also vary as the interface moves and hence, some doubt is cast
on the ability to reach steady state in the experimental system.
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This inability to fully define the temperature gradient is in stark contrast to the
characteristics of a Bridgman directional solidification furnace that is generally used
for such studies (see section 2.1). In the Bridgman furnace the thermal gradient
accurately controlled, and the movement of the interface is controlled externally by
adjustment of the drawing rate, and therefore steady state conditions prevail. Our
experiments have shown that this cannot be achieved in the current design of the
LSCM and that temperature control and measurement will have to be refined before
the equivalent of a Bridgman-type experiment can be conducted. The analysis above
has shown the shortcomings of the present technique and of the inability to use
experimental data generated in the LSCM to analyse the stability of a solid/liquid
interface in a quantitative fashion. The opportunity to conduct a quantitative study
into the effect of crystallographic orientation on the morphology of a solid/liquid
interface was therefore precluded. Another limitation of the experimental set-up was
the highly curved melt surface, which impacted upon the ability to conduct
crystallographic analysis.

Despite the limitations in the current design, the LSCM shows promise for analysis
of various aspects of solidification, in particular the effect of the crystallographic
orientation of a nucleus on the subsequent behaviour and progression of a
solid/liquid interface during solidification. This statement is supported in the next
section dealing with observations of cellular morphologies utilising the directional
solidification system in the LSCM.
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4.1.3 Qualitative observations of growth morphologies.
A series of experiments were conducted that qualitatively indicate the impact of
crystallographic orientation on the morphology of a solidification interface.

0 = 48-47

0 sec

1550" C

0 = 48 = 47

1550° C

1 sec

0 = 48:50

1550° C

3 sec
128.7n.m
Figure 4.3 Cellular solidification morphology (Fe-17.5%Cr, directional solidification)
In the sequence presented in Figure 4.3, a cellular growth morphology is distinct,
however due to the limited field of view available combined with the size of the cells

and variability in the few cells visible, a statistically significant determination of th
wavelength X could not be made. In the sequence presented in Figure 4.3, the
solidification front is observed to move with a well-defined cellular morphology. The
growth velocity is 30p:m/s and the cellular growth region extends over more than
260|im.
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Figure 4.4 Further examples of the planar to cellular transition during solidification
In the sequence of frames shown in Figure 4.4 and taken from three separate
experiments, of interest is the range of morphologies present. The first shown in
Figure 4.4 (a) and (b) is reminiscent of the doublon structure observed for low
temperature analogue solidification, Akumatsu et al [1995], which is associated with
particular crystallographic orientations of the growing interface. Frames (c) and (d),
as well as (e) and (f) are typical of what could be termed a classical cellular
morphology.
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Further evidence for the effect of crystallographic orientation upon the morphology

of the liquid - solid interface is presented in Figure 4.5 where the interface is divide
into two grains, with the boundary between them running parallel to the direction of
heat flow. The grains therefore grow with the same temperature gradient across them
and at the same growth velocity, however the morphology is distinctly different. The
measured spacing of the growing cells, X\ and X2 were determined to be 48 and
27p\m respectively, indicating that the intercell spacing may be influenced by the
crystallographic orientation of the advancing grain. This observed spacing is open to
statistical doubt given the small number of perturbations upon which the

measurement is made, however it does qualitatively indicate that the spacings are
different.
Figure 4.5 Variation in the morphology of two growing grains (LSCM)
The observations made here indicate that the LSCM shows promise as a tool to study

the effect of crystallographic orientation on the stability of a solidification interfac
iron based alloys.
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4.1.4 T h e relative stabilities of grains during solidification and melting
It was reviewed in section 3.1.4 that following the previous LSCM study into the
solidification of iron-carbon alloys by Chikama et al [1996] proposed that Oswald ripening
may be responsible for the observed reduction in cell size. As was discussed, the
structures reported as "cells" following on from a planar to cellular transition during
growth are in fact believed to be individual grains. The so-called cells were in fact
individual grains that had nucleated on the walls of the crucible, and they were
propagating with a planar interface. Oswald ripening, the process by which a dispersed
second phase coarsens, that is there is a decrease in the number of particles and
concomitant increase in size, is driven by the reduction in the surface to volume ratio and
hence the decrease in the free energy of the system. The mechanism of the coarsening
observed by Chikama et al [1996] has a simpler explanation than Oswald ripening, being
the effect of the different crystallographic orientation of the observed grains intersecting
the solid/liquid interface. Different crystallographic orientations have different surface
tensions; therefore those orientations that have a higher surface tension will tend to be
overgrown by grains that have a lower interfacial energy, thus reducing the free energy of
the system. Examples of this phenomenon have been observed in the present study and
are presented in Figure 4.6 to Figure 4.8.
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Figure 4.6 Hysteresis of grain growth during soHdification and melting, (Fe-17.5%Cr)
In Figure 4.6 the growth behaviour of three grains intersecting the solid/liquid
interface during solidification and melting is followed. During solidification with a
planar morphology, frames (a) and (b), grain B is observed to decrease in size from
154|um to 135p,m, due to overgrowth by both the A and C grains. However, upon
reheating by 5°C to 1601°C frame (c), melting commences, at which stage grain B
increases in size from 225p\m to 256p:m at the expense of A only, between frames (c)
and (d).
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Figure 4.7 Behaviour of grain boundary during planar solidification
A further example of the behaviour of individual grains in contact with a liquid-solid
interface during growth at different velocities is presented in Figure 4.7. In this

sequence of frames (a) to (f) solid grows from right to left of the field of view, and a
grain boundary runs at an angle to the liquid-solid interface separating two large
grains, A and B. In the initial frames, (a) and (b) the liquid and solid phases are in
equilibrium with each other, hence the interface is not moving. The grain boundary
between A and B is observed to move at a rate of 18.3p:m/s with grain A growing at
the expense of B. After the point in time captured by frame (b), solidification
commences and accelerates between frames (c) and (d), then deceleration of the
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solidification interface is observed and recorded in frames (e) and (f). In frame (c)
the S/L interface grows at 11.25p:m/s and the overgrowth of grain B by grain A slows

to 9.4um/s, then as the solid/liquid interface continues to accelerate in (d) to 12 pjn/s
the growth rate of grain A is reduced to just 1.3m/s. When the velocity of the S/L
interface slows to 7.7|im/s, frame (f), the growth of grain A at the expense of grain B
has increased to 13.9p:m/s.

These observations can be compared to those presented in Figure 4.8, where grain
boundaries arranged in similar fashion to those in Figure 4.7 behave in a completely
different manner. The liquid and solid phases are in equilibrium during the 20-second
period of observation. A delta-ferrite grain boundary intersects the interface at a
different angle to that in Figure 4.7. An unusual feature of the grain boundary in this
sequence is that it bends up as it comes into contact with the solid-liquid interface.
The other difference is the fact that grains A and B are in equilibrium with each
other, one is not preferentially overgrowing the other.

Figure 4.8 A n example of a Stable Grain Boundary in Contact with Liquid/Solid
Interface. (Fe-17.5%Cr)

In the sequence of events reproduced in Figure 4.6, to Figure 4.8, various behaviours can
be identified related to crystallographic orientation of the grains intersecting the
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solid/liquid interface. In the first instance a hysteresis is observed whereby grain B
exhibits divergent growth behaviour between solidification and melting, showing
significant growth at the expense of grain A on melting. In Figure 4.7 a change in the
overgrowth of one grain by another is observed during solidification. When the solid and
liquid phases are at equikbrium and the interface between them is steady, one grain is
observed to overgrow the other. When solidification is commenced the two grains are
observed to grow at the same rate, and the overgrow process stops. Finally, in Figure 4.8,
two grains are in equikbrium, that is one does not overgrow the other, therefore despite
the crystallographic orientation between the two grains obviously being different (there is
a grain boundary), the surface energy of the sokd/liquid interface must be equivalent for
the two grains. These observations qualitatively indicate the effect of crystallographic
orientation on the stability of grains intersecting a sokd/kquid interface without recourse
to the mechanism of Oswald ripening. More importandy they highkght the abikty of
LSCM as a technique to observe and measure high temperature phenomena.

4.2 Delta-ferrite to Austenite Transformation
The important issues raised in the literature survey deakng with the delta-ferrite to
austenite phase transformation in low-carbon steels (section 3.2), centred primarily upon
the dearth of information on this transition. Yin et al [1999] investigated the stabikty of
the delta-ferrite/austenite interphase boundary and attempted to describe the morphology
using the Mullins-Sekerka instability analysis. Initial experiments conducted in the course
of this study pointed to a different interpretation of Yin's observations and hence, some
aspects of the delta-ferrite to austenite phase transformation were investigated in more
detail.
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4.2.1 Experimental methods
T w o commercial low alloy steels were selected for this analysis, containing 0.06 percent
carbon by mass, one aluminium killed and the other sikcon killed. Typically, the samples
were heated to a temperature of 1400°C and held for a period of 10 minutes, before
heating at a rate of 100°C/min to 1450°C. Samples were then held for a further 10
minutes at this temperature before cooling at a designated rate to 1400°C, where it was
again held isothermaUy for lOminutes. This cycling through the delta-ferrite to austenite
transformation was typically repeated a number of times.
Table 4.3 Composition of alloys used in delta-ferrite to austenite study

Steel

C

P

Mn

Si

Al

S

A

0.06

0.11

0.23

<0.005

0.04

0.014

B

0.06

0.10

0.4

0.29

<0.005

0.014

It is important to reflect u p o n difficulties particular to the L S C M experimental technique
with regard to the depth of field, surface rekef accompanying the delta-ferrite/austenite
phase transformation and the effect of surface diffusion, especially at these high
temperatures. It is no great insight to be aware of the volume change associated with the
fee to bec phase transition, what is of interest is the effect that this has on observations
made with LSCM. The volume change accompanying a phase transformation leads to a
raising or lowering of the specimen surface, locally associated with the moving interface,
and this leads to a change in contrast. However, due to the polycrystalkne nature of the
samples being used, and the concomitant variation in crystallographic orientations of
grains across the sample, a range of volume changes normal to the specimen surface
under observation will occur. Therefore thermal cyckng leading to repeated
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transformations will result in roughening of the surface to the point that the image
becomes diffuse. On the other hand, surface diffusion acts to smooth the surface
especially at high temperature. Therefore, a thermal cycle that incorporates a period of
isothermal arrest following a phase transformation enables useful information to be
obtained even following a number of cycles through the phase transformation; the phase
transition roughens the surface significandy but the thermal arrest allows time for surface
diffusion to smooth the surface again.

Isothermal arrest in single-phase regions also allows time for sufficient grain growth to
result in large grains that are stable, that is, grain growth has effectively ceased. The
appearance in LSCM of a moving grain boundary is very similar to that of a moving
interphase boundary, and it is therefore very important to be able to distinguish between
grain growth and interphase boundary movement. Consequently, if grain growth has
ceased before a phase transformation occurs this ambiguity is eliminated and the course of
events can be interpreted with confidence.

4.2.2 Description of Microstructural features.
Typical observations of microstructures that developed on heating into the delta-ferrite
single phase region are presented in Figure 4.9. Of signature importance is the presence of
a fine network of sub-boundaries within delta-ferrite grains. The presence of this structure
has been observed in both the sikcon and aluminium killed steels, and it is bekeved that
these features are not confined to some surface effect but are a bulk phenomenon for
reasons, which will be elucidated presently. In Figure 4.9, the determination of which
boundaries are delta-ferrite grain boundaries and which are sub-boundaries is based upon
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two observations. Delta-ferrite grain boundaries are high angle interfaces, and hence have
a comparatively high energy. As a consequence these types of boundaries develop a
pronounced thermal groove, dark black lines, and form triple points of 120 degrees with
other delta-ferrite grain boundaries. Sub-boundaries on the other hand, are low energy
boundaries, therefore do not develop as substantial a thermal groove, and so they appear
as faint lines contained within the delta-ferrite grains. Additionally, where they intersect
the heavily grooved delta-ferrite grain boundaries, 120° triple points are not formed due to
the lower energy of the sub-boundaries.

Al Killed 0.06wt% C Si Killed 0.06wt%C

In both the images presented in Figure 4.9, the surface appears quite rough. This
roughness is primarily a result of the presence of prior grain boundaries, either austenite
that existed before the transformation, or the position of delta-ferrite grains before grain
growth. This is particularly evident in the sikcon-killed specimen where a wide dark line
runs through the middle of the delta-ferrite grain. This feature can be distinguished as a
prior grain boundary due to its lack of definition, in comparison to both delta-ferrite
grains and sub-boundaries. As discussed in section 2.3, the action of surface diffusion
flattens the thermal groove associated with prior grain boundaries, however this requires a
period of time to completely remove such grooves.
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T h e formation of sub-boundaries is a difficult event to capture, as with m a n y observations
with LSCM, thermal grooving is required to delineate the boundaries on the free surface.
The formation of sub-grains in delta-ferrite has been found to occur soon after the
transformation of austenite to delta-ferrite; an example is presented in Figure 4.10 below.
The interface is moving at a rate of approximately 30pm/s and the presence of sub-grains
can be observed to form with the transformation. Typically, however, there is a time lag
between the transformation from austenite to delta-ferrite and the appearance of subboundaries.

Figure

4.10

Formation

of sub-boundary

with

austenite to delta-ferrite phase

transformation, (peritectic grade steel, LSCM)
In frame (a) an austenite grain boundary runs horizontally across the sample, and the
growth of delta-ferrite along this boundary is highlighted. In frame (b) the delta-ferrite
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phase continues to propagate along the austenite grain boundary with a parabokc shape.
In frame (c) the growth tip of the delta-ferrite phase has moved left of the field of view,
and growth of delta-ferrite into the bulk of the austenite grain is observed. The
appearance of sub-boundaries has been indicated with arrows, they appear as faint lines.
In frame (d) the growth of delta-ferrite into the austenite continues.

Once the sub-structure has developed, it appears to be quite stable, referring to Figure
4.11, which records the structure over a period of two minutes; during this time ktde
change can be detected in the sub-boundary microstructure. This is in contrast to the
situation when grain growth or a phase transformation occurs and the thermally etched
grain boundaries no longer have a corresponding crystallographic existence in the bulk.
The rate of surface diffusion at temperatures associated with delta-ferrite is high, and
thermally etched groves are quickly smoothed to a flat surface morphology. An example

of this process is presented in Figure 4.12, where four frames (a) to (d) were captured over
a two and a half minute period.

Figure 4.11 Sub-grain structure with time (0.06%C Steel Si-killed, L S C M )
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Figure 4.12 Surface diffusion acting to remove thermally etched features
In Figure 4.12 frame (a), the structure is comprised of an austenite grain that is in
equikbrium with the delta-ferrite matrix surrounding it. Both the interphase boundaries
and the delta-delta grain boundaries are distinct indicating they have been stable in their
respective positions for some time thus developing deep thermal grooves. The next frame
was recorded at a point in time just after cooling was initiated. Upon cookng the austenite
phase starts to grow and the deeply etched interphase boundaries (which have been left
behind by the movement of the interface) have already changed in appearance, becoming
less distinct. This observation indicates that surface diffusion acts immediately to "heal"
the surface once the grain boundary is detached from the thermal groove. This process
was followed at one-minute intervals in the next two frames, and after two minutes both
the thermally etched grooves which were associated with the interphase boundaries and
delta ferrite grain boundaries in their original positions have largely been smoothed away.
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T h e conclusion to be drawn from comparison of events in Figure 4.11 and Figure 4.12 is
that the sub-grain structure observed in Figure 4.11 is not associated with prior phase
transformations or microstructural features, but are actual sub-boundaries with a distinct
crystallographic structure and attendant interfacial energy. If this were not the case, the
relatively small thermal grooves would be quickly removed through the action of surface
diffusion.

4.2.3 Estimation of sub-boundary energy
It is possible to estimate the interfacial energy of the observed sub-boundaries, via
calculations based upon the shape of grain boundary intersections. In Figure 4.11, the
angles between grain boundaries at delta-ferrite triple points are approximately equal to
120°, indicating equal interfacial energy of the grain boundaries. In comparison, subgrain/delta-ferrite grain boundary intersections exhibit a measurable divergence from
120, indicating that relatively low interfacial energy is associated with these subboundaries.

Force balance calculations were conducted on the triple points of delta-ferrite grain
boundaries and sub-boundaries. The triple points selected for measurement were
restricted to those sufficiently spaced from adjacent triple points to limit interactions
which would effect the equikbrium shape. The grain boundary energy of delta-ferrite
grains was taken as 0.471J/m2, Yin et al [1999]. The energy balance and value of subboundary energy is calculated via eqn 4.1, and the sub-boundary energies calculated are
shown in Table 4.4. Although there was a significant variation in the calculated sub-
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boundary energies, it is clear that the sub-boundary energy varied between 7 % and 3 6 % of
that of a delta-ferrite grain boundary taken from Yin et al [1999].

°SB = 2<JGB

cos

eqn(4.1)

v2,

Grain Boundary

J

GB

o,GB

e
Sub-Boundary

Gtain Boundaries

O,SB

O,GB

0 > 120,0SB<0GB

0 = 120

Figure 4.13 Schematic representation of the force balance

Table 4.4 Calculated range of subboundary energy

The

Steel

MinJ/m2

MaxJ/m2

Number of Measurements

Al Killed

0.051

0.17

15

Si Killed

0.035

0.145

27

effect of crystallographic orientation on

the angle measured

at the sub-

boundary/grain boundary intersections has not been consider in this analysis. As with
grain boundary energy, the sub-boundaries will possess a variety of actual energies
dependent upon the difference in crystallographic orientation between adjacent sub133

grains. T h e object of the exercise above w a s not to determine the absolute value of subboundary energies, but to make a comparison of the relative grain an sub-boundary
energies in the two alloy systems studied. In aluminium and sikcon killed steels, the energy
difference between delta-ferrite grain boundaries and the sub-grains are of similar values.
Therefore the interaction of an austenite precipitate with grain boundaries and subboundaries would be expected to fokow a similar pattern in the two steel alloys. Also of
interest is the difference in appearance between the two systems; sub-boundaries in the
sikcon kiked steel are much more distinct than in the aluminium ldUed steel. This
observation is of specific interest because Yin et al [1999] studied aluminium killed steels
and they did not report the presence of delta-ferrite sub-boundaries. Because these subboundaries in aluminium killed steels are quite faint and difficult to observe, it is quite
possible that they may not have observed sub-boundaries in their study.

4.2.4 Interaction between sub-boundary and the growth of austenite

If distinct sub-boundaries are present in delta-ferrite grains, as shown in Figure 4.11, it is
quite possible that they would interact with an austenite precipitate, and preferential
growth may be expected to occur along these sub-boundaries. Hence the transformation
of delta-ferrite to austenite which is usuaUy first observed at delta-ferrite triple points,
been carefully observed. It appears that the sub-grains have a marked impact upon the
morphology of the transformation of delta-ferrite to austenite. A typical example of what
has been observed in this study is presented in Figure 4.14.
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Figure 4.14 Transformation of delta-ferrite to austenite in Si-kiked steel
T h e transformation of delta-ferrite to austenite c o m m e n c e s at delta-ferrite triple points (as
is expected from thermodynamic considerations reviewed in section 3.2.3). Austenite
grows preferentiaky along the delta-ferrite grain boundaries forming the type of "film"
observed in frame (a). The subsequent growth of austenite is foUowed in frames (b) and
(c) where it is clearly shown that the advancing 8/y interphase boundary extends
preferentially along the sub-boundaries. In frame (c) two intragranular ceks emerge, and in
frame (d) they have merged seamlessly with austenite growing from the grain boundary.
These observations are in agreement with that of Yin et al [1999] with the exception that
the intragranular ceks have been observed in the present study, to develop around subboundary junctions.
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T h e significance of the formation of delta-ferrite sub-boundaries is that it impacts upon
the apparent stabikty of the growing austenite interface. In chapter 5 the mechanism of
delta-ferrite

sub-structure

formation, the

impkcations

for

the

analysis

of

the

morphological stabikty of the advancing interface and preferred nucleation sites for
austenite wik be discussed. It wik be proposed that the sub-structure is formed through a
recovery process, and experimental evidence wik be provided which indicates that this
recovery structure can play a role in the nucleation of austenite and subsequendy influence
austenite decomposition.

4.3 Austenite Decomposition
T h e kterature o n austenite decomposition contains a number of controversial issues,
which have generated a great deal of debate. T h e two issues of relevance in this section of
the thesis surround whether the y/cc interface can exhibit an unstable morphology and
what is the mechanism controlling growth. T h e aim of our experimental study was to
observe in-situ, the decomposition of austenite, particularly Widmanstatten ferrite plate
formation and growth. These observations were fokowed with post transformation
optical metakography and electron microscopy to elucidate the underlying phenomena.
Specific attention was

paid to cekular growth morphology

of alpha-ferrite and

crystallographic evidence supported the theory of sympathetic nucleation as the
mechanism of Widmanstatten plate formation.

4.3.1 Experimental methods
T w o commercial, low carbon steels were used in the experiments, one aluminium killed,
the other sikcon killed. Three pure k o n carbon akoys with carbon content in the range
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0.10 to 0.165 m a s s % carbon were also used. T h e composition of these akoys are given in
Table 4.5. The samples were solution treated at a temperature of 1400°C for ten minutes

such that they were fuky austenitised, the grain size large and stable. The reasoning behin
this heat treatment was to promote Widmanstatten formation, it being wek known that a
large austenite grain size promotes the formation of this decomposition product, Bodnar
and Hansen [1994]. Also, having stable grains during solution treatment ensures that the
austenite grain boundaries are deeply etched through thermal etching, and therefore are
easily observed not only in LSCM, but also during post transformation metakographic
analysis. Samples were typically cooled at a rate of 100°C/min to a temperature of 700°C
then held isothermaky until the phase transformation was completed.

Table 4.5 Composition of Akoys used in Austenite Decomposition Study

Sample

C

Mn

Si

Al

No.l

0.06

0.23

<0.005

0.04

No. 2

0.06

0.2

0.03

<0.003

No. 3

0.10

<0.01

<0.005

<0.003

No. 4

0.150

<0.01

<0.005

<0.003

No. 5

0.158

<0.01

<0.005

<0.003

4.3.2 Cekular G r o w t h of Alpha Ferrite

It was shown in paragraph 3.3.2 with reference to the delta-ferrite to austenite transition
Fe-Cr-Ni akoys, that Vandyoussefi et al [1997] proposed the possibikty that a planar to
cekular transition of the growth front can occur in sokd-state transformations at high
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temperature. In the kterature o n austenite decomposition in low carbon steels, the
possibikty of the formation of alpha-ferrite with a cekular transformation morphology is
not reported, Dunne [1998]. However, if the transformation is controUed by diffusion of
carbon from ferrite to austenite then fokowing on the arguments advanced by Emi et al
[1999] and Vandyoussefi et al [1997] for the delta ferrite to austenite transformation, it
may be expected that alpha-ferrite growth with a cekular morphology could also be
possible, though no experimental evidence to that effect has been reported yet.

In the course of this investigation evidence of a cekular transition of the alpha-

ferrite/austenite interface was found as described below. After a series of delta-ferrite to
austenite phase transformations, an 0.06 mass%C steel was subjected to continuous
cooling from 1250°C at a rate of 100°C/min, to 700°C where it was held isothermaky until
the austenite decomposition was complete. The important observations are portrayed in a
series of frames depicted in Figure 4.15, and are more fuky described in the figure caption.

138

Figure 4.15 G r o w t h of (X-ferrite with a cekular morphology (0.06 m a s s % C steel, L S C M )
(a) Austenite matrix comprised of two grains y, and y, with a grain boundary running
vertically through the frame. The extreme roughness of the surface is a result of the prior
delta-ferrite to austenite phase transformation, which occurred on cookng. The traces of
prior grain boundaries are still visible because they have not been smoothed completely.

In frame (b) transformation of grain y, to alpha-ferrite is proceeding initiaky with a plana
featureless morphology near the grain boundary, then a transition occurs to a cekular
morphology, appearing as parallel (horizontal) dark knes, with a spacing of 5.5p.m. In the
next frame, (c) alpha-ferrite continues to grow into y, with a cekular morphology, and now
plates of Widmanstatten ferrite propagate in grain y, from the right, outside the field of
view, terminating at the austenite grain boundary, (d) Almost ak of y, has transformed,
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and plates of Widmanstatten ferrite can n o w be seen nucleating at the edge of the cekular
growth region, propagating at an angle of ~60°.

Although difficult to reproduce, the video record of the transformation clearly shows that
a planar growth front proceeded to grow from the J\l J2 grain boundary towards the left,
eventually degenerating into a cekular growth morphology. This is m o r e clearly shown in
Figure 4.16, an enlargement of Figure 4.15 showing the grain boundary, a region of
featureless alpha-ferrite (planar growth front) and the region of cekular growth
morphology.

4.3.3 Nucleation of Widmanstatten ferrite plates
It was reviewed in section 3.3 that there are a number of competing theories reported in
the hterature, regarding the mechanism of formation of Widmanstatten ferrite plates. T h e
proposition that Widmanstatten plates are not formed by an allotriomorph interface
becoming unstable, but via sympathetic nucleation was evaluated employing in-situ
observations in the L S C M . T h e sequence of images presented in Figure 4.17 fokows the
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nucleation and growth of alpha ferrite from austenite in a 0.06 m a s s % C steel that had
been cooled at a rate of 100°C per minute fokowing austenisation at 1350°C for 10
minutes.

(a) (b)

Figure 4.17 Sympathetic nucleation of Widmanstatten plates (0.06 m a s s % C , L S C M )
This sequence of frames starts fokowing the development and growth of a ferrite
allotriomorph along the austenite grain boundary, and two wek-developed plates have
propagated. Two other plates can be observed to be forming just below these plates in
frame (a). In frame (b), the formation of a colony of Widmanstatten plates is wek
estabkshed with numerous plates propagating from the grain boundary allotriomorph.
Optical metallography has revealed a number of such structures (Widmanstatten ferrite
plates growing from a grain boundary akotriomorph), fokowing experiments conducted in
the confocal microscope.

As noted in the review, Aaronson et al [1995] have proposed that Widmanstatten ferrite
plates form by sympathetic nucleation from grain boundary aUotriomorphs. The sequence
of events presented in Figure 4.17 would support this proposition if there were a
distinguishable difference in crystaUographic orientation between the akotriomorph and

141

the Widmanstatten ferrite. A n alternative mechanism for the formation of Widmanstatten
ferrite proposed by T o w n s e n d and Kkkaldy [1968], is that an unstable growing interface
gives rise to Widmanstatten plates. For

this mechanism

to be

operative the

crystakographic orientation of the akotriomorph and Widmanstatten plates is required to
be the same. Analysis of the crystakographic orientation was conducted to test these two
proposed mechanisms in kght of the in-situ observations m a d e utilising L S C M . T h e
resulting crystakographic analysis, in particular misorientation profiles, wik be discussed in
section 5.2.

4.3.4 Growth Kinetics of Widmanstatten Plates.
T h e controversy in the kterature about the growth kinetics of Widmanstatten ferrite plates
m a y be ikustrated with reference to selected experiments. Studies conducted by Aaronson
and co-workers, reviewed in section 3.4.4, have shown that the plate growth rate varied
from point to point. This is in contrast to a uniform growth rate, which would be
expected if the growth were determined by carbon diffusion. These authors concluded
that individual subunits grew at an angle to the observed surface, thereby accounting for
the variation in the rate of plate growth. In the kterature review (section 3.3.3) it was
shown that Spanos and H a k [1999], employing deep etching and serial sectioning revealed
that Widmanstatten plates of cementite are comprised of either monokthic plates or of
packets of smaker subunits. These subunits can only be resolved at a resolution w e k
beyond the capabikty of the L S C M and hence, the existence of thereof could neither be
proved nor disproved. However, as Spanos and H a k have shown, s o m e plates are
monokthic and therefore would not grow as packets of sub-units.
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In the present investigation, the growth kinetics of a number of Widmanstatten plates was
determined by in-situ observations in the LSCM. The plates analysed were restricted to
those that showed a monokthic appearance. The first sequence presented in Figure 4.18
shows the same colony of Widmanstatten plates presented in Figure 4.17. It was
comprised of nine plates which could be individuaky resolved and for which nucleation
was observed. The appearance of these plates is of monokthic nature with the plates
marinating a continuous form, as shown in Figure 4.18.
(a) Nucleation of plate from akotriomorph (b) Plates 5 to 9

(c) Plates 5 to 9 with plates 1 to 4 above

(d) Plates terminate at edge of sample

R

Figure 4.18 G r o w t h of plates from akotriomorph, ( L S C M , 0.06mass%C)
The change in plate length over a period of time of up to 17 seconds was measured for a

total of nine Widmanstatten ferrite plates. The results, graphed in Figure 4.19 and Figur
4.20. reveal that for each of the plates observed, the growth behaviour exhibits a
discontinuous change, much kke the growth reported by Aaronson [1964]. The
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discontinuous nature of the growth is m a d e m o r e apparent through a plot of the
instantaneous velocity against time for plates 8 and 9 in the sequence, as shown in Figure
4.21. The velocity of both plates changes from point to point with no specific trend, the
plates are observed to accelerate and decelerate in a random fashion.
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4.4 Summary
The experimental work conducted into directional sokdification, the delta-ferrite to
austenite phase transformation and austenite decomposition in a range of iron-based
akoys has raised issues that require further discussion. The current design of the laserscanning confocal microscope does not akow temperature measurements to adequately
define the thermal gradient imposed across the sokdification interface. As such only a
quaktative analysis could be conducted into the influence of crystakographic orientation
on sokdification. In this regard, it was observed that different interface morphologies
develop; one of these morphologies was similar in structure to what is known as a
doublon. This morphology has been observed before in low temperature transparent
analogue materials but not in a metallic system as far as has been ascertained.

Unique observations were made regarding the formation of a sub-boundary structure in
delta-ferrite. The interfacial energy of these sub-boundaries was in the range of 7 to 36%
of the value of delta-ferrite grain boundary energies. The austenite phase grew
preferentiaky along these sub-boundaries leading to an apparent unstable interphase
morphology. Furthermore, so-caked intragranular austenite ceks were observed to form
around these sub-boundaries before merging seamlessly with austenite that had formed
on the delta-ferrite grain boundaries. Discussion of these results wik centre upon the
mechanism by which the sub-boundaries form, upon the impkcations of the
austenite/sub-boundary interactions for for the interpretation of the results of previous
studies, and upon the question of how delta-ferrite sub-structure might affect subsequent
phase transformations in low carbon steels.
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In the work o n austenite decomposition, novel observations were m a d e in-situ, using
LSCM, of the growth of alpha-ferrite exhibiting an apparent cekular morphology. Also the
nucleation of Widmanstatten ferrite plates from or on an akotriomorph was captured.
And finally, measurements of the growth kinetics of a series of Widmanstatten ferrite
plates were conducted. The discussions of these observations wik concentrate on probing
the underlying crystakography of the cekular morphology, and the nucleation of plates. In
regard to the cekular growth morphology the analysis which fokows wik attempt to
estabksh the veracity of the proposal that the observed growth morphology is cekular. As
was reviewed, two mechanisms have been proposed to account for the nucleation of
Widmanstatten plates and crystakographic analysis wik aim at distinguishing between an
unstable interface mechanism and sympathetic nucleation. Discussions wik also be
entered into the discontinuous nature of the growth of Widmanstatten ferrite plates.
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C H A P T E R 5 DISCUSSION
T h e experimental program described in Chapter 4 was essentiaky aimed at estabkshing the
fokowing:
• the relationship between crystakographic orientation and the morphology of the
sokd/kquid interface
• the effectiveness of LSCM as a tool for the study of directional sokdification
phenomena
•

elucidating the behaviour of adjacent grains o n the sokd/kquid interface

•

assessing whether delta-ferrite/austenite and austenite/alpha-ferrite interfaces can
grow with a Mukins-Sekerka type unstable morphology

•

investigating the mechanism of Widmanstatten ferrite plate formation

•

measuring the growth kinetics of such plates

Interesting observations were made in the directional sokdification experiments. However,
it wik be recaked that in the current design of the laser-scanning confocal microscope it is
not possible to control the temperature gradient and the growth rate of the advancing
sokdification front independendy. T h e data required to conduct quantitative analysis of
sokdification cannot be obtained and hence, further discussion of the observed
sokdification p h e n o m e n a is not warranted. T h e formation of delta-ferrite sub-boundaries
wik be discussed in m o r e detail, specifically the question by what mechanism they form
and also to what extent the presence of sub-boundaries m a y influence subsequent
transformation events. With regard to austenite decomposition, attention wik be paid to
the question of what n e w information could be gathered using L S C M . O n the issue of the
nucleation and propagation of Widmanstatten ferrite plates, an attempt wik be m a d e to
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find an answer to the question if ferrite can grow with a cekular morphology and what
mechanism controls the growth kinetics of Widmanstatten plates.

5.1 Delta-ferrite to Austenite
The discussion of the delta-ferrite to austenite phase transformation is carried out with
reference to the observations and conclusions of the only other LSCM study into this
transformation in low carbon steels, Yin et al [1999]. In particular an alternative
mechanism for the observed instability is proposed. Furthermore, a discussion is entered
into the utilisation of the observed delta-ferrite recovery structure in the modification
austenite decomposition products.

5.1.1 Mechanism of Sub-boundary formation
It is known that the phase transformation from austenite to ferrite is accompanied by the
generation of dislocations, which through a subsequent process of recovery can form a
dislocation array. The array takes the form of a sub-boundary with a low angle of
misorientation and low energy, an example of which is veining, Goss [1941]. According to
the work of Banerjee et al [1961], the transformation stresses accompanying phase
transformations can produce dislocation networks, substructures and low angle
boundaries of screw and tilt components even in the absence of mechanical working. This
phenomenon has been observed in alpha ferrite, and a number of other systems, Greday
and Habraken [1962], Nagashima et al [1966], Baker [1963], Talbot [1963]. Keh and
Weissmann [1961] reviewed studies into the relationship between sub-grain cek size and
the amount of deformation and temperature of deformation of alpha-ferrite. Thek graphs
are reproduced in Figure 5.1 (a) and (b).
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T h e relationship between cek size and true strain indicates that the cek size increases
exponentiaky with decreasing true strain; this has relevance to the austenite to delta-ferrite
phase transformation, as a relatively smak strain is associated with this transition.
Calculation of the increase in volume due to the transformation from a fee to bec
structure returns a value of 1.3%. If it is assumed that this volume increase results in an
equivalent true strain, reference to Figure 5.1 places the expected cek size in the region
associated with exponential growth. Additionaky, the effect of temperature upon cek size
is projected to be an exponential relationship. Should it be possible to apply this data,
obtained for alpha-ferrite, to the sub-grain formation in delta-ferrite, the size of a
substructure that could be expected to form at the temperature of the austenite to deltaferrite phase transformation would be significant.
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Figure 5.1 a-ferrite sub-grain size as a function of deformation temperature (a)
strain (b), (reproduced from Keh [1961])

The subsequent reorganisation of dislocations into sub-grain boundaries is a process of

recovery, more specificaky polygonisation, which is faciktated by elevated temper

is therefore proposed that dislocations generated by the transformation from aust

delta-ferrite are reorganised into the sub-grain structures observed with LSCM, s

shown in section 4.2.2. To test this supposition and to attain a definitive chara
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of the structure of the observed sub-boundaries would require hot stage transmission
electron microscopy capable of reaching the elevated temperature of delta-ferrite to
austenite transformation, but such a study was beyond the scope of this present
investigation. Hence, the conclusion has been made, albeit with limited experimental
evidence at our disposal, that the wek-estabkshed sub-grain structures observed in deltaferrite upon heating from austenite result from polygonisation of dislocations generated
by the transformation stresses imposed by the austenite to delta-ferrite phase
trans formation.

5.1.2 Evaluation of the proposed mechanism of sub-boundary formation
In an attempt to prove that it is the phase transformation from austenite to delta-ferrite
that generates dislocations, which subsequently arrange themselves into low angle
boundaries through recovery, a series of experiments were conducted on an kon chromium akoy. This steel, commercially known as 3Crl2, contains 0.03mass% C and 12
mass %Cr. It exhibits a two-phase region of austenite and delta-ferrite between 1000°C
and 1150°C, thereby allowing cycling through the delta-ferrite/austenite phase
transformation without complete transformation to austenite. A temperature cycle was
chosen whereby an initial soaking temperature of 1400°C for 10 minutes akowed

sufficient time for large stable grains of delta-ferrite to form. The sample was then cooled
at 100°C/min to 1100°C (in the two-phase region), and sufficient time akowed for the
phases to reach equikbrium. The akoy was then reheated to 1400°C, the transformation of
austenite to delta-ferrite was continuously observed and the development of the
microstructure fokowed as a function of time.
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T h e transformation from delta-ferrite to austenite was observed to occur predominantly
along the delta-ferrite grain boundaries, with a rim of austenite covering the boundaries.
However, instances of plate like growth of austenite into the matrix of the delta-ferrite
grains were also recorded, Figure 5.2.

Figure 5.2 Austenite plate growth into delta-ferrite matrix ( L S C M , 1100°C)

O n reheating to 1400°C, w e k within the delta-ferrite single-phase region, the austenite
(Figure 5.2) reverts back to delta-ferrite, as shown in Figure 5.3. A substructure of low
angle grain boundaries has developed in the vicinity of the austenite plates (Figure 5.2),
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but not in the vicinity of the austenite o n the grain boundary, nor in the untransformed
delta-ferrite.

Sub-boundaries

Prior Austenite
Plates

Figure 5.3 Locaksed recovery structure. ( L S C M , 1400°C)

A network of sub-boundaries is observed only in positions where plates of austenite were
present at 1100°C. The tip of the main austenite plate seems to be associated with a stress
concentration, this conclusion being inferred from the observation of multiple sub-

boundaries running off into the matrix of the delta-ferrite grain, ostensibly from the tip o
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the pre-existing austenite plate. T h e microstructural development presented in Figure 5.2
and Figure 5.3 provides convincing evidence that the transformation from austenite to

delta-ferrite generates enough dislocations that recovery in delta-ferrite is indeed leading
to the formation of low angle boundaries (sub-boundaries).

5.1.3 Appearance of sub-boundaries in delta-ferrite
The appearance of sub-grains in sikcon and aluminium kiked steels used in this study are
substantiaky different. The sub-boundary structures are very distinct in the sikcon-kiked
steel, but difficult to detect in the aluminium-kiked steel, Figure 4.1. This has specific
relevance to the analysis proposed by Yin et al [1999], for which aluminium kiked steels
were used. It is not possible to detect the presence of sub boundaries from the digitaky
modified images pubkshed by Yin et al [1999], (see Figure 3.10). Given the reduction in
image quakty experienced with the transfer of video data obtained in LCSM to the
computer for image analysis, it is quite easy to lose the resolution requked to detect sub
boundaries. The images shown by Yin et al [1999] have been modified through
enhancement of the contrast of the austenite regions, and of the grain boundaries. Hence,
the images presented in thek pubkcation are not a true representation of the contrast
differences encountered during the actual LSCM experiments and they could quite
possibly have overlooked the presence of a delta-ferrite sub-structure.

5.1.4 Impkcations for the interpretation of results of previous studies
The presence of the sub-boundary network poses problems for the appkcation of a
Mullins-Sekerka type of analysis to the growth morphology of austenite from delta-ferrite.
As in the case of sokdification where the effect of grain boundaries upon the stabikty of a
kquid-sokd interface was shown, sub-boundaries in delta-ferrite also act to destabikse the
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propagating interface. T h e presence of a sub-boundary network provides for an
alternative mechanism for the observed instabikty of growing austenite precipitates. The
enhanced diffusion along boundaries results in preferential growth of the austenite along
sub-boundaries compared to growth in the bulk, thus explaining this discrepancy.

The presence of a network of sub-boundaries also offers an explanation for the
generation of intragranular austenite islands that merge with grain boundary austenite,
which the analysis of Yin et al [1999] could not adequately describe (as reviewed in section
3.2.3). An example of the influence of sub-boundaries is presented in Figure 5.4, and used
for illustration of these statements.

Figure 5.4 Preferential growth of austenite o n a delta-ferrite substructure.

In Figure 5.4 the presence of a wek-defined sub-boundary structure is observed in frame
(a), as the sample is being cooled into the austenite phase region. The progression of the
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transformation to austenite is captured in frame (b); the location of the interface has been
highkghted digitally. The relevant observations are the preferred growth along subboundaries, and the appearance of so caked intragranular austenite ceks, marked II and 12.
These ceks are clearly located at positions where sub-boundaries intersect, as was
observed in the sequence presented in Figure 4.14. The last image in the sequence, frame
(c) has been captured at the completion of the transformation to austenite. One final
pocket of delta-ferrite is in the process of being transformed to austenite, and appears as
an isolated circular region. The importance of these observations is that the intragranular
austenite ceks have again merged seamlessly with the grain boundary cek. They therefore
have the same crystakographic orientation, and must in fact be from a singular nucleation
event. As discussed in section 3.2.3, the preferred site for nucleation cannot be the free
surface on the basis of this type of observation.

The presence of a network of low-angle sub-boundaries provides for a more logical
description of the transformation process. Here, preferential growth along sub-grains wik
occur due to greater diffusion associated with boundaries. This preferential growth has its
fastest occurrence along triple point intersections. What needs to be appreciated, is that
triple points observed upon the surface have a corresponding length through the bulk,

which acts as a pipe of increased diffusion. Therefore, through the bulk of the delta-ferrite
there are pathways of greatiy increased diffusion along which the austenite grows,
conceivably leading to intragranular ceks. A schematic representation of this proposed
mechanism is presented in Figure 5.5
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Free Surface

Nucleation Point
Delta-ferrite i
In the bulk
Sub-boundaries
Austenite [
Figure 5.5 Schematic representation of proposed sub-boundary influence

In this schematic drawing, nucleation of austenite has occurred in the bulk at a 4-grain
corner. The austenite rapidly propagates along the triple grain boundary intersection, to
appear at the surface. At the same time, but at a slower rate, preferential growth along the
sub-boundary intersection results in the appearance of an intragranular cek. When the
transformation to austenite is complete, the two ceks wik have merged seamlessly because
they are outgrowths of the same nucleation event. This proposed sequence of events
obviates the requirement in Yin et al's model, for volume diffusion to be faster than
surface diffusion, and for nucleation to occur on the free surface.
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5.1.5 Utiksing delta-ferrite recovery structures.
In conventional continuous casting of steel, control of the microstructure of the final
roked product is obtained through thermo-mechanical processing, (TMP). This is an
extensively studied field that deals with how recovery and recrystalksation of deformed
austenite effects the formation of austenite decomposition products. However, with the
development of strip-casting, the aim of which is to cast near-net shaped product,
traditional TMP processing routes are not avakable for microstructural control. As a
consequence, the microstructure obtained with strip-cast product is greatly influenced by
the cast microstructure, Mukunthan et al [2000]. Therefore, there is merit in exploring
novel processing routes in an attempt to control microstructural development without
recourse to TMP.

The review conducted in section 3.2.4 into the preferred site for nucleation in sokd-state
phase transformations highkghted the overriding importance of heterogeneous nucleation
in iron. In sokd-state phase transformations in low carbon steels, nucleation on grain
boundaries, most importandy at grain corners, controls nucleation density and kinetics.
Furuhara and Maki [2001] have shown that sub-boundaries can also act as sites for
austenite nucleation in duplex stainless steels. An example from their work is reproduced
in Figure 5.6, where austenite has precipitated on a ferrite sub-boundary in an Fe-25Cr8Ni duplex stainless steel, fokowing cold rolling to produce a deformation recovery substructure.
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Figure 5.6 Nucleation of austenite o n a sub-boundary, Furuhara and M a k i [2001]

The formation of a recovery structure in delta-ferrite fokowing transformation from
austenite, as demonstrated in section 5.2, could potentially offer a means of
microstructural control in strip-cast steel where mechanical deformation fokowing casting
is not possible or economically viable. Cycling through the austenite to delta-ferrite phase
transformation leads to the generation of dislocations and the subsequent formation of
sub-boundaries in delta-ferrite. Should these sub-boundaries increase the number of sites
avakable for austenite nucleation on cooling then the grain size of the austenite so formed
would be refined. This also means that the number of nucleation sites avakable for the
subsequent transformation to alpha ferrite would increase, leading to a modified final
microstructure.

The question is whether it can be shown that the sub-grain structure observed in deltaferrite wik play a role in the generation of austenite nuclei, and hence to a measurable
extent, in the modification of the final austenite decomposition products. To address this
question two suppositions wik be considered. They are used as a tool to consider the
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logical impkcations of two cases, being that sub-boundaries do not play a role, and the
case where they do.

Supposition 1: Sub-boundaries play no role in microstructural development.

If this is true, then the only factor affecting the transformation from delta-ferrite to
austenite is the grain boundary area. The size of austenite grains formed from delta-ferrite
wik be directiy proportional to the grain size of the delta-ferrite grains. Given that once
the transformation to austenite is complete, grain growth commences, and the smallest
grain size of austenite wik be at time equal to zero, just after the phase transformation. As
time proceeds, growth of delta-ferrite grains leads to a reduction in grain boundary area
thus reducing the number of potential nucleation sites for the formation of austenite, and
hence increasing the grain size of austenite that transforms from delta-ferrite. Coarser
austenite grains lead to the formation of more Widmanstatten and bainitic ferrite as noted
by Bohnar and Hansen [1994], and less nuclei, therefore to a coarser final microstructure.

Supposition 2: Sub-boundaries play a role in microstructural development.

Fokowing the transformation from austenite to delta-ferrite on heating, a period of time is
required to estabksh a polygonised structure. Therefore, time is required before a substructure can develop which could play a role in the nucleation of austenite on cooling.
Grain growth also plays a role in the subsequent microstructural development, through
the reduction in delta-ferrite grain boundary area and in the annihilation of subboundaries by the moving grain boundaries. In this supposition there are two competing
mechanisms, being the refining action of sub-boundaries and the coarsening action of
grain growth. If the recovery structure plays a significant role in microstructural

163

development, it m a y be expected that with an increasing isothermal hold, the number of

sites for austenite nucleation wik initially increase as sub-boundaries develop, but then wi
decrease as grain growth dominates. A schematic representation of the grain size outcome
based on these two suppositions is presented in Figure 5.7.

Hypothesis 1: Grain G r o w t h
u
N

G
•a

o
•a
u
-M
in

G
<
Hypothesis 2: Recovery
and Grain Growth

Hold T i m e In Delta Ferrite
Figure 5.7 Schematic representation of supposition regarding recovery structures in
delta-ferrite

T o test the proposition that delta-ferrite recovery sub-structures play a role in the deltaferrite to austenite phase transformation, and subsequendy on austenite decomposition, a
series of experiments were conducted. A 0.06 mass%C sikcon kiked steel was subjected to
various thermal cycles, fokowed by metakographic characterisation of the microstructure.
The parameters chosen for the temperature cycle reflected the requirement to repkcate a
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strip cast structure, and to ensure that the relative contribution, if any, of the delta-ferrite
recovery structure to microstructural modification could be assessed. A schematic of the
chosen thermal cycle is shown in Figure 5.8.

I
I
H

Time
Figure 5.8 Thermal cycle for assessment of effect of delta-ferrite recovery structure on
microstructure.

T h e parameters chosen for sections A through to D are as fokows: in section A the
sample was heated at 100°C/min to the soak temperature of 1450°C in the delta-ferrite
single-phase region. Section B corresponds to a soaking time of 10 minutes, ensuring that
large stable grains of delta-ferrite are obtained, reflecting the situation in strip cast
products, and also ensuring that the initial transformation to austenite can easily be
fokowed using LSCM. Section C is the cycle between 1450 and 1350°C, the single-phase
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regions of delta-ferrite and austenite respectively. A

healing and cooling rate of

300°C/min was used in section C for each experiment, the only parameter varied was the
hold time at temperature, ranging between 0 and 60 seconds. Finaky, section D comprised
cooling at 100°C/min (the limit of the infrared heating furnace) to 700°C where the
sample was held until austenite decomposition was complete. The detaks of cycle C are
shown in Table 5.1

Table 5.1 Detaks of cycle in section C

Testl

Test 2

Test 3

Test 4

Test 5

Hold time at 1450°C

0s

10 s

20 s

30 s

60s

Hold time at 1350°C

0s

10 s

20 s

30 s

60s

N u m b e r of cycles

6

6

6

6

6

A combination of surface roughening and short hold times at 1350°C and 1450°C resulted
in a poor quakty image using LSCM. Images of sufficient quakty could not be obtained,
therefore the analysis discussed in this section deals with the optical metallography
conducted to characterise the microstructure fokowing austenite decomposition.
Fokowing the thermal cycle, samples were mounted in Bakekte, pokshed, etched and the
microstructure assessed by optical microscopy. The resulting microstructures are

presented in Figure 5.9 to Figure 5.13, starting with 0 soak time at 1450°C and 1350°C and
ending with a 60 seconds soak time.
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T h e microstructure fokowing a zero-soak time cycle is characterised by large, blocky
structures, Widmanstatten and bainitic ferrite predominate over akotriomorph ferrite. No
pearkte is present, excess carbon has been rejected as inter and intra plate carbides. Large
delta-ferrite grains form during the 10-minute soaking time at 1450°C. The large deltaferrite grains form large austenite grains, which in turn, lead to the formation of
Widmanstatten or baintic structures. Hence, the structure observed in Figure 5.9 is as
expected. This test represents the baseline microstructure in this series of experiments. If
the development of a sub-structure does not play a role in the nucleation of austenite,
then ak microstructures fokowing austenite decomposition should exhibit a
microstructure similar to Figure 5.9. Grain growth wik ensure that even larger delta-ferrite
grains will result at increased soaking times.
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Widmanstatten and bainitic ferrite dominate the microstructure of the sample soaked for
10 seconds at 1350°C and 1450°C respectively. Some polygonal ferrite is present as wek as
a limited amount of pearkte. The structure is more refined than that of the previous
experiment and there are no large blocky features.
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T h e microstructure obtained from Test 3 (soaking time 20 seconds at 1350°C and 1450°C
respectively) is presented in Figure 5.11. The structure is comprised of polygonal ferrite
and pearkte with a gready reduced proportion of Widmanstatten ferrite and bainite. The

microstructure is distinctly different from those of Test 1 and 2. Considering that the onl
variable changed was the soak time at 1350°C and 1450°C, the formation of the

microstructure observed in Figure 5.11 can not be explained unless the austenite grain size
of Test 3 is smaUer than that of Test 1 and Test 2. This observation may be considered as

evidence that the development of a delta-ferrite recovery structure leads to the refinement
of the austenite grain size when delta-ferrite transforms to austenite.
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In Test 4, the microstructure depicted in Figure 5.12 shows an increase in the amount of
Widmanstatten ferrite and bainite compared to Test 3. The final microstructure observed
is shown in Figure 5.13, corresponds to Test 5, for which the soak time at 1350°C and
1450°C was the longest of ak the experiments, being 60 seconds. The microstructure is
characterised by large colonies of bainite and Widmanstatten ferrite, a smak amount of
pearkte is observed but inter- and intra-granular carbides dominate. Some polygonal
ferrite grains are observed, but represent a smak proportion of the total microstructure.
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Figure 5.13 Test 5 hold time 60 seconds at 1350°C and 1450°C

Test 1 0 second soak

Test 2 20 second soak

Test 3 60 second soak

Figure 5.14 Comparison of tests 1, 3 and 5

The sequences of microstructures presented in Figure 5.14 supports the concept of

utilising delta-ferrite recovery structure in microstructural control. The evid

through microstructural analysis of low carbon steel regarding the effect of ho
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delta-ferrite, supports supposition 2. That is, the recovery structures that developed with

time in delta-ferrite as a result of dislocations generated by the strains associated wit
austenite to delta-ferrite phase transformation have a significant influence on the
transformation of delta-ferrite to austenite and subsequendy on the microstructure that
develops with austenite decomposition. Progressing through Figure 5.9 to Figure 5.13,

with hold time starting at 0 seconds and increasing to 60 seconds, the final microstructu
is observed to be refined and modified up to a hold time of 20 seconds, but then becomes
coarser with increasing hold times.

To quantify the microstructure, characterisation was conducted through image analysis of
the volume percentage of the various decomposition products. The results shown in
Table 5.2 supports the quaktative observation that more polygonal ferrite forms with
holding times up to 20 seconds, but at longer holding times austenite transforms to a
Widmanstatten / bainite structure.

Table 5.2 Volume percentage of decomposition products

Experiment

Soak time (s)

Widmanstatten / Bainite

Polygonal Ferrite / Pearkte

1

0

99vol%

lvol%

2

10

92vol%

8vol%

3

20

6vol%

94vol%

4

30

34vol%

64vol%

5

60

95vol%

5vol%

In an attempt to further characterise and quantify the impact of the appked thermal cycles
on the microstructural development, Vickers hardness measurements were made of the
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five samples. A load of 10kg was used (due to the relatively coarse grain size of the

samples a large indentation was thought prudent to gain a representative hardne

combination of large indentation and smak specimen dimensions meant that a maxi

of five measurements could be made. The results, including the average hardness

standard deviation are tabulated and graphed in Table 5.3 and Figure 5.15 respe

Table 5.3 Hardness measurements, HV10

Testl

Test 2

Test 3

Test 4

Test 5

Hardness (HV10)

123.7

121.4

114.0

118.4

120.1

Std. Dev.

3.497

3.851

2.732

4.177

3.341

5

5

5

5

5

Number

of

measurements
Figure 5.15 Hardness results for tests 1 to 5, H V 1 0

Test Number

Despite the large standard deviations in the measured hardness numbers, the ap

of a T-test to the measurements indicates that the hardness of the Test 3 samp
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statistically different from the others. With a confidence greater than 9 9 % , the hardness of
this sample, subjected to a soak time of 20 seconds, was lower than Test samples 1 and 5,
the samples subjected to the shortest and longest soak times respectively. The hardness of
the Test 3 sample is lower than those of Test 2 and Test 4, with a statistical confidence

greater than 98%. This analysis provides a quantifiable measure to indicate that not only i
the thermal treatment modifying the microstructure but also the mechanical properties.

These findings are considered to have important impkcations for the process of strip
casting, where control of microstrucmral development through thermo-mechanical

processing is not possible. Additionaky, because strip cast steel is less than 2mm thick th
potential is enhanced for thermal processing to be used for microstructural control, as
thin sheet can be heated and cooled very rapidly, unlike the situation for conventional
casting product.

5.1.6 Summary
The aim of this part of the work was to interpret the novel observations of a sub-

boundary structure in delta-ferrite, to analyse growth behaviour during the delta-ferrite t
austenite phase transformation and to assess the potential for microstructural control
using a delta-ferrite sub-structure.

Sub-boundaries were observed in delta-ferrite. It is proposed that dislocations are
generated by the strains associated with the austenite to delta-ferrite transformation on
heating. These dislocations eventuaky form sub-boundaries through the process of
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polygonisation. Experiments were conducted with a ferritic stabiksed stainless steel
(3Crl2) that provided evidence in support of this proposed mechanism.

In an earker study, Yin et al [1999] proposed that finger-kke interface morphology

develops on transforming delta-ferrite to austenite. The interpretation they attached to the
observation was that a classical Mulkns-Sekerka instabikty develops in the advancing
interface leading to finger-like growth. This phenomenon was revisited in this
investigation. We also observed finger-like growth of austenite on the delta-

ferrite/austenite transition, but these 'fingers' were always associated with sub-boundaries
in delta-ferrite. Hence, we propose that the finger-like growth is not the result of
instabilities but is the result of preferential growth along sub-grain boundaries.

Targeted experiments were conducted to determine whether the recovery structure could
play a role in refinement of the austenite grain size and hence, to modify austenite
decomposition. Microstructural analysis combined with hardness measurements support

the proposition that the sub-boundary structure observed in delta-ferrite can play a role in
modifying the austenite decomposition products. The abikty to control microstructural
development without recourse to thermo-mechanical processing may have decided
advantages in near-net shape casting.
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5.2 Austenite Decomposition

The discussion presented in this section of the study deals foremost with the identificat
of mechanisms to explain the growth of alpha-ferrite with a cekular morphology and of
the nucleation of Widmanstatten ferrite. Metakographic and crystakographic orientation

analyses are conducted to assess the significance of in-situ observations made using lase
scanning confocal microscopy. Electron Backscattered Diffraction (EBSD) analysis was
employed to determine crystakographic orientations. A Leica Stereoscan 440 SEM fitted
with a Channel 4 EBSD system suppked by HKL Technologies was used for this
purpose.

5.2.1 Cekular Growth of Alpha-ferrite
Analysis of the microstructure of a low carbon steel that exhibited cekular like growth
characteristics, reproduced in Figure 5.16 and Figure 5.17, was conducted to determine

whether the cekular structure developed as a result of an unstable interface or whether t
formation of the cekular structure could be explained by some other mechanism. Optical
microscopy and Electron Backscatter Diffraction (EBSD) analyses were conducted on the
region in which the cellular growth morphology was observed (Figure 5.16). Initiaky a
kght poksh using a lp\m diamond-pokshing pad was used with the aim of producing a
smooth surface for effective EBSD analysis. The resulting microstructure is shown in
Figure 5.16, which reveals the cekular structure is still present, denoted as a series of
roughly parallel lines. The position of the prior austenite grain boundary, from which an

allotriomorph grew with a planar interface before decaying into the cekular morphology, i
indicated. An attempt to conduct EBSD on the sample prepared with a poksh without
etching proved to be unsuccessful. Due to the deformation layer created by mechanical
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pokshing, the resulting E B S D pattern was noisy and ik defined, and as such could not be
analysed. Further sample preparation was required to improve the final poksh and enable
crystakographic analysis to be conducted. Electro pokshing employing a Buheler
Electropol-5 removed the deformation layer caused by mechanical pokshing, thus
maximising the backscattered electron signal.
Location of prior
Austenite Grain Boundary
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100pm
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Region of cekular growth

°

Figure 5.17 Electrolyticaky etched

Unfortunately, this process whkst being successful in removing the deformation layer, did
result in the cekular microstructure being etched away (It wik be shown below that the
abikty to observe a cek-kke structure such as shown in the experimental results, Figure
4.15 and 4.16, is a unique feature of the laser-scanning confocal microscope). The
featureless region in Figure 5.17 is comprised of the akotriomorph and the region of
apparent cekular growth. The Widmanstatten plates on either side of this region however,

now stand out as a result of the inter-lath carbides being preferentiaky etched. From thi
etched microstructure certain conclusions can be drawn regarding possible alternative
mechanisms of the formation of the cekular structure. The cekular growth observed using
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L S C M is not pearkte, because the spacing of the ceks shown in Figure 4.15 is 5.6pm (the
interlamekar spacing of pearkte is an order of magnitude lower). Moreover, pearkte is not
revealed in the pokshed and etched photomicrograph.

The etched microstructure clearly shows that the cekular structure does not consist of
Widmanstatten ferrite plates intersecting the free surface from an obkque angle. It is
conceivable that Widmanstatten plates nucleating in the bulk could grow with such a

trajectory towards the surface that they might appear as a cekular structure. If that were
so, inter-lath carbides would have been revealed on etching. This is clearly not the case
the region associated with the cekular growth is featureless, comprised of alpha-ferrite
alone. There are no inter-lath colonies of carbides, as seen in the two regions of
Widmanstatten ferrite plate growth located to the left and right of the cekular region in
Figure 5.17. This observation provides chrect evidence discounting impingement of
Widmanstatten plates on the free surface resulting in only an apparent cekular growth
morphology.

The crystakographic orientation shown in Figure 5.18, is an EBSD map of the
akotriomorph/cekular ferrite region in Figure 5.16. The map is oriented in the same
direction, the austenite grain boundary is located on the right hand side and the
akotriomorph and cekular regions extend to the left. The Widmanstatten plate colony
terminates on the right hand border of Figure 5.18. The region associated which the grain
boundary akotriomorph and cekular growth region are a monokthic crystal. The
misorientation profile, which accompanies the EBSD map, fokows the red line located at
the bottom of the image. The variation in the crystakographic orientation of the cekular
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and akotriomorph regions varies by n o m o r e than 1.5°, indicating a uniform orientation.
When the scan crosses into the Widmanstatten ferrite region a 17° misorientation is
revealed between the two areas.

5
• -25 (Jin; Map2;Step-1 nm; Grid100h'75
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Figure 5.18 E B S D Analysis of cekular ferrite region

It could be argued that the observed cekular growth morphology is a surface anomaly, and
that pokshing has removed this surface layer thereby revealing the true bulk structure (a
planar growth morphology akotriomorph). However, if the formation of a cekular

structure during sokdification is considered, the fokowing becomes clear. Unlike dendritic
growth where significant segregation at the dendrite/kquid boundary is encountered, the

nature of cekular growth is different. Little segregation occurs along the waks of the cek
and as such a cekular structure is difficult to reveal metakographicaky. Hence,
observations and measurements of cekular morphology are usually restricted to low
temperature transparent systems such as succunonitrile, with the exception of the work of
Vandouseffk et al [1999]. Sokd state cekular growth was reported by Vandyoussefi et al,
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but they could only observe the presence of the cekular morphology metakographicaky
because in the high Nickel kon akoy used, the diffusivity of Nickel is 57 times higher in
delta-ferrite than in austenite. Nickel segregates to the cek waks, and hence subsequent

etching reveals the structure. In the present case, low carbon sikcon kiked steel was used

carbon diffusion in austenite and ferrite is fast and of the same order, and as such etchi
cannot be expected to reveal the cekular structure. This argument can also explain why
cekular growth morphologies in carbon steels have not been reported in the kterature
before, as metallographic examination through preferential etching cannot reveal this
structure. It remains to be shown why this morphology can be observed through the
utilisation of confocal microscopy.

The reasons why twin boundaries formed in austenite or prior austenite grain boundaries
can be observed in the confocal microscope fokowing austenite decomposition has been
reviewed in previous sections. A typical example of the two features is shown in Figure
5.19. A twin boundary, where a Widmanstatten ferrite colony has terminated, is observed

even after the austenite has transformation to alpha ferrite. In the austenite region the
etching grooved the surface and this groove remains even after the austenite has
transformed. Subsequent pokshing wik destroy traces of this twin boundary. In simkar
fashion, the cekular morphology that originated when pro-eutectoid ferrite formed in the
(a + Y) region were thermaky etched and grooves formed between the ceks in the
confocal microscope. Light pokshing has not completely removed the groves associated
with the cek waks, but the deep electropokshing did. The cekular structure is observed in
the confocal microscope because thermal etching reveals the structure. These grooves are
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removed during pokshing (electrolyticaky or mechanicaky) and etching cannot reveal the
structure because there is n o significant segregation to the cek waks.

i\ 50 pm
Figure 5.19 Optical Micrograph of Surface Features (Fe-0.158mass%C)

T h e use of the E B S D technique is therefore informative in determining h o w features
observed o n the free surface are related. In this case, the crystakographic relationship
measured in Figure 5.18 by revealing that the cekular region is monokthic indicates that
the growth morphology is cekular.

5.2.3 Sympathetic Nucleation
In an effort to estabksh the mechanism of formation of the Widmanstatten colonies of
the type s h o w n in Figure 5.20, Electron Backscattered Diffraction was conducted o n the
free surface of samples that exhibited these microstructural features during observation in
the laser scanning confocal microscope. If the development of Widmanstatten plates
occurs through an unstable interface mechanism then the crystakographic orientation of
the plates and akotriomorph must be the same as they are one continuous nucleation and
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growth event. Sympathetic nucleation however, is a process of secondary nucleation of
alpha-ferrite precipitates at the interface between the akotriomorph and the austenite
parent phase. As such, the crystakographic orientation of the Widmanstatten plates is
expected to be different from that of the akotriomorph on which they nucleated. The
mechanism of sympathetic nucleation assumes that the allotriomorph formed first, and

that subsequentiy alpha-ferrite precipitates nucleated on this akotriomorph and then grew
as plates. A representative SEM image showing a Widmanstatten colony and grain
boundary akotriomorph is presented in Figure 5.20.

A series of three misorientation profiles are presented in Figure 5.21 corresponding to the
structure observed in Figure 5.20 (in the EBSD maps the sample has been rotated 90
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degrees to the left with respect to Figure 5.20). In these E B S D maps, each colour
corresponds to a particular crystakographic orientation. The profile to the right graphs
change in orientation from point to point along the line of analysis.

UJJLV
Figure 5.21 E B S D analysis of a Widmanstatten ferrite colony
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T h efirstscan profiles normal to the direction of Widmanstatten ferrite plate growth, and
stays within the boundaries of the colony. The crystakographic orientation of individual

plates within the Widmanstatten colony is uniform with variations limited to less than on

degree. This analysis indicates that each plate within the colony has grown with exacdy th
same orientation, neither confirming nor disproving either of the nucleation mechanisms.

The second misorientation profile was generated to highlight the change in
crystakographic orientation when transversing across high angle grain boundaries. High
angle grain boundaries are those that show a misorientation greater than 15 degrees, and
are indicative of regions of the specimen that have formed from separate nucleation
events. Thus, in the second profile in Figure 5.21, the scan commences from the top of
the EBSD map, running normal to the direction of Widmanstatten ferrite growth, across
both edges of the Widmanstatten colony. The position on the map where the profile
crosses grain boundaries appear as sharp spikes with a misorientation of 55 and 34
degrees respectively. The misorientation of individual plates within the Widmanstatten
colony is less than one degree confirming the results from the initial scan.

The final misorientation profile starts in the Widmanstatten colony; runs parallel to the
growth direction and transverses the grain boundary akotriomorph. Within the

Widmanstatten colony there is a high degree of uniformity in crystakographic orientation,
as there is in the akotriomorph, both exhibiting variations of less than one degree.
However, there is a 6-degree misorientation between the grain boundary akotriomorph
and the Widmanstatten colony. This finding does not support the proposition that
Widmanstatten plates can form through the formation of instabikties in the propagating
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planar alpha-ferrite/austenite growth front. For the Widmanstatten colony to have
formed through a mechanism whereby the plates grow from perturbations in the planar
interface would require that the plates and akotriomorph be monokthic (with exacdy the
same crystakographic orientation). Evidendy this is not the case for this particular
Widmanstatten colony / akotriomorph combination.

It may be recaked that an impkcation of the mechanism of sympathetic nucleation is

that Widmanstatten plates nucleate on coherent ledges on an austenite/ferrite interface.
Further inspection of the nucleation and growth of Widmanstatten ferrite plates from a
grain boundary akotriomorph (previously shown in section 4.3.4) and recreated in
Figure 5.22 reveals the fokowing: the shape and growth behaviour of the akotriomorph

interface is not what might be expected of an incoherent interface; as it contains ledge
and has the appearance of a stepped structure. It is from these stepped ledges that the
Widmanstatten ferrite plates nucleate and subsequently grow.
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Figure 5.22 Sympathetic nucleation of Widmanstatten ferrite plates.

T h e specimen s h o w n in Figure 5.22 was subjected to crystakographic orientation analysis

using EBSD. This analysis revealed that there was a 9 to 10 degree misorientation between
the akotriomorph and the Widmanstatten plates. Hence, again in-situ observation and

crystakographic orientation analysis provide evidence in support of the conclusion that a
mechanism of sympathetic nucleation is responsible for the formation and growth of
Widmanstatten ferrite plates.

Another example of the crystakographic orientation relationship between the
Widmanstatten ferrite plates and the akotriomorph from which it grew is detaked in
Figure 5.23 and Figure 5.24. This analysis was conducted on the specimen that had
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exhibited an akotriomorph that grew with a cekular morphology. T h e formation of
Widmanstatten plates on this cekular akotriomorph can be fokowed in Figure 5.23, where

the plates are observed to nucleate then grow in a direction approximately 60 degrees t
the growth direction of the akotriomorph.

Cekular Growth

i

1 64pm

Nucleation of plates

i

1 64pm

i

1 64pm

Figure 5.23 Growth of Widmanstatten plates from cekular akotriomorph
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Figure 5.24 Misorientation profile

T h e resulting crystakographic orientation relationship between the two regions can be
ascertained from the EBSD map presented in Figure 5.24. A misorientation across the
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cekular/Widmanstatten interface of between 4 and 5 degrees has been measured at points
along the interface. The presence of a low-angle boundary indicates that sympathetic
nucleation has been the mechanism of formation of the Widmanstatten ferrite plates on
the akotriomorph.

It was noted in section 3.3 that apparent misorientation between precipitate plates and

grain boundary allotriomorphs may be an artefact as a result of plate bending, Krai [2000
In this study, the decomposition transformation has proceeded to completion; the matrix

has not been stripped away and therefore, the misorientation cannot be the result of plat
bending. The proposal by Aaronson and co-workers and supported by the work of
Spanos and Hak [1996], that Widmanstatten plates form by sympathetic nucleation on
allotriomorphs is supported by the crystakographic analysis presented above.

5.2.4 Growth Kinetics
In section 2.5.1 it was shown that the presence of surface defects can affect the
movement of grain boundaries on the free surface (the presence of a ckcular depression

was observed to retard to movement of a grain boundary triple point until the triple poin
was unpinned, Figure 2.25). A study of the growth of Widmanstatten plates indicates that
surface defects may also account for the variability of growth kinetics.
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t=32.5s

t=33.0s

Velocity Plate 9 = 78pm/s

Velocity Plate 9 = 52.5um/s

t=33.5s

Velocity Plate 9 = 67.3|0m/s

Figure 5.25 Possible pinning of plate o n surface defect.

T h e growth velocity of plate 9 in Figure 5.25 is fokowed over three frames, as it crosses a
surface defect, probably the thermal groove of a prior delta-ferrite grain boundary. The

growth velocity of the plate is reduced at the point where it crosses the defect, which may
be due to pinning of the plate. Therefore, the question arises as to 'whether the observed
acceleration and deceleration is merely a free surface phenomenon.
t=34.0s

t=34.5s t=35.0s

Velocity Plate 9 = 83pm/s

Velocity Plate 9 = 51pm/s

Velocity Plate 9 = 63pm/s

Figure 5.26 Variabikty in growth velocity in the absence of surface defects

A n indication that this is not the case is provided by analysis of the growth velocity of

plate 9 when the free surface is void of defects. This analysis is presented in Figure 5.26
covering three frames where the plate grows unimpeded by defects. Again, the velocity is
observed to fluctuate over a range of velocities remarkably simkar to the previous
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sequence, (plate velocities in p m / s 83-51-63 and 80-53-67). This growth behaviour

suggests that the observed fluctuation in the velocity of plates is not simply a free sur
affect, but related to the inherent behaviour of these plates.

Analysis of the kinetics of growth of Widmanstatten plates observed using LSCM

indicates that the growth rate does not exhibit a uniform growth velocity. The velocity is
seen to undergo acceleration and deceleration in a random manner. This growth
behaviour supports the observations of Onink et al [1995] and Eichen et al [1964] and
highkghts the limitation of quench-arrest-quench type experiments in the determination
of growth kinetics.

5.2.4 Summary
The aims of this part of the study was to gather new information regarding the nucleation
mechanism of Widmanstatten ferrite plates by using high temperature laser scanning
confocal microscopy; to determine whether alpha-ferrite could grow with a cekular
morphology and to estabksh the characteristic growth kinetics of Widmanstatten ferrite
plates.

Both the in-situ observations (using LSCM) and crystakographic orientation analysis
(using EBSD) supports the proposal that sympathetic nucleation is the mechanism by

which Widmanstatten ferrite plates nucleate. In-situ observations revealed that the plate
nucleate on ledges in the akotriomorphs interface. Subsequent EBSD analysis indicated a
10-degree misorientation across the akotriomorph/Widmanstatten interface. These
findings provide experimental evidence in favour of the sympathetic nucleation
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mechanism proposed by Aaronson et al [1999]. T h e proposal of T o w n s e n d and Kirkaldy
[1968] that Widmanstatten ferrite plates originate from instabikties in a growing

austenite/ ferrite interface, the so-caked Mullins-Sekerka type instabikty is not support
by the experimental evidence provided above.

Analysis of the cekular growth of alpha-ferrite observed in-situ using LSCM through
optical microscopy and EBSD faked to reveal the presence of any other microstructure
except alpha-ferrite. The monokthic crystallography of the akotriomorph region and the
cekular growth region is in stark contrast to the Widmanstatten ferrite colonies that
surround this area. The significance of the monokthic nature of the crystal structure is
the akotriomorph region and the cekular region that grows from it are in fact the same
grain. The only difference is that the morphology of the growth of that grain has changed
from that of an akotriomorph into a cekular morphology.

The growth kinetics of the Widmanstatten ferrite plates in one colony were analysed, and
found to be discontinuous, experiencing periods of acceleration and deceleration. This is
in agreement with prior studies of Eichen et al [1964] and Onink et al [1995], but the
limited number of observations combined with the inabikty to resolve finer detaks of the
growth mechanisms means that no definitive conclusions can be drawn. It was shown that
whke surface defects could pin an interface moving across a free surface, the observed
fluctuation in Widmanstatten ferrite plate growth rate occurred in regions where there
were no such surface defects. Hence, the varying growth rates of Widmanstatten ferrite
plates cannot be attributed to the presence of surface defects.
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CHAPTER 6 CONCLUSIONS

(1) A framework has been estabkshed for the identification of features observed
in laser-scanning confocal microscopy for the interpretation of events
occurring at high temperature. The fokowing phenomena received specific
attention:
• contrast effects associated with volumetric changes accompanying phase
trans formations
• thermal grooving of boundaries and the distinctive appearance of interfaces in
LSCM
• characteristics of twin boundaries, recovery sub-boundaries and interphase
boundaries
• retention of thermaky etched austenite and twin boundaries fokowing
austenite decomposition

(2) Analysis was conducted through serial sectioning and metakography to
determine phenomena that exhibit a correlation between events observed on the
free surface and events occurring in the bulk;
• austenite decomposition in both aluminium and sikcon kiked low carbon steels.
• delta-ferrite to austenite phase transformation.

(3) Phenomena significandy influenced by the free surface have been identified;

• the movement of boundaries intersecting the free surface, as previously assessed
in the work of Mukins [1960]
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•

an anomalous massive delta-ferrite to austenite phase transformation in kon-

carbon akoys.
• anomalous precipitation of non-metakic particles on the free surface.

(4) The feasibikty of conducting sokdification studies using LSCM was estabkshed
through observations of
• the apparent effect of crystakographic orientation on the morphology of
trans formation.
• a range of cekular structures including doublon.
• a range of grain boundary/kquid/sokd interface interactions.

(5) It has been estabkshed that directional sokdification studies cannot be
conducted with sufficient accuracy in the current design of the laser scanning
confocal microscope because the thermal gradient varies with temperature and
cannot be controked independendy nor be measured precisely.

(6) The interpretation attached to the mechanism of transformation of delta-ferrit
to austenite by Yin et al [1999] (the only previous LSCM study into this
transformation) has been questioned. More specifically:
• The calculation, based on the Mukins-Sekerka Instabikty Analysis, of the
expected scale of perturbation for the system studied by those researchers was
shown to be that for the minimum stable wavelength, the wavelength with the
lowest ampktude growth rate, 120pm.
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•

T h e wavelength that is expected to dominate was correctly identified here, as

per Mullins and Sekerka [1964] stabikty analysis, to be the fastest growing
Fourier component and calculated to be 213pm.
• we propose, and have found supporting experimental evidence that nucleation
of austenite occurs at grain corners in the bulk and not on the free surface of
the specimen as proposed by Yin et al [1999].

(7) Networks of low angle sub-boundaries were observed in delta-ferrite. It is
proposed that these sub-boundaries:
• are generated by the austenite to delta-ferrite phase transformation
• are not associated with prior grain boundaries
• possess interfacial energies in the range of 7% to 36% of the energy of deltaferrite grain boundaries.

(8) On the decomposition of delta-ferrite, newly formed austenite was observed
to grow preferentiaky along delta-ferrite sub-boundaries.

(9) An alternative mechanism was proposed for the development of an unstable
delta-ferrite/austenite interface, a phenomenon observed by Yin et al [1999]
and in the present study. We propose that preferential growth of the newly
formed austenite proceeds along sub-boundaries in the delta-ferrite phase.

(10) A delta-ferrite recovery structure was utilised to modify the final
microstructure and alter the mechanical properties of a low carbon sikcon
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kkled steel. This was achieved through selective cycling through the deltaferrite to austenite and austenite to delta-ferrite phase transformations. The
structures obtained ranged from Widmanstatten ferrite/Bainite to polygonal
ferrite/pearkte decomposition products.

(11) Evidence has been found that an advancing austenite/ferrite interface
can become unstable during the decomposition of austenite in proeutectoid
steel, resulting in a cekular growth morphology.

(12) Widmanstatten plate growth in low carbon steel was observed to occur
in a discontinuous manner and our observations cannot be adequately
described by a mixed mode or a diffusion controked transformation model.

(13) Widmanstatten ferrite colonies were observed to nucleate sympatheticaky from
grain boundary akotriomorphs, with a crystakographic misorientation ranging
between 5° and 10°.
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